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Summary (English)

The mechanical properties of semi-crystalline polymeric products are highly depen-
dent on morphology obtained during processing. For example, an ultra-high modulus
polyethylene �ber owes its strength to the formation of extended chain crystals rather
than folded chain crystals during �ber spinning. The imposed rate of deformation
along with the molecular architecture of the polymer determines the extent of molec-
ular deformation in the �ow and which, in turn, dictates the morphology of the �nal
product. Rheology, commonly known as "the study of �ow", can link molecular ar-
chitecture to the �nal morphology. While numerous experimental investigations on
the e�ect of shear �ow on crystallization and the �nal morphology of semicrystalline
materials exists, analogous studies performed in extension are much more limited.
This is due to experimental di�culties that only recently have been resolved with
development of the �lament stretching rheometer.

This thesis studies the link between the structure of a polymer liquid on the molec-
ular level and the morphology obtained by application of extensional �ow. A �la-
ment stretch rheometer enabling a controlled uniaxial extension of a viscous liquid
while simultaneously monitoring the response is used. This is combined with other
means of characterization, primarily ex-situ X-ray. Complexity of the investigated
systems increases throughout the thesis. First, amorphous model �uids of polystyrene
and poly(methyl methacrylate) are investigated to gain insight into the fundamen-
tal dynamics of linear polymer melts and solutions. We �nd experimental evidence
that the recently proposed phenomenon of friction reduction can explain the di�er-
ence in extensional behavior for diluted and undiluted polymeric liquids. Second,
semicrystalline systems (high density and low density polyethylene) in extensional
�ow are investigated as well as the morphology obtained after cessation of the �ow
and quenching of the melt. Chain conformation in the melt just before quench and
the �nal crystalline orientation are variables directly correlated with the measured
stress at quench. Last, the stabilizing e�ect of �ow-induced crystallization on uniax-
ially extended �laments above the equilibrium melting temperature is investigated.
Polyethylene in dilution and in melts is used. Experiments on the polyethylene so-
lutions reveal that although the samples phase separate, �ow induced crystallization
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prevents the �lament from complete disintegration and failure. In the undiluted
polyethylene, we �nd that the �ow induced crystallization prevents brittle fracture
during stretching. The more recently proposed description of the nucleating melt as a
crosslinking network is found to be in good agreement with the measured extensional
response. Overall, the �lament stretch rheometer enables true metrics for the de-
forming material (e.g., true stress, true strain), di�erent from engineering properties
to be measured, thus excluding any instrumental e�ects. For this reason, extensional
rheology which uses the �lament stretching technique is found to be a powerful tool
for the study of molecular dynamics in strong �ows and its link to the obtained
morphology.



Summary (Danish)

Mekaniske egenskaber for semikrystallinske polymerprodukter afhænger af den mor-
fologi som opnås under fremstilling. Et eksempel er ultra stærke polyethylen�bre hvor
den høje styrke skyldes at de dannede krystaller under �ber spindingen indeholder
udstrakte frem for foldede polymerkæder. Kombinationen af hastigheden hvormed
materialet deformeres og polymerens molekylære arkitektur afgør graden af mole-
kyledeformation under �ow som endvidere bestemmer morfologien af det endelige
produkt. Reologi (studie af �ow) kan agere bindeled mellem molekylær arkitektur og
den endelige morfologi. Der eksisterer mange eksperimentelle studier som omhandler
e�ekten af forskydnings�ow på krystallisation og opnået morfologi i semikrystallin-
ske materialer. Antallet af lignende studier i forlængelses�ow er langt mindre. Dette
skyldes eksperimentelle udfordringer som kun nyligt er blevet løst med udviklingen
af �lament stræk reometeret.

Denne afhandling undersøger sammenhængen mellem strukturen af polymervæsker
på molekylært niveau og morfologien som opnås i forlængelses�ow. Filament træk
reometeret, som muliggør kontrolleret forlængelse af en viskøs væske samt måling
af dens respons i �owet, er anvendt. Dette er kombineret med andre typer målinger,
primært ex-situ røntgen spredning. Kompleksiteten af de undersøgte systemer stiger i
løbet af afhandlingen. Først er studier på amorfe systemer af polystyren og polymetyl-
metakrylat undersøgt for at opnå viden om lineære opløsningers og lineære smelters
fundamentale dynamik. Vi �nder eksperimentel evidens for at den nyligt fremsatte
teori om friktions reduktion kan forklare forskellen i forlængelses respons mellem for-
tyndede og ufortyndede polymer væsker. Derefter studeres semikrystallinske systemer
(både lav densitet og høj densitet polyethylen) i forlængelses�ow samt morfologien,
som opnås efter ophør af �ow og bratkøling af smelten. Kædekonformation i smelten
lige inden bratkøling og den endelige krystallinske orientering er direkte forbundet
gennem den målte spænding i væsken lige inden bratkøling. Sidst undersøges e�ek-
ten af �owinduceret krystallisation på stabiliteten af �lementer i forlængelses�ow
over smeltepunktet. Både fortyndet og ufortyndet polyethylen er undersøgt. Under-
søgelserne på fortyndet polyethylen viser at �owinduceret krystallisation forhindrer
at �lamenterne knækker grundet faseseparation. For de ufortyndede polyethylener
observeres det at �owinduceret krystallisation forhindrer brud af smelten under for-
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længelse. Resultaterne viser yderligere at den krystalliserende smelte kan beskrives
som et krydsbundet netværk. Overordnet set, muliggør �lament stræk reometeret
måling af virkelige egenskaber (lokal spænding, og lokal deformation), forskelligt fra
"engineering" egenskaber, hvilke ekskluderer ind�ydelse fra instrumentering. Derfor
er forlængelses reologi, ved hjælp af forlængelses reometert, et stærkt analyseværktøj
til studier vedrørende sammenhængen mellem molekylær dynamik i kraftigt defor-
merende �ow og den efterfølgende opnåede morfologi.
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Chapter 1

Introduction

1.1 The dynamics of polymer chains in melts and

solutions

An unperturbed polymer chain in a melt or solution constantly reshapes itself due
to thermal �uctuations [1]. The rate of reshaping determines the linear rheology
(i.e., �ow dynamics at small deformations). In dilute solutions the dynamics of a
linear polymer chain is well captured by the Rouse model [2]. The model neglects
any chemical and hydrodynamic interaction and describes the polymer chain as a
random walk of N number of Kuhn steps (a Gaussian chain) [3, 4].

For entangled polymeric liquids, one model in particular has been proven successful
in predicting the linear viscoelastic rheology. This model is called the "tube model",
and it is based on ideas introduced by de Gennes, Doi and Edwards [5, 6]. The
basic concept behind the tube model is depicted in Figure 1.1. Here, a polymer in
an entangled melt is reduced to a primitive chain with limited ability to move in
its transverse direction due to entanglements with neighboring chains (Figure 1.1a).
E�ectively, the entanglements can be regarded as constituents of a tube surrounding
the test chain (Figure 1.1b). In order for the polymer to relax, it has to reptate−a
snakelike motion−out of the con�ning tube. The primitive chain between two en-
tanglements is described by the Rouse model as a random walk of Ne Kuhn steps
(Figure 1.1c). The tube model combined with the Rouse model, with additions such
as contour length �uctuation (CLF), dynamic tube dilation (DTD), arm retraction
and sticky Rouse, enables the rheology of a vast range of polymeric systems to be
described [7, 8, 9, 10]. Examples of polymeric systems that have been successfully
modelled include anything from simple linear melts, solutions, binary blends, and
polydisperse melts to complicated branched chain architectures such as stars, combs,
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Figure 1.1: A sketch of the tube analogy for entangled polymeric liquids. (a) A
primitive entangled polymer chain in a melt. The polymer test chain is well entangled
with neighboring polymer chains. (b) A simpli�ed picture of the polymer melt applied
in the original tube model. Here, the entanglements constitute a tube with a primitive
path. (c) An enlargement of one entanglement segment showing how the test chain
is reduced to a random distribution of connected Kuhn steps.

PomPom, and more recently, supramolecular systems [11, 12].

The tube model contains only three material parameters: the relaxation time of one
entanglement τe, the number of entanglements Z = N/Ne and as the plateau modulus
G0
N (i.e., the modulus obtained for the corresponding cross-linked material with no

free ends): τe and G0
N are material characteristics [13], while Z is a function of the

molecular weight.

1.1.1 Characteristic relaxation times

The Rouse model and the tube model enable characteristic relaxation times of a
polymeric liquid to be de�ned. For a linear unentangled polymer (i.e., in a dilute
solution), the characteristic relaxation time is the Rouse relaxation time [2]. It is
related to the number of Kuhn steps N and the relaxation time of one Kuhn step τ0
as follows:

τR = τ0N
2 = τeZ

2 (1.1)
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As seen, τR can be expressed in terms of tube model parameters (τe and Z) even
though it is derived for an unentangled polymer chain. Evidently, linear entangled
polymer chains also have a Rouse relaxation time. It is invisible in the linear regime
as the relaxation process is dominated by reptation. The reptation time (τd) is given
by [6]:

τd = 3τeZ
3 (1.2)

The above relation holds for large values of Z(i.e., Z > 100). For polymers having
10 < Z < 100, the exponent in Eq. (1.2) is closer to 3.4 due to CLF [14]. Unlike
τR, which is independent of concentration, τd scales with the polymer weight fraction
φ. In a molecular solvent, it scales linearly with φ. This scaling is also valid for
binary blends satisfying the Struglinski-Graessley criterion, which is Gr = ZL

Z3
S
> 1,

where ZL and ZS are the number of entanglements for the long and short component,
respectively. The criterion is derived from the argument that the constrain release by
Rouse (i.e., the combined reptation of the short chains and Rouse relaxation of the
long chains) must be faster than the reptation time of the long chains [15]. Larson
and Park later reconsidered the problem and showed that Gr > 0.064, which is the
more widely used version of the Strugliski-Graessley criterion [16].

Polydisperse systems are more complicated. Rather than having a single Rouse and
reptation time, the distribution in molecular weight causes the liquid to have a corre-
sponding distribution of relaxation times−one Rouse/reptation time for each molec-
ular weight fraction i. The Rouse relaxation time τR,i for a given molecular weight
fraction is still given by Eq. (1.1). Reptation in a polydisperse sample is complicated.
One has to consider reptation as a hierarchical relaxation where the short chains relax
�rst, thus diluting the long chains [17].

1.2 Molecular deformation in fast �ows

Polymer chains can be deformed by �ow if the deformation rates are su�ciently high.
The degree of chain deformation is evaluated on the basis of the Weissenberg number
Wi, which weighs the rate of deformation to the relaxation rate of the polymer [18].

SHEAR Wi = γ̇τ (1.3)

EXTENSION Wi = ε̇τ (1.4)

Here, τ can be any characteristic relaxation time, and γ̇ and ε̇ the deformation rates
imposed on the liquid in shear and extension, respectively [19]. The range of accessible
deformation rates is limited by the instrument, while the characteristic relaxation
time is determined by the polymer. For the characteristic Rouse and reptation time,
corresponding Weissenberg numbers WiR ∝ Z2 and Wid ∝ Z3, respectively, are
de�ned. It follows that for any given deformation rate, WiR < Wid.
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Figure 1.2: A sketch illustrating the three regimes of chain deformation−relaxed
(left), oriented (middle), and stretched (right).

Classical polymer physics operates with three regimes of chain deformation for en-
tangled systems−relaxed, oriented, and stretched. Figure 1.2 shows the fundamental
di�erence between the three regimes. The circles indicate one entanglement segment,
also known as a Gaussian "blob" [20, 21]. In the relaxed state (Wid < 1), the chain
can be described by a random walk of Z Gaussian blobs of diameter a. The equilib-
rium primitive path Leq is thus given by Leq = Za. The average end-to-end distance
〈R〉2 can be expressed as:

〈R〉2 = Za2 = Nb2, (1.5)

where b is the length of a Kuhn step. In the oriented regime (WiR < 1 < Wid),
the blobs start to align and the expression for 〈R〉2 (Eq. (1.5)) no longer applies.
The blob diameter does not change, and the primitive path L is unchanged as well
(L = Leq). In the case of a fully oriented chain, 〈R〉2 = Leq. For the stretched
state (WiR > 1), the blobs are deformed. For a mild stretch, the chain conformation
remains Gaussian within the elongated blob. For a large stretch, the conformation
becomes non-Gaussian. In the extreme case of a fully stretched chain, the primitive
path is given by L = Nb. From this, one can de�ne the maximum stretch ratio
λmax = Nb

Za =
√
Ne, where Ne = N

Z is the number of Kuhn steps per entanglement
segment. The exact onset of chain stretch is an ongoing discussion. Some claim
that chain stretch already occurs at WiR > 0.5 [22, 23], while others propose a
concentration dependency such that chain stretch occurs at WiR > φ [24].

1.2.1 Uniaxial extension - inherently a strong �ow

Extensional �ow, also referred to as a shear free �ow [19], exists in various forms:
uniaxial, planar, and biaxial extension. Uniaxial extension in Cartesian coordinates
comprise an elongation along one axis z and, due to mass conservation, a contraction
along the two remaining axes, y and x (see Figure 1.3). In planar extension, the
contraction only occurs along one axis y while x remains unchanged. A biaxial
extension, the inverse of a uniaxial extension, comprises an extension along two axes
y and x while the contraction occurs along the last axis z. This work concerns only
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Figure 1.3: A sketch of uniaxial �ow in cylindrical coordinates. (A) Inital cylinder
of diameter D0 and length L0. (B) Uniaxially deformed cylinder with diameter
D(t) and length L(t). (C) Stream lines around the midplane of the cylinder during
deformation.

uniaxial extension; hence, planar and biaxial extension are not discussed further.

The strain measure in a homogeneous uniaxial extension is known as the Hencky
strain ε:

ε = ln
L(t)

L0
(1.6)

L0 and L(t) are the initial length and the length at time t, respectively. For an
incompressible �uid, ε can be obtained from the change in diameter as well:

ε = −2 ln
D(t)

D0
(1.7)

with D0 and D(t) being the diameter analogues to L0 and L(t), respectively.

Uniaxial extension is vastly di�erent from shear in terms of polymer rheology. In-
herently, uniaxial �ow is considered a strong �ow relative to shear as it contains a
deformation gradient in the same direction as the deformation. Additionally, unlike
shear, extension contains no potential for molecular tumbling [25]. Extensional �ows
are found in many polymer processing unit operations, such as �ber spinning and
blow moulding. However, the literature on controlled uniaxial extension of polymeric
liquids is limited relative to the number of studies conducted in shear. That is due to



6 Introduction

experimental di�culties that only recently have been resolved with the development
of the Sentmanat �xture (SER) and the �lament stretch rheometer (FSR) [26, 27].

1.2.2 Filament stretch rheometry (FSR)

The �lament stretch rheometer developed at the Technical University of Denmark
enables a viscous liquid to be extended uniaxially. The advantage over other exten-
sional rheometers is the active feedback control loop that prevents �lament failure
caused by necking instability [28, 29, 30] and that enables the performance of various
types of experiments, such as constant rate (all the way to steady state), creep, and
stress relaxation [31, 32]. The commercially available tabletop version (VADER 1000
from Rheo�lament) is illustrated in Figure 1.4. The device consists of a top and a
bottom plate, between which the sample is sandwiched; a laser micrometer is situ-
ated in the midplane of the sample, a load cell is mounted on the bottom plate and
a convection oven with quarts windows encloses the sample. The sample is deformed
by movement of the top plate. The no-slip boundary condition at the plates results in
an inhomogeneous uniaxial deformation. As a consequence, the strain measure based
on the change in length (Eq. (1.6)) is no longer a true measure of strain but rather
a nominal strain measure, εN . The true Hencky strain is measured locally in the
mid�lament plane using the change in diameter ε (Eq. 1.7). The sample is assumed
to possess rotational symmetry in the pulling direction and axis symmetry across the
mid�lament plane. Neglecting inertia and surface tension, the corresponding mean
extensional stress di�erence in the mid�lament plane 〈σzz − σrr〉 is given as follows
[33]:

〈σzz − σrr〉 =
F (t)− 1

2mfg
π
4D(t)2

(1.8)

Here, F (t) is the force exerted by the �uid on the force cell, mf is the mass of the
sample, and g is the gravitational acceleration.

At low sample aspect ratios, a signi�cant shearing contribution due to the no-slip
boundary condition on the plates is present. This contribution is accounted for by
using following approximation [34]:

〈σzz − σrr〉 =
F (t)− 1

2mfg
π
4D(t)2

· 1

1 +
(
D(t)
D0

)10/3
exp(−Λ3

i )/(3Λ2
i )

(1.9)

Here, Λi = Li/Di is the initial aspect ratio of the sample, with Li and Di being
the initial length and diameter of the sample before prestretching. The last factor
corrects for the shearing contribution at low ε(t).

An additional feature of the VADER 1000 is �lament quenching. The oven can be
pushed upwards within 1 s, leaving the sample exposed to ambient conditions. The
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Figure 1.4: A sketch of the tabletop �lament stretch rheometer (VADER 1000).
(A) shows the entire instrument with the oven (1), oven knob (2), and force cell (3).
(B) A magni�cation of the circled area in (A) with the oven pushed back. Here, the
laser sheet (4), sample (5), top and bottom plate (6,7), and oven �oor with nitrogen
inlet (8) are shown. The sketch is modi�ed from [35]

resulting quench rate have been estimated to (∼ 10K/s) in the presence of a mild N2

�ow. Movement of the top plate is automatically disabled once the oven is opened to
prevent further stretching of the quenched �lament.

Constant Hencky strain rate experiments This study mostly reports the re-
sults of constant rate experiments. Here, the Hencky strain rate (ε̇) is kept constant
throughout the stretch according to the following:

ε(t) = −2 ln

(
D(t)

D0

)
= ε̇t (1.10)

1.2.3 The nonlinear behavior of polymers in extensional �ow

Strain hardening is believed to be a result of chain stretch and is identi�ed as an
upwards departure from the linear viscoelastic envelope (LVE) in a plot of the stress
growth coe�cient η+E = 〈σzz − σrr〉 /ε̇ versus time. The degree of strain hardening
in polymeric liquids depends on the chain architecture of the polymer (e.g., linear,
branched, comb, etc.) along with the molar mass and the extent of dilution. Fac-
tors like these in�uence the relaxation times and mechanisms causing the nonlinear
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behaviour to di�er.

1.3 The in�uence of fast �ows on the crystallization

of polymers

Deformation of polymer chains, particularly the high molar mass fraction, in strong
�ow �elds in�uences the morphology obtained upon cooling and the cessation of
the �ow [36, 37]. The deformation of polymer chains by �ow favors crystallization,
kinetically and thermodynamically. Kinetically, crystallization occurs because the
stretched chains resemble the crystalline ordering, lowering the kinetic barrier needed
for the polymer to crystallize. Thermodynamically, it occurs due to the entropy loss
upon molecular ordering that chain stretch induces [38]. In semicrystalline polymers,
chain deformation not only increases the rate of crystallization, but in some cases, it
also increases the structure of the formed crystallites [38, 39]. Figure 1.5 illustrates the
various crystalline morphologies obtainable for polyethylene (PE) depending on the
extent of molecular deformation prior to crystallization. Under quiescent conditions,
PE forms pointlike nuclei and crystallize into randomly oriented spherulites [40].
When crystallization occurs from a state at which the polymer chains are su�ciently
aligned by the �ow, needlelike nuclei are likely to form, resulting in shish-kebab
structures [41, 42]. This type of morphology is initiated by the formation of crystalline
�brils (shish) oriented along the �ow direction, followed by the subsequent growth
of lamellae stacks perpendicular to the �ow direction (kebabs). Depending on the
extent of molecular deformation, twisted or straight kebabs are obtained (Type I and
Type II, respectively). Type I forms at milder conditions compared to Type II.

Nuclei are created from so-called precursors−a rather fuzzy concept of locally aligned
chain segments with an increased potential for nucleus formation [44]. Precursors are
either pointlike or threadlike, giving rise to pointlike or needlelike nuclei, respectively.
The type and density of precursors can be divided in three regimes directly related
to the three states of chain deformation (relaxed, oriented, and stretched) de�ned
by the Weissenberg number Wi (see Section 1.2). 1) In the relaxed state (Wid <
1), no enhancement of precursor formation relative quiescent conditions is obtained.
As a result, the morphology is indi�erent from structures obtained under quiescent
conditions. That is a few but large spherulites. 2) In the oriented state (WiR <
1 < Wid), an increase of pointlike precursor density is obtained [45]. The resulting
increased number of nuclei results in a faster crystallization rate. The morphology
of the fully crystallized sample contains an increased number of spherulites with a
smaller radius relative to the spherulites obtained under quiescent conditions. 3) The
stretched state (WiR > 1) promotes formation of threadlike precursors initiating
formation of shish through needlelike nucleation [46].
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Figure 1.5: (Top) A schematic showing crystal structures of PE. Spherulitic mor-
phology (left) is obtained under quiescent conditions, shish-kebab of Type I with
twisted lamellae (middle) is obtained under conditions at which an intermediate
backbone stretch occurs, and shish-kebab of Type II with straight lamellae (right)
is obtained for a large backbone stretch. (Bottom) Corresponding 2D wide-angle
x-ray di�raction (WAXD) patterns along with di�raction planes given in brackets.
(Adapted from van Drongelen et. al [43])

The vast majority of studies investigating the the in�uence of �ow on crystallization
in polymers, employs the Janeschitz-Kriegl protocol [47, 36, 48, 49]. Here a sample
is heated well above its equilibrium melting temperature Tm to erase all thermo-
mechanical history. The temperature is subsequently lowered to a temperature below,
but close, to Tm where the quiescent crystallization rate is slow. The application of
a fast �ow in this regime causes a signi�cant increase in the rate of crystallization
referred to as �ow-induced crystallization (FIC) [46]. One advantage of this protocol
is that it enables FIC kinetics, such as crystalline nucleation and growth rates, to be
studied in isothermal conditions [50].

1.4 Thesis motivation

Solid properties of semicrystalline polymeric materials depend on crystallinity, which
in turn depends on �ow and rheology [51]. Connecting the three (rheology, crys-
tallinity, and solid properties) on a fundamental level is still an open problem [46].
Much experimental modelling work has been done on �ow-induced crystallization
(FIC) in shear, especially studies concerning kinetics [46, 52]. Due to experimen-
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tal di�culties, studies connecting crystallization and rheology in extension are quite
limited [53, 54, 55, 56, 27], especially studies concerning large deformations (ε > 4).

The aim of this study is to connect extensional rheology and crystalline morphology
in polyethylene, experimentally. All studies evolve around the FSR, and the experi-
ments are designed to investigate areas that cannot be explored by currently available
alternatives (e.g., SER). Such areas comprise experiments performed at high Hencky
strains, ε > 3.5, or experiments requiring an active control scheme (e.g., steady �ow,
stress overshoot or stress undershoot). Most morphological studies are performed
using ex-situ X-ray scattering; that is, small-angle X-ray scattering (SAXS) and/or
wide-angle X-ray scattering (WAXD). All the systems investigated contain a high
molar mass component to facilitate chain deformation during stretching. The data
are interpreted from the established framework for polymer physics, combining know-
ledge of chain architecture, molecular composition, and rheology. With this work, I
hope to provide insight into the extensional dynamics of polymeric liquids as well as
its in�uence on subsequent crystallization.

1.4.1 Thesis outline

The thesis is arranged such that the complexity of the studied system increases as
one advances through the chapters. The studied systems can be grouped into three
categories of increasing complexity during extension: 1) amorphous polymeric liq-
uids in uniaxial extension, 2) uniaxial extension and subsequent non-isothermal crys-
tallization, and 3) isothermal crystallization during uniaxial extension. To a large
extent, Chapters 2−6 are identical to the published/submitted/to-be-submitted ar-
ticles. Some parts, however, are left out, moved to the introduction, or placed in the
appendices to avoid unnecessary repetition. Each chapter contains an introduction
speci�c to the story in question, a description of the materials and method, and a
presentation, discussion, and conclusion of the �ndings.

Chapter 2 belong in category 1) and concerns the fundamental question of universality
in the dynamics of polymer melts and solutions. Experimentally, we show that by
incorporating recent ideas about friction reduction [57] in the design of a polymer
solution, the rheological behavior of a polymer melt can be mimicked, both in the
linear and the nonlinear regime.

Chapters 3 and 4 belong in category 2). The materials are semicrystalline systems
of various chain architectures. Using the FSR in combination with ex-situ SAXS
and WAXD, we study the response of the melts in extensional �ow as well as the
obtained morphology after the cessation of �ow and quench to room temperature.
The experiments are inspired by analogous experiments performed on deuterated
amourphous systems in which the structure was investigated ex-situ using small-



1.4 Thesis motivation 11

angle neutron scattering (SANS) [58]. The experiments are conducted at well above
Tm to prevent that FIC occurs during the extensional experiment. The advantage
of this protocol is that a quali�ed estimate of the molecular con�guration, due to
signi�cant advancements in nonlinear rheological theories, is obtained. Thus, the
molecular con�guration just before quench can be compared with the morphology of
the fully crystallized sample. The disadvantage, however, is that the crystallization
is nonisothermal; hence, crystallization kinetics of such systems is complicated to
elucidate.

Chapters 5 and 6 belong in category 3). Here, FIC above Tm is investigated in
extensional �ow. We use ex-situ SAXS and high-speed imaging to visualize the e�ect
of the �ow on crystallization. In addition, the time-temperature superposition (TTS)
principle is used to gain insight into the dynamics during stretching. TTS enables
the design of extensional stretch experiments performed at di�erent temperatures to
have the same stress-strain-response, assuming no crystallization is induced. The
failure of TTS is a sign that additional dynamics, apart from chain dynamics, has
taken place (e.g., FIC). We use the success/failure of TTS to interpret the onset and
progression of FIC in PE both in melt and in solution.

Chapter 7 summarizes the contributions of this PhD study to the �eld of extensional
rheology and the crystallization of polymers. It highlights key �ndings as well as
missing pieces in the puzzle that can be explored in future studies.

Appendices A-E contain supplemental material for the corresponding Chapters 2−6,
respectively. If the the article on which a chapter is based, is published, the appendix
contains the article in its published format, as well. The supplemental material con-
tains information unnecessary for the main message of the the story but relevant
for parties interested in reproducibility, validity, or just details in general. Exam-
ples of information found in these appendices are detailed experimental procedures,
uncertainty assessments, descriptions of implementations of models in MatLab, un-
normalized plots of data, and technical drawings.

Appendix F contains a review article on oscillatory squeeze �ow in its full length and
original layout. This article reports work performed as a part of this PhD study;
however, the scope of the article is too far from the scope of the thesis to make a
chapter.
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Chapter 2

Linear and nonlinear
universality in the rheology of
polymer melts and solutions

Understanding the dynamics of polymeric liquids has great importance in
the design and processing of soft materials. While slow �ow dynamics is
now resolved, fast �ow dynamics is still unsolved, especially due to the lack
of experimental evidence. We here manipulate a poly(methyl methacry-
late) solution into exhibiting the same �ow behavior as a polystyrene melt.
Strikingly similar responses of the �uids are seen both in slow and very
fast �ow. With this discovery we show that dynamics in polymeric liquids
can be generalized and captured in one single polymer physics model.
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Universality of molecular dynamics is a fundamental assumption in polymer physics
[59, 60]. It is the underlying framework of the most successful theoretical model,
known as the tube model [5, 6]. The signi�cance of this assumption is that model
systems at room temperature, i.e., polymer solutions, could be used to represent
polymer melts at elevated temperatures. While the existence of a room temperature
model material would be highly desirable, unfortunately a polymer solution with the
same fast �ow dynamics (nonlinear behavior) as a polymer melt has not yet been
observed. It was recently shown that two linear polymeric systems with the same
number of entanglements exhibit identical slow �ow dynamics (linear behavior), but
strikingly di�erent nonlinear behavior [61]. The lack of evidence of universality in
strongly nonlinear conditions leaves one wondering whether such an assumption is
valid. For two polymeric systems to have identical �ow dynamics, researchers have
hypothesized that they must have the same following characteristics: (i) the same
number of entanglements, (ii) the same degree of �exibility (number of Kuhn segments
per entanglement), and, very recently, (iii) the same potential for monomeric friction
reduction [57]. Whereas systems with identical characteristics (i) and (ii) have been
studied [62, 63], systems with the same characteristics (i)�(iii) have not, the reason
being that usually characteristic (ii) can never be adjusted without compromising
characteristic (iii).

This study observes universal behavior between a polymer solution and a polymer
melt with the same three characteristics, con�rming the assumption of universality
in polymer physics for both linear and nonlinear dynamics. The following is a brief
description of how to manipulate all three characteristics independently.

2.1 Adjustment of tube dimensions and friction re-

duction

The number of entanglements per chain (Z), characteristic (i), is solely responsible
for the linear response of a polymeric liquid [61]. It is given by the ratio of Kuhn
steps in the entire chain (N) over Kuhn steps per entanglement segment (Ne), or
analogously on a molar mass basis

Z =
N

Ne
=
Mw

Me
. (2.1)

Here, Mw and Me are the molar masses of the entire chain and one entanglement
segment, respectively. As Me is independent of polymer molar mass, the number
of entanglements can be adjusted from the molar mass of the polymer as it scales
linearly withMw. The addition of a solvent to a polymer melt increasesMe. However,
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a proportional change in Mw may be used to keep the number of entanglements
unchanged.

The number of Kuhn steps per entanglement Ne, characteristic (ii), becomes im-
portant in the nonlinear regime [64]. Ne describes the rigidity of an entanglement
segment and is used in several nonlinear models [65, 66, 67, 12, 68, 69]. For an
undiluted polymer, Ne is determined by its chemistry alone. Adding a solvent to
an entangled polymeric liquid will increase the spacing between entanglements, thus
increasing the number of Kuhn steps per entanglement segment. In a solution with
a given polymer concentration (φ) the number of Kuhn steps between entanglements
(Ne(φ)) scales as

Ne(φ) = Ne(1)φ−α. (2.2)

Here, Ne(φ) is the number of Kuhn steps per entanglement segment for the undiluted
system and α is the dilution exponent with a value between 1 and 1.3, depending on
concentration [70]. It is realized that dilution increases Ne; hence, the only way to
match Ne between a polymer melt and a solution is to have two di�erent chemistries.
Thus, by allowing a change in chemistry and molecular weight, both Ne and Z can
be adjusted independently.

As previously mentioned, no two polymer liquids having identical characteristics (i)
and (ii) (i.e., the same Ne and Z) have shown the same nonlinear behavior. In fact,
evidence of the contrary is available [61]. Hence, experimental evidence suggests that
Z and Ne alone cannot account for the nonlinear behavior of polymeric liquids. This
is why the third concept, monomeric friction reduction, proposed by Ianniruberto and
co-workers is important [57]. Friction reduction, characteristic (iii), encountered in
nonlinear �ows, arises from the anisotropic environment locally around the polymer
chain [57, 71]. In the case of diluted polymers, traditional (small) solvent molecules
remain isotropic even at large deformations, inhibiting any �ow-induced monomeric
friction reduction. The very nature of friction reduction seemingly disrupts any possi-
bility of ever obtaining a solution that behaves as a melt, unless the solvent molecule
possesses the same potential for friction reduction as the polymer itself, i.e., such as in
the case of oligomers. Using oligomers (polymers with less than 100 repeating units)
as the solvent is a potential method of matching the friction reduction between the
polymer and the solvent. Molecular dynamics simulations of polystyrene oligomers
have shown that the degree of friction reduction in fast shear �ows indeed increases
with increasing molar mass of the oligomers [61]. Hence, we hypothesize that the
friction reduction of a polymer solution increases as the number of oligomer Kuhn
steps Ns increases. Yet, in order not to create a binary blend of polymers where Ne
is �xed, Ns must be smaller than Ne to avoid forming any additional entanglements,
i.e., Ns/Ne < 1. On the contrary Ns/Ne should be as large as possible in order to
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Table 2.1: Material characteristics of PS melts and PMMA solutions.

Sample φ α Z Ne Ns/Ne
PS-285k 1.00 ... 21 22 ...
PMMA-270k/o-4k 0.45 1.17 20 23 0.67
PS-100k 1.00 ... 7.7 22 ...
PMMA-86k/o-4k 0.51 1.08 7.0 20 0.59

have a similar potential for anisotropy and hence friction reduction as a melt.

2.2 Materials

Solutions investigated in this study are prepared from poly(methyl methacrylate)
(PMMA) withMw = 86 kg/mol (PMMA-86k) andMw = 270 kg/mol (PMMA-270k).
From the linear rheology, Z is estimated to be 14 for PMMA-86k and 52 for PMMA-
270k, see Appendix A.2 for details. Ne is estimated to be 10 and 9, respectively [72]
[73]. Oligo(methyl methacrylates) of various lengths are investigated as the solvent
for the samples. Among the various options (see see Appendix A.2 ), an oligomer
of Mw = 3.5 kg/mol (referred to as o-4k) is found to be the most optimal solvent
for this study, i.e., the longest solvent molecule that does not form entanglements.
The reference materials that we aim to mimic using PMMA are two polystyrene (PS)
melts. They have previously been characterized by Nielsen et al. and Huang et al.
[61, 74], one with Mw equal to 103 kg/mol the other with 285 kg/mol, referred to as
PS-100k and PS-285k, respectively. Undiluted PS is known to haveMe = 13.3 kg/mol
and analogously Ne = 22 [61, 13]. Characteristics of these samples related to the
tube model are given in Table 2.1. Diluting PMMA-86k and PMMA-270k in o-4k
yields the solutions PMMA-86k/o-4k and PMMA-270k/o-4k, respectively, with the
characteristics given in Table 2.1. Values of Z and Ne for the PMMA solutions
and the reference PS melts are in good agreement (within ±10%). Furthermore, we
observe that Ns/Ne for the PMMA solutions are close to 1 without exceeding it, as
required.

2.3 Linear and nonlinear rheology

The linear and nonlinear response of the PMMA solutions and PS melts are shown
in Figures 2.1a and b, respectively. The linear response is obtained from a small am-
plitude oscillatory shear (SAOS) �ow whereas nonlinear characterization is obtained
from uniaxial extension (see Appendix A.2 for experimental details).
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Figure 2.1: Nondimensional mechanical response of the PS melts and the PMMA
solutions. Samples have a similar number of Kuhn steps between entanglements
Ne, degree of friction reduction, and pairwise matching number of entanglements Z.
Closed symbols indicate samples with Z ≈ 20, open symbols samples with Z ≈ 7.
Black indicates reference data for pure polystyrene melts [61, 74]. (A) The linear
response from small amplitude oscillatory shear, expressed in terms of normalized
dynamic moduli versus normalized frequency. (B) The response of melts and solutions
in extensional �ow at various nondimensional rates of deformation (WiR). The results
are expressed in terms of the normalized stress growth coe�cient. Samples with Z ≈ 7
have been shifted horizontally one order of magnitude higher for clarity. Solid and
dashed lines are linear predictions obtained from �ts of the SAOS data.
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The linear response (Figure 2.1a) is expressed in terms of the dynamic moduli G′ and
G′′ versus frequency (ω), representing the elastic and viscous response of the �uid,
respectively. The solvent is expected to contribute an amount to G′′ = (1 − φ)ηsω,
where ηs = 410 Pa s is the solvent viscosity. Hence, the solvent only contributes
a negligible amount to the moduli and the solvent does not a�ect the universality
argument. The dynamic moduli have been normalized by the characteristic plateau
modulus (G0

N ), a hypothetical value of the plateau in G′ for ω → ∞. Frequency
is normalized by the characteristic time τe related to the second crossover of the
dynamic moduli. The parameters G0

N , τe, and Z may be extracted from models such
as the Baumgaertel-Schausberger-Winter spectrum or the Likhtman-Mcleish model
(see the Appendix A.2 ) [75, 10].

From the linear characterization in Figure 2.1a, it is seen how samples with the same
Z overlap, as expected. Tube stretch and friction reduction are inactive under these
conditions and, consequently, Ne as well as the type of solvent are irrelevant for the
observed similarity.

The most severe nonlinear behavior of polymers is encountered in extension, including
uniaxial extension. This study employs the �lament stretching rheometer (see Section
1.2.2) to measure the fast �ow dynamics of melts and solutions [26, 32, 28]. The
instrument measures the stress in the polymer sample by monitoring the axial force
and the mid�lament diameter. This study performs extensional measurements at a
controlled rate, the Hencky strain rate ε̇. The resulting response of the polymeric
liquids is shown in Figure 2.1(b). It displays the transient behavior in terms of the
extensional stress growth coe�cient, given by

η+E(t) =
σzz − σrr

ε̇
(2.3)

Here, σzz and σrr represent the axial and radial component of the stress tensor,
respectively. Normalization of η+E(t) is based on a characteristic viscosity given by
the plateau modulus G0

N and the characteristic Rouse relaxation time scale for the
whole polymer chain τR = τeZ

2 (see Appendix A.2 for more details). In addition,
the linear prediction obtained from �tting the Baumgaertel- Schausberger-Winter
spectrum to the SAOS data is shown as solid and dashed lines in Figure 2.1(b).

Each upturn represents a single �lament stretch experiment, performed at a given
constant ε̇. To enable comparison, strain rates are given in terms of nondimensional
Weissenberg numbers (WiR = ε̇τR indicated at each experiment) instead of the
absolute value ε̇. WiR, as described in Section 1.2, compares the Rouse relaxation
time of the chain contour length τR to the imposed rate of deformation ε̇ [18]. As long
as WiR < 1 the number of Kuhn lengths between entanglements Ne is unimportant.
However, for WiR > 1 motions on the scale of a Kuhn length occur, and therefore
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Ne becomes an important parameter. In a similar way friction reduction is only
activated in a highly anisotropic environment experienced at WiR > 1, where chains
are aligned and stretched [23].

In Figure 2.1(b) good agreement with the linear prediction is observed forWiR << 1,
as expected. At larger WiR a clear deviation from linear behavior is observed. This
upward deviation of η+E(t) from the linear prediction is known as strain hardening.
The most important characteristic is that the transient behavior of PS melts and
PMMA solutions stretched at the same WiR is the same for all time, for all exper-
iments. This similarity between melt and solution behavior has, to our knowledge,
never been observed before.

A plateau region is observed for η+E(t), towards the end of each stretch experiment in
Figure 2.1(b). Here, the polymeric liquids reach a steady state extensional viscosity
ηE . These values are plotted against WiR in Figure 2.2. In the linear regime,
extensional viscosity ηE is often expressed in terms of the zero shear rate viscosity
η0, where ηE = 3η0. Theoretically, ηE/3η0 → 1 as WiR → 0 for linear polymeric
liquids, as is indeed the case here.

The PMMA solutions prepared in this work exhibit an initial increase in ηE , fol-
lowed by a steady decrease. The increase is more pronounced for a low number of
entanglements both for the solutions and the melts. Furthermore, for liquids with a
su�ciently high number of entanglements, ηE follows the power law ηE ∝ Wi−0.5R ,
previously only observed for polymer melts [31]. Overall, the PMMA solutions and
PS melts with the same three characteristics behave identically.

2.4 Discussion

The ability of the oligomer to induce friction reduction can be explained from the
concept of average orientation introduced by Yaoita et al. [71]. Assuming an isotropic
solvent, they model friction reduction by introducing an average orientation tensor
S̄ = φSp with Sp being the polymer orientation tensor. The greater the average
orientation, the greater the friction reduction. It is seen that the average orientation
clearly is reduced as the concentration of polymer φ is reduced, and consequently the
degree of friction is reduced.

In this work, the o-4k solvent is orientable, i.e., nonisotropic. Intuitively, there must
be an additional contribution to the average orientation from the solvent such that
S̄ = φSp + (1−φ)Ss where Ss is the orientation tensor of the solvent. Therefore, the
average orientation of the solution is higher than if a molecular (isotropic) solvent
were used, promoting friction reduction as expected in a melt. Note that in the
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Figure 2.2: Normalized steady state viscosity as a function of the Weissenberg
number. (A) Compares samples with Z ≈ 20. (B) Compares samples with Z ≈ 7.
Black indicates reference data [61, 74].

Figure 2.3: Normalized stress growth coe�cient (symbols) for three di�erent poly-
mers extended at a Weissenberg numberWiR = 6.7. Solid lines indicate the predicted
linear response. Black indicates reference data [61].
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limiting case where Ss ≈ Sp there should be little di�erence between a melt and a
solution.

To demonstrate this concept further, the e�ect of using a solvent molecule with
Mw = 2.1 kg/mol (o-2k), i.e., half the size of the utilized o-4k, is seen in Figure 4.
It is seen that the steady state viscosity of the PMMA solution containing the o-2k
solvent (PMMA-270k/o-2k) exceeds that of the two others, PMMA-270k/o-4k and
PS-285k. This supports the hypothesis that the o-2k solvent contributes less to the
average orientation than the o-4k, resulting in less friction reduction.

To conclude, we have shown experimentally that universality of polymer dynamics
can be extended from the linear regime far into the nonlinear regime. The concept
of monomeric friction reduction seems valid and perfectly explains the previously
unsolved discrepancy between the response of polymer melts and solutions in fast
�ows where both Z and Ne are the same. As a result the number of characteristics
needed to fully describe �ows of polymeric liquids across all deformation regimes can
be narrowed down to the three presented here.

These results have both positive and negative implications, the positive being that we
now have a method of systematically designing model materials for linear entangled
polymers and most likely other macromolecules and polymers with other types of
architectures due to the proof of universality [76]. Unfortunately, the in�uence of
friction reduction means that diluting polymers with conventional molecular solvents
can never result in a proper model material for a polymeric melt since a disparity
in friction reduction between the polymer and solvent increases the strain hardening
behavior. Hence, the use of polymeric solutions as model materials for polymeric
melts seems very limited. The important take home message is that this data set
o�ers a complete experimental framework for which to test all future models, which
evidently must include physics relating to the number of entanglements, the �exibility
of the chain, and the monomeric friction reduction of both the polymer and solvent
when applicable. In closing we remark that universality has been demonstrated
on the macroscopically observable stress. It is interesting to consider whether this
re�ects universality on the molecular level, which in the future could be observed by
techniques such as dielectric spectroscopy or neutron scattering [77, 78].
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Chapter 3

In�uence of extensional stress
overshoot on crystallization

of LDPE

Low density polyethylene (LDPE) shows a stress overshoot in start-up
of strong uni-axial extensional �ows of constant rate. It is believed that
the overshoot is caused by a contraction of the polymer backbone due to
alignment of the long chain branches. The consequence being, that the
molecular strain of the backbone does not increase monotonically with the
global strain of the melt. In this study we investigate the semicrystalline
morphology of LDPE quenched before, after and at the overshoot. We
do this by combining �lament stretching rheometry with ex-situ X-ray
scattering. It is found that the overshoot indeed is re�ected in the orien-
tation of the crystalline domains of the quenched �laments. In a broader
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perspective, we show that the �nal crystalline morphology is determined
by the stress at quench - not the strain at quench. With these �ndings we
con�rm that the much debated overshoot has a physical origin. More im-
portantly, we conclude that even for complex architectures like branched
systems, the crystalline orientation is determined by the backbone stretch
rather than the global stretch of the material.

The molecular architecture of polymers in�uences melt rheology, crystallization ki-
netics, and solid state mechanical properties [79, 80, 81, 82]. A classical example is
the e�ect of introducing long-chain branching in polyethylene yielding low density
polyethylene (LDPE) as opposed to the linear analog of high density (HDPE) [83].
In the case of melt rheology, introduction of branches results in longer relaxation
times, often several orders of magnitude, depending on the degree of branching and
length of the branches [84]. This, however, is not the only rheological consequence of
introducing branches. For the past decade, it has been known that branched poly-
mer melts in start-up of nonlinear uniaxial extension show a fundamentally di�erent
behavior from linear polymers in such �ows [85]. Linear polymers deformed at a con-
stant extension rate (Hencky strain rate ε̇) initially show a gradual increase in stress.
At higher strains (ε), the stress saturates and remains at steady value [86]. Branched
polymers, on the other hand, exhibit a stress overshoot before reaching steady state
[85]. The overshoot has been explained using the argument that branches enhance
the friction between a single molecule and its surroundings causing the backbone to
be stretched further than its linear analog would be. However, as the arms along with
the rest of the molecule, are aligned by the �ow, the friction decreases and the back-
bone contracts to a less stretched con�guration at which the steady stress is reached
[85, 87]. This process is often referred to as branch point withdrawal [20]. A sketch
of LDPE's nonlinear extensional behavior along with the molecular interpretation is
shown in Figure 3.1.

The extensional stress overshoot and the subsequent steady regime have not been
extensively studied. It was originally reported by Rasmussen et al. observing the
overshoot in constant rate experiments using a �lament stretch rheometer (FSR) [85].
The results gave rise to discussions on whether the overshoot was a material property
or an experimental artifact. [88, 89, 90]. In the wake of this debate followed a limited
number of publications that further investigated the phenomenon. The experiments
consisted of stress relaxation, creep and cross-slot �ow combined with birefringence.
They all con�rmed the existence of an overshoot [91, 92, 93, 94]. To our knowledge no
one has yet looked at the overshoot e�ect on the �nal crystalline morphology of LDPE.
This, however, is a problem of interest as the crystal morphology of polyethylene (PE)
is known to change depending on processing conditions [51] (see Section 1.3).

It is a long-standing tenet that chain stretch is the key determining factor for �ow-
induced crystallization [48]. Indeed, this postulation is a key assumption of molecular
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Figure 3.1: Schemaitc of the overshoot observed in nonlinear uniaxial extension of
LDPE (- -). The classical Doi-Edwards (DE) prediciton is shown as a reference (−).
The proposed transient molecular conformation (�ow direction is vertical) is shown
as well for selected points along the stress curve.

models [52, 95]. However, it has not been possible to directly verify this central idea
from shear experiments. Because of vorticity, shear �ow is not strong enough to
make large extension of polymer chains compared to extensional �ow. This is where
the overshoot in extension becomes interesting for the crystallization properties. If
the proposed molecular picture is correct and hence that the backbone is stretched
further at the stress maximum compared to the steady state stress, samples quenched
and crystallized at the stress maximum (intermediate Hencky strains) would show a
greater orientation compared to samples quenched in the steady �ow regime (high
Hencky strains). This is somewhat counterintuitive as one would expect to �nd
the most oriented structures at the highest strains - not at intermediate strains as
proposed above.

In this work we use a commercial LDPE to investigate the in�uence of the stress over-
shoot in the melt on the �nal morphology of the solid LDPE �laments. In order to do
so, we study �laments stretched above the melting temperature at several constant
deformation rates [96] and quenched before, during and after the overshoot in nonlin-
ear uniaxial extension. The nonisothermally crystallized �laments are characterized
ex-situ using small-angle X-ray scattering (SAXS) and wide-angle X-ray di�raction
(WAXD) to determine the morphology and the degree of orientation. Finally we at-
tempt to link the stress at quench to the �nal morphology by estimating the stretch



26 In�uence of extensional stress overshoot on crystallization of LDPE

of the backbone during extension.

3.1 Experimental details

3.1.1 Materials and method

A commercial long-chain branched polyethylene "Lupolen 3020D" from BASF was
used in this study. The sample has a weight-average molar massMw of 300 000 g mol−1,
a polydispersity index (PDI) of 8, and a melting point (Tm) of 114 ◦C [91]. The rheol-
ogy of the system is well known and exhibits a clear overshoot in nonlinear extension
[85, 91, 92].

The samples where stretched at a constant Hencky strain rate using the FSR (VADER
1000) described in Chapter 1.2.2 and subsequently quenched at various Hencky
strains. The experimental procedure was carried out as follows. LDPE discs of vary-
ing height (0.5 − 3 mm) and diameter (5.4 − 9 mm) were placed in the FSR, heated
to 150 ◦C, prestretched to a desired D0, and then left to relax for more than 15 min
to erase any residual orientation left in the sample. The temperature was lowered to
the experimental temperature, and uniaxial stretching was performed. The samples
were quenched to room temperature at the desired Hencky strain εq by opening the
oven.(See Appendix B.2 for sketch of the thermal protocol employed during �lament
stretch and quench). A light �ow of nitrogen gas (25 ◦C) was applied to accelerate the
quenching. From numerical simulations the quench rate was estimated to 10 K s−1.
Since the stress relaxation times have been estimated around 100 s, the quenching
process is expected to be almost instantaneous in most situations [91]. In order for all
the samples to experience the same quench history, all experiments were designed in
such a way that the diameter at the point of quenching (Dq) was ∼ 0.55 mm. In order
to achieve this for samples with di�erent εq all samples were prestretched accordingly
using Eq. (1.10), with D(t) = Dq such that D0 is the adjustable parameter.

3.1.2 Ex-situ X-ray measurements

WAXD and SAXS were performed on the quenched �laments utilizing a SAXSLAB
instrument (Ganesha from SAXSLAB, Denmark) with a 300k Pilatus detector of
pixel sizes 172×172µm. The �laments were mounted vertically such that that the X-
ray beam passed through the midplane of the �lament where the deformation history
is known. The X-ray wavelength was 1.54Å for both WAXD and SAXS while the
distance to the detector was ∼ 118 mm for the WAXD measurements and either
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∼ 1020 or ∼ 2240 mm for the SAXS measurements. 2D intensity patterns of good
resolution were obtained using an exposure time of 5 min.

The orientation of the crystalline domains, expressed in terms of Herman's orientation
factor FH , was determined on the basis of the large scale structural characteristics
from kebabs which is seen as the lobes in SAXS (see Figure 3.3) [43]. Herman's
orientation factor FH is given by Eqs. (3.1) and (3.2), assuming axial symmetry
along the stretch direction [97]:

FH =
3
〈
cos2 φ

〉
− 1

2
(3.1)

Here
〈
cos2 φ

〉
is the average cosine squared of the angle between the normal of the

lamellae kebab stacks and the �ow direction, estimated from integrals of the azimuthal
SAXS intensity pro�les (see Appendix B.2 for an example of an azimuthal intensity
pro�le):

〈
cos2 φ

〉
=

∫ π/2
0

I(β) cos2 β sinβ dβ
∫ π/2
0

I(β) sinβ dβ
(3.2)

Here I the scattering intensity and β is the azimuthal angle. FH gives an overall
indication of the crystalline orientation based on scattering from kebabs in the crys-
talline domains. From the de�nition in Eqs. (3.1) and (3.2), isotropic orientation of
crystallites gives FH = 0. Complete orientation with respect to the �ow direction, i.e.
shish oriented 100 % along the �ow direction and kebabs only growing perpendicular
to it, gives FH = 1. The opposite scenario where shish grows perpendicular to the
�ow, would yield FH = −1/2.

3.2 Results and discussion

The nonlinear rheological response of the Lupolen 3020D in uniaxial extension is
shown in Figure 3.2a and b. Symbols along the stress curve indicate points at which
samples were quenched and nonisothermally crystallized. In Figure 3.2b it is seen that
�laments were quenched at Hencky strains before the overshoot, at the overshoot,
after the overshoot and well into the steady regime. At the highest strain rates
ε̇ = 0.3 s−1 and 0.6 s−1 it was not possible to obtain points past the overshoot due
to fracture of the �lament [98]. In Figure 3.2b samples stretched at ε̇ = 0.1 s−1 and
varying temperatures are seen. No signi�cant change in the stress response for LDPE
above Tm is observed - only an expected small, vertical shift which is explained by the
time-temperature superposition principle[99]. Below Tm there seems to be a small
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indication of crystallization taking place toward the very end of the experiments.
This e�ect is best seen for the stretch performed at T = 110 ◦C where a small upturn
appears around a Hencky strain ε = 3. An experiment performed at an even lower
temperature T = 108 ◦C was also conducted. Here the rate of crystallization was so
severe that the stress response diverged completely and fracture occurred before the
end of the experiment, disqualifying the sample for further testing.

Figures 3.2c and d show orientation of the crystalline domains for the quenched
samples, whose nonlinear response is shown in Figures 3.2a and b, respestively. The
orientation is expressed in terms of Herman's orientation factor (FH) extracted from
SAXS images [97] (e.g. top row of Figure 3.3). Overall the orientation in Figure
3.2c and d mirrors the stress response in melt state (a) and (b), respectively. For
the samples stretched at ε̇ = 0.03 s−1 and 0.1s−1 in Figure 3.2c where a number of
samples have been quenched at di�erent strain values, an overshoot in the orientation
at intermediate strains is observed; i.e., the overshoot in the melt state is re�ected in
the �nal orientation of the �laments which further proves that the overshoot is real.
We note that one data point at (ε, ε̇) = (3.1, 0.1 s−1) seems lower than expected,
although the measurement has been repeated several times (error bars are less than
the size of the symbol). This is the point at which the arms, according to theory,
should collapse leaving the backbone to retract. Stress relaxation data obtained
by Huang et al. shows that the rate of relaxation increases at this point and this
was further justi�ed from simulations performed by Hawke et al. [91, 87]. The
consequence of an increased rate of relaxation is that the rate of quenching has to
be faster in order for the backbone not to contract before crystallization takes place.
With that in mind, it is very likely that the point would lie higher if the rate of
quenching had been faster. This is further supported by the fact that reducing the
di�erence between the experimental temperature and Tm (i.e. increasing the rate of
quench) by just a few degrees produce a signi�cantly higher orientation despite the
fact that the stress at quench is very similar (see Figure 3.2d).

Figure 3.3 shows a representative range of SAXS patterns (top row) and WAXD
patterns (bottom row) from samples in Figure 3.2. The patterns from left to right
have been quenched at increasing stresses which seems to correlate with the anisotropy
of the patterns.

The SAXS patterns are characterized by a two-point-pattern with intensity peaks
along the meridian. This indicates the presence of aligned lamellae planes perpen-
dicular to the �ow direction (kebabs) [100]. The "tear drop" shape of the two last
samples (c) and (d) indicates a mixed spacing between lamellae planes which is a
known result of interlocking of the side branches [101]. The long spacing is more
constant for the two �rst samples (a) and (b) as the stress at quench is lower and
hence less interlocking occurs.

The WAXD patterns in Figure 3.3 show a gradual change in orientation of crystal



3.2 Results and discussion 29

0 1 2 3 4 5
104

105

<σ
zz

−σ
rr
> 

[P
a]

ε [-]

(a)

0 1 2 3 4 5
104

105

<σ
zz

−σ
rr
> 

[P
a]

ε [-]

110 115 120 125 130
2x105

3x105

4x105

5x105

6x105

-1

<σ
zz

−σ
rr> 

[P
a]

T [oC]

(b)

0 1 2 3 4 5 6

0.1

0.2

0.3

0.4

0.5

0.6

0.7

d

b

c

 ε = 0.6 s-1 
 ε = 0.3 s-1

 ε = 0.1 s-1

 ε = 0.03 s-1

 ε = 0.01 s-1

 ε = 0.003 s-1

F H
 [-

]

ε [-]

.

.

.

.

.

.

a

(c)

0 1 2 3 4 5

0.1

0.2

0.3

0.4

0.5

0.6

0.7

 T=130 oC
 T=128 oC
 T=126 oC
 T=124 oC
 T=122 oC
 T=120 oC
 T=118 oC
 T=116 oC
 T=Tm=114 oC

 T=112 oC
 T=110 oC

F H
 [-

]

ε [-]

110 115 120 125 130
0.3

0.4

0.5

0.6

0.7

F H
 [-

]

T [oC]

ε = 0.1 s-1.

(d)

Figure 3.2: Top row: nonlinear response of Lupolen 3020D in extension expressed
in terms of stress versus Hencky strain for samples stretched at (a) 130 ◦C for varying
ε̇ (b) varying stretch temperatures but constant ε̇ = 0.1 s−1 quenched at ε = 3.1.
(lines indicate the averaged stress curves of stretch experiments performed at a given
ε̇ and T , symbols indicate points at which �laments were quenched.). Bottom row:
orientation of crystalline domains in the quenched �laments expressed in terms of
Herman's orientation factor versus Hencky strain at quench for (c) the samples whose
nonlinear response is given in (a), and (d) for samples whose nonlinear response is
given in (b). X-ray patterns for data points marked a, b, c and d in (c) are shown in
Figure 3.3. Legends in (c) and (d) also apply to (a) and (b), respectively. The insets
in (b) and (d) show the same stress and orientation data as the mail plot, but as a
function of temperature instead of strain.
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(a) (b) (c) (d)

Figure 3.3: SAXS (top) and WAXD (bottom) patterns of LDPE �laments quenched
at various stress (a) 30 , (b) 126, (c) 262 and (d) 518 kPa. All �laments have been
elongated at T = 130 ◦C, and �ow direction is vertical.

planes from almost isotropic of to highly unidirectional. For sample (a) the random
orientation suggests a morphology dominated by spherulites. The WAXD patterns
of samples (b) and (c) are rather similar, with intensity peaks along the meridian,
o�-axis and equatorial for crystal planes (110), (200), and (020), respectively. This
is a clear indication of shish-kebab structures with twisted lamellae [43]. The only
di�erence between sample (b) and (c) is that the intensity peaks of (c) are narrower,
indicating a greater alignment of domain structures relative to (b). That is despite the
fact that (b) has been quenched at higher ε (quench at steady state for ε̇ = 0.1 s−1)
than (c) (quench at stress max for ε̇ = 0.1 s−1). The last sample quenched at a very
high stress shows an interesting feature. The intensity peak of the (200) plane has
shifted to the o� axis. This indicates a kebab structure of mixed twisted and straight
lamellae [102]. This type of morphology is rare for LDPE and to our knowledge it
has never been reported. However it has been observed for HDPE [102].

Both the raw SAXS and WAXD patterns (Figure 3.3) and the similarity in the stress
in melt state and orientation in solid state (Figure 3.2) suggest that stress at quench
and �nal morphology of the solid samples are closely related. This is con�rmed in
Figure 3.4 where Herman's orientation factor for all samples in this study is plotted
against the stress at quench.

The stress during deformation re�ects the molecular con�guration. More speci�cally
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the deviation from linear behavior in the response of a polymeric liquid in �ow is a
result of the polymer being deformed beyond its equilibrium con�guration (random
coil) [19]. Generally, there are two types of chain deformation in entangled poly-
mer systems - the mildly deformed state (oriented) and the highly deformed state
(stretched) [103], see Section 1.2 for further explanation.

The oriented state is successfully modeled using the classical Doi-Edwards (DE)
model [6]. Unfortunately this model is incapable of capturing many of the nonlinear
phenomena seen in extension e.g. strain hardening and stress overshoot. The DE-
model has served as a basis upon which a number of more complex models have been
built in order to capture the nonlinear phenomena mentioned above. A common fea-
ture of these models is that they ascribe deviations from the DE-model to some form
of backbone stretch λ [103]. The di�erence between the models lies in the physics
included in order to predict the evolution of the backbone stretch. A wide range
of phenomena can be included depending on the composition of the �uid and the
architecture of the molecules, e.g., interchain tube pressure, [104], �nite extensibility
[12], friction reduction [57], and branch point withdrawal [20].

One model, the pom-pom model, originally introduced by McLeish & Larson in 1998,
has proven quite e�ective in capturing the nonlinear behavior of LDPE [20]. In
particular, Huang et. al showed that the multimode version [105, 106] captures the
transient nonlinear response of LDPE up until the stress maximum. Hawke et. al
extended the model by incorporating entanglement loss and obtained a model that
can predict nonlinear behavior of LDPE including stress overshoot, steady stress and
the increased relaxation rate at the overshoot.

Regardless of ε̇, ε and T , all samples seem to fall onto the same mastercurve, however,
with some scattering. It seems that stress at quench is the governing parameter for
the �nal morphology which is in line with ideas formulated in 1994 by P. Tas [107].
It is also in agreement with very recent nonequilibrium in-situ crystallization data on
linear and cross-linked polyethylenes [108]. One reason behind this collapse of data
onto one master curve can be found by looking at nonlinear constitutive models for
polymeric liquids.

In this work we focus on the chain stretch and its relation to the �nal morphology.
We use a simpli�ed version of the multimode pom-pom to extract a chain stretch
(λ) from experimental data. τb,i are time constants and gi are corresponding moduli
obtained by �tting a multimode Maxwell model to the linear data (see Appendix B.2
for values of the constants and the linear rheological response). At the conditions
employed in this study, it is primarily the two longest modes that stretch during
deformation [91]. As g1 << g2, the contribution of the longest mode (mode 1) to the
stress and, probably, to the crystallization is small compared to mode 2. We thus
de�ne λ as the average stretch of the two longest modes and express the stress σ as
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follows:

σ = 3

(
λ2(t)

2∑

i=1

giSi(t) +

p∑

i=3

giSi(t)

)
(3.3)

Si = Ai/Tr Ai is the normalized orientation tensor expressed by the conformation
tensor (Ai) whose evolution is given by

D

Dt
Ai = κ·Ai + Ai·κT −

1

τb,i
(Ai − I) (3.4)

with initial condition Ai = I where I is the unit tensor. κ is the transpose of the
velocity gradient tensor (∇v†). As seen, the only free parameter in this model is the
average chain stretch λ which is obtained by �tting the model to the experimental
data. In so doing, an estimate of the chain stretch at quench for each of the samples
was obtained.

Figure 3.5 shows the Herman's orientation factor, FH as a function of the extracted
chain stretch λ. It is seen that there is a good correlation between the chain stretch
in the melt state and the �nal crystalline orientation. Furthermore it is seen that the
slope changes going from a spherulitic morphology to an oriented morphology and
again going from shish-kebabs of Type I to the intermediate morphology of mixed
Type I and II shish-kebabs.

We note that the maximum values of λ in Figure 3.5 are much in excess of the
maximum value computed from the number of Kuhn steps between entanglements
which is less than 3 for PE [13]. This could indicate that entanglements have been lost
in the stretching process or it may be an artefact of the simpli�ed Pom-Pom analysis.
Regardless, we believe that the segments have been stretched close to their maximum
length (outside the Gaussian regime) since some polymer �laments fractured.

3.3 Conclusion

In summary, we have shown that the stress overshoot observed in uni-axial exten-
sion of LDPE is re�ected in the �nal morphology of the quenched samples. To our
knowledge this is the �rst time that a decrease in degree of crystalline orientation
with increasing strain has been reported. This, �rst of all, con�rms that the stress
overshoot has a real physical origin. It also con�rms that the stretch of the backbone
does govern the �nal morphology of the crystallized sample even for a complex archi-
tecture like long chain branched PE. Finally, we conclude that the backbone stretch
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is re�ected in the extensional stress which is directly measurable. Hence stress in
the melt state is the key parameter needed in order to connect chain extension and
crystal morphology.



Chapter 4

Rheological link between
polymer melts with a high
molecular weight tail and

enhanced formation of
shish-kebabs

Presence of an ultra high molecular weight (UHMw) fraction in �owing
polymer melts, is known to facilitate formation of oriented crystalline
structures signi�cantly. The UHMw fraction manifests itself as a minor
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tail in the molar mass distribution and is hardly detectable in the canoni-
cal characterization methods. In this study, alternatively, we demonstrate
how the nonlinear extensional rheology reveals to be a very sensitive char-
acterization tool for investigating the e�ect of the UHMw-tail on the struc-
tural ordering mechanism. Samples containing an UHMw-tail relative to
samples without, exhibit a clear increase in extensional stress that is di-
rectly correlated with the crystalline orientation of the quenched samples.
Extensional rheology, particularly, in combination with linear creep mea-
surements, thus enables the conformational evolution of the UHMw-tail
to be studied and linked to the enhanced formation of oriented structures.

The morphology of semicrystalline polymeric products varies greatly depending on
the imposed �ow conditions during melt processing and on the molecular chain ar-
chitecture [97, 43]. The combination of �ow and chain architecture determines the
degree of chain stretch and hence the structure into which, the polymer crystallizes
[52, 48]. The morphology is important for the mechanical properties of the �nal
product. Especially, the creation of oriented crystal structures (shish) rather than
isotropic structures (spherulites) is key to enhancement of directional mechanical
strength [109, 110, 51, 38].

One way to obtain shishes from a molten, relaxed polymer melt is by application of
�ow. A su�ciently strong �ow will result in stretching of the chains [103, 68]. Under
the right thermal conditions, the stretched chains form needlelike nuclei from which
shish-structures are grown [36, 111]. Formation of shish is enhanced by the presence
of a small fraction of chains having a molar mass considerably higher than the rest
of the melt - " an ultra high molecular weight tail (UHMw-tail)" [42, 41, 112, 113,
114, 44, 115, 116]. Even when the concentration of UHMw chains is so low that they
hardly a�ect most other properties of the melt, such as the viscosity measured in the
conventionally used frequency range, thermal properties and quiescent crystallization
kinetics, they signi�cantly enhance the formation of shish [42].

One property that has not been investigated for semicrystalline polymers containing
an nearly invisible high molecular weight tail, is their response in controlled uniaxial
extensional �ow. Inherently, extensional �ows are considered strong �ows whereby
their ability to stretch the polymer molecules is much greater than shear �ow [19, 117].
Furthermore the extensional response of the liquid is extremely sensitive to stretching
of the chains. Due to experimental di�culties, the number of studies connecting
crystallization and rheology in extension is quite limited [118, 56, 108, 27, 53]. Studies
on semicrystalline systems of known molecular composition are still to be studied in
controlled uniaxial extension.

In this work we investigate the role of the high molecular weight tail in controlled
uniaxial extension as well as the morphology obtained after quenching of the melt. We
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Table 4.1: Material characteristics for the UH-blend and the matrix. solutions.

Sample φ (w frac) Mn (kg/mol) Mw (kg/mol) Mz (kg/mol) Tm(◦C)
Matrix - 40 156 495 138.4 ±0.5
UH-blend 0.01 40 156 550 138.9 ±0.5

compare a blend of 1% UHMw polyethylene (UHMwPE) in a matrix of commercial
high density polyethylene (HDPE) with the pure matrix, referred to as the "UH-
blend" and the "matrix", respectively. The standard characteristic properties, like
weight average molar mass Mw and melting temperature Tm, are nearly identical for
the two samples. We study the rheological behavior in the linear regime using small-
amplitude oscillatory shear (SAOS) in combination with creep, and in the nonlinear
regime using uniaxial extension combined with ex-situ small-angle X-ray scattering
(SAXS).

4.1 Materials and methods

Blending of UHMwPE (Mw = 4000 kg/mol) and commercial HDPE (632-D1 from
Dow, Mw = 156 kg/mol) was carried out in solution using hot xylene with subse-
quent precipitation in cold methanol according to procedures described elsewhere
[119, 120]. The density of the commercial HDPE was 0.958g/cm3 which is high,
hence the degree of branching was assumed to be very small. The molecular weight
distribution (MWD) for the UH-blend and the matrix, obtained from high tempera-
ture gel permeation chromatography (HT-GPC) is shown in Figure 4.1. The number,
weight and z-average molar masses (Mn, Mw and Mz respectively) as well as Tm are
shown in Table 4.1.

For the rheological characterization we used samples in the form of thin discs (8
mm diameter and 0.8-2 mm in height). The discs were prepared utilizing vacuum
moulding at 175 ◦C for 25 min to ensure proper erasing of any thermo-mechanical
history.

SAOS was carried out in a strain controlled ARES G2 rheometer (TA instruments)
and creep in a stress controlled rheometer MCR702 (Anton Paar, Austria). In both
cases an 8 mm plate-plate geometry was used and the measurements were carried out
in inert atmosphere (N2). For SAOS, we performed frequency sweeps at temperatures
between 140− 190 ◦C. For creep, measurements were carried out at 150 ◦C at di�er-
ent stresses. The creep compliance data was converted into dynamic compliance and
then to dynamic moduli G′ and G′′ by Fourier transformations using a multimode
Maxwell �t and the software NLReg based on a generalized Tikhonov regularization
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Figure 4.1: Molecular weight distribution of the UH-blend (blue) and the matrix
(red). The inset shows a magni�cation of the high molecular weight region.

[121] (see Appendix C for further experimental details and compliance curves). For
each sample, SAOS and inverted creep data were shifted via time-temperature super-
position principle and combined into one master curve at the reference temperature
T = 140 ◦C.

We performed nonlinear extensional rheology using the Filament Stretch Rheometer
(VADER 1000 from Rheo�lament). Uniaxial extensional experiments at a constant
Hencky strain rates were performed at 140 ◦C and the �laments were quenched to
room temperature at ε = 5.5 at a rate > 10 K/s. The diameter at quench for all
samples were 0.47− 0.5. (see Appendix C for further details on extension)

Ex-situ SAXS patterns from the mid�lament plane of quenched samples were collected
using a SAXSLAB instrument (Ganesha from SAXSLAB, Denmark) with a 300k
Pilatus detector (pixel sizes 172 × 172µm). The wavelength of the X-ray beam was
1.54 Å and the sample-to-detector distance was 1491 mm. Exposure times were
10− 170 min.

We use Herman's orientation factor FH extracted from SAXS patterns as a mea-
sure for the average degree of crystalline orientation in the quenched samples [97].
This method is described in Chapter 3.1.2. The shish contribution was subtracted
according to the procedure described in Appendix C.
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Figure 4.2: Herman's orientation factor of the quenched samples versus Hencky
strain rate imposed during stretching for the UH-blend (blue symbols) and the matrix
(red symbols). SAXS patterns are shown above with the stretching direction vertical.

4.2 Results and discussion

Figure 4.2 shows the SAXS patterns along with Herman's orientation factor versus the
Hencky strain rate during stretching. While both samples show a systematic increase
with extension rate, the orientation factor for the UH-blend is clearly higher relative
to the matrix especially at high rates. The enhanced formation of oriented structures
upon addition of just small amounts of UHMw-component is thus con�rmed for
extensional �ows, which is in agreement with previous studies showing same e�ect
for shear �ows [42].
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The linear rheology and nonlinear extensional rheology of the two samples are shown
in Figures 4.3a and b, respectively. The linear responses (Figure 4.3a) are modelled
using a multi mode Maxwell spectrum, a discrete spectrum of relaxation times τi with
corresponding moduli gi (see Appendix C). Both data and corresponding �ts for the
two samples are identical in the high frequency region that corresponds to relaxation
on length scales shorter than the entire length of the UHMw-tail. A signi�cant
di�erence in behavior is detected only in the region just before the terminal regime,
i.e., the regime where G′ and G′′ reach slopes of 2 and 1, respectively. The addition
of 1 w% UHMwPE is responsible for the formation of a shoulder in G′, indicative
of an additional mode which slows-down the terminal relaxation substantially (see
also the di�erence in zero-shear-rate viscosity in Appendix C Figure 5S). Indeed, for
the 10th Maxwell mode (τ10 = 103 s see inset in Figure 4.3a) the di�erence in g10
between the two samples is a factor of ∼ 103. It turns out that the 10th mode of
the matrix can be left out without compromising the Maxwell �t, while it is essential
for the �t of the UH-blend. For the linear data, it is important to note that the
spectrum obtainable from SAOS (i.e. data contained in the grey square) suggests
that the two samples are identical, just like the MWD and Tm suggested. Only with
the additional creep data, can any signi�cant di�erence be detected as pointed out
by Münstedt and co-workers [122, 123].

The nonlinear extensional response (Figure 4.3b), reported in terms of the extensional
stress growth coe�cient η+E = (σzz − σrr)/ε̇ shows a clear di�erence between the two
samples. Although both samples strain harden, the extent of strain hardening is
much larger for UH-blend relative to the matrix. Initially all samples follow the LVE
prediction and overlap at small t and all samples reach steady elongational �ow prior
to the quench at ε = 5.5 (Figure 4.3b inset).

4.2.1 HMMSF modelling and analysis of chain stretch

The extensional response is modelled using the hierarchical multimode molecular
stress function (HMMSF) as it is able to properly capture the transient and steady
state response of a polydisperse polymer melt using only one nonlinear �t parameter
GD [124]. The model considers the polydisperse samples as a collection of chain seg-
ments of various relaxation times obtained from the multimode Maxwell model[125].
Once a segment is relaxed it acts as a solvent for the remaining unrelaxed chains. The
nonlinear parameter GD is a point along the relaxation modulus G(t) that separates
permanently diluted segments from dynamically diluted segments. GD is associated
with a time constant τD de�ned by GD = G(τD) for the onset of dynamic dilution.
The extra stress tensor, calculated as a sum of stress contributions from each Maxwell



4.2 Results and discussion 41

Figure 4.3: Rheology of the UH-blend (blue symbols) and the matrix (red symbols)
at 140 ◦C. (a) Linear oscillatory response terms of storage (G′) and loss modulus (G′′).
closed symbols (incl. insert) shows data obtained via SAOS, open symbols indicate
data obtained via creep. Solid black lines show the prediction by the multimode
Maxwell model (10 modes). Arrows on the x-axis indicate the range of ε̇ in extension.
The inset shows the moduli gi of the multimode Maxwell spectra versus the time
constants τi. (b) Nonlinear extensional response in terms of extensional stress growth
coe�cient. Blue and red lines indicate the linear viscoelastic envelope (LVE) obtained
from the multimode Mawell model. Black dashed lines show the prediction by the
HMMSF model using the nonlinear �tting parameter GD = 350 Pa (see text). The
inset shows the extensional stress as a function of Hencky strain.
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mode, is given by:

σ =
∑

i

∫ t

−∞

∂Gi(t− t′)
∂t′

SIA
DE(t, t′)fi(t, t

′)2dt′ (4.1)

Here Gi is the relaxation modulus and fi is the stretch of chain segments of mode i.
SIA
DE is the Doi-Edwards orientation tensor with the independent alignment assump-

tion [6]. Both SIA
DE and fi are functions of the observation time t and the time t′ at

which new tube segments are created by reptation. Consequently, the middle seg-
ments of the chains will be more stretched and oriented compared to outer segments
that relax much faster. The relaxation modulus is only a function of the di�erence
between the observation time and the segment creation time:

Gi(t− t′) = gi exp

(
t− t′
τi

)
(4.2)

The evolution of SIA
DE can conveniently be described by the a product of the Finger

strain tensor B and a damping function h(ε):

SIA
DE(t, t′) = h(t, t′)B(t, t) (4.3)

We use the analytic expression of h(t, t′) as found in Urakawa et al. [126] but good
approximations exist as well [127, 128]. We use the de�nition of B given by Bird et
al. [19] and the stretch of chain segments fi is de�ned as the inverse relative tube
diameter fi(t, t′) = a0/ai(t, t

′). The evolution of fi is given by a convective term and
two relaxation terms:

∂fi
∂t

= fi (κ : S))− 3
fi − 1

τi

(
1− 2

3
w2
i

)
− 2

3

f2i
(
f3i − 1

)

τi
w2
i (4.4)

Here κ is the velocity gradient tensor. The parameter wi is the fraction of dynamically
diluted chain segments of mode i, which is only less than 1 for modes that have
τi > τD. The chain segments that have τi < τD are considered as permanently
diluted.

w2
i =

1

GD

∑

j

gj exp

(
− τi
τj

)
for τi > τD (4.5)

w2
i = 1 for τi < τD (4.6)

The HMMSF predictions, shown in Figure 4.3b, have been obtained with the non-
linear parameter GD = 350 Pa adjusted to describe the steady extensional stress
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values. In addition, the success of the �t is crucially dependent upon the application
of the complete low frequency response in the linear regime. The combination of
creep and controlled extension thereby enables the evolution of the stretch for each
mode to be studied in detail. The HMMSF modelling reveals that the di�erence does
indeed arise from the very large stretch of the highest modes that furthermore have
a squared contribution to stress. As a result the stress contribution at ε̇ = 0.1s−1

from the longest mode is 53 Pa for the matrix while it is 17610 Pa for the UH-blend
(see Figure 4.4a).

In trying to explain why the presence of a UHMw-tail increases the potential for
oriented structures we utilize relations connecting chain stretch and nucleation rates
in combination with the HMMSF model. Peters and co-workers have found that the
rate of shish nucleation Ṅs in a polymer melt containing a small UHMw-fraction
has a power law dependency on the stretch λ of the UHMw-component [129, 37,
95]. Speci�cally they �nd that Ṅs ∝ λ4 − 1 at the onset of crystallization. In the
present study where the molar masses of the matrix and the blend are not completely
separated, it is not solely the UHMw-component that is stretching, but the highest
molar mass fraction of the matrix as well. To account for that, we calculate an average
crystallization rate proportionality (

〈
λ4 − 1

〉
) from the stretch fi of each mode in the

HMMSF model weighted by gi:

〈
λ4 − 1

〉
=

1

G0
N

∑

i

gi
(〈
f4i
〉
− 1
)

(4.7)

where G0
N = 2.5 GPa is the plateau modulus [13] and

〈
f4i
〉

=

∫ t
−∞ (∂Gi(t− t′)/∂t′) fi(t, t′)4dt′∫ t

−∞ (∂Gi(t− t′)/∂t′) dt′
(4.8)

Figure 4.4 shows the obtained values of
〈
λ4 − 1

〉
for both samples. At the highest

Hencky strain rate investigated (ε̇ = 1 s−1), the value of
〈
λ4 − 1

〉
for the UH-blend

is a factor of 4 higher than that of the matrix. Hence, according to the model, the
addition of 1 w% UHMwPE to the matrix, would result in an increase by a factor of
4 in Ṅs.

4.2.2 Herman's orientation factor and stress at quench

To elucidate the connection between crystalline orientation and �ow we plot in Fig-
ure 4.5 the �nal crystalline orientation FH versus steady stress. Although the data
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Figure 4.4: Analysis of the UHMw-tail e�ect using the HMMSF model (a) Exten-
sional stress. Coloured lines indicate the contribution from the di�erent modes to
the total stress (black line). Note the di�erence between the two samples for the
longest mode (10th mode). (b) crystallization rate at the point of quench. Red and
blue lines indicate average crystallization rate proportionality of the matrix and the
UH-blend, respectively. The black line indicates the ratio of shish nucleation rate
between UH-blend and matrix.

Figure 4.5: Herman's orientation factor versus steady state stress. Blue symbols
for the UH-blend, red symbols for the matrix. Black solid and dashed line shows the
apparent slope of 2/5 and the expected trend for amorphous systems, respectively.
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contain some uncertainty, FH for the two samples appear to collapse onto a single
master curve. The experimental relationship between orientation and stress shows a
power law dependency with a slope of 2/5 rather than the linear relation reported
for non-crystallizing systems [22]. The apparent collapse of data onto one master
curve is in accordance with previous �ndings for long chain branched polyethylene in
Chapter 3.

4.3 Conclusion

We have shown that a very small fraction of UHMw-component in a semicrystalline
polymer melt changes the extensional rheology as well as the �nal morphology signif-
icantly. The link between extensional rheology and enhanced formation of oriented
structures lies in their mutual inherent sensitivity to chain stretch. The extensional
response enables the evolution of the high molecular weight tail stretch to be studied
in detail, up to steady �ow. Thus we conclude that nonlinear extensional rheology
particularly in connection with linear creep, provides a powerful tool for the study of
threadlike precursors and shish formation in polymers of high polydispersity and/or
with a UHMw-tail.
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Chapter 5

Extension induced phase
separation and crystallization

in semidilute solutions of
ultra-high molecular weight

polyethylene

We investigate the in�uence of controlled uniaxial extension on various
�ow-induced phenomena in semidilute solutions of ultra-high molecular
weight polyethylene. Concentrations range from 9w% to 29w% and the
choice of solvent is para�n oil (PO). The start-up extensional behavior
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is measured at various Hencky strain rates and at two di�erent temper-
atures (150 ◦C and 170 ◦C) well above the melting point. At ε > 0.9
the qualitative behavior of the samples di�ers signi�cantly depending on
the imposed conditions and the concentration of the samples. Overall,
we propose two �ow scenarios: Scenario 1 - �ow-induced phase separa-
tion resulting in an unstable bulky �lament and Scenario 2 - �ow-induced
phase separation and crystallization resulting in a stable deformation and
a smooth, strongly strain hardening �lament. Scenario 2 is observed only
at 150 ◦C at high Hencky strains and high concentrations. Scenario 1,
observed at both temperatures, is most pronounced at low rates and/or
high concentrations.

5.1 Introduction

Ultra-high modulus polyethylene �bers are spun from solutions of ultra-high molecu-
lar weight polyethylene (UHMwPE) [38]. To a large extent, �ber spinning processes
comprise uniaxial extension upon extrusion and drawing of the polymeric liquid. The
processability of UHMwPE solutions is thus determined by the rheological character-
istics primarily in extension, yet controlled rheological studies of PE solutions have
been reported only for shear �ows [41].

In shear, UHMwPE solutions exhibit signi�cant nonlinear characteristics [130]. The
long chains are easily deformed by �ow, causing the solutions to be highly shear thin-
ning. Several studies on UHMwPE solutions utilize para�n oil (PO) as a solvent. It
is a convenient solvent due to its low volatility and the fact that the chemical compo-
sition is the same as that of UHMwPE. Extensive work on UHMwPE/PO solutions
in shear have been performed by Murase and co-workers [131, 132, 133, 134]. Apart
from signi�cant shear thinning they discovered other highly nonlinear phenomena in
these systems. They found that multiple states of heterogeneities can be initiated
by �ow under the right conditions. At high shear rates the UHMwPE/PO solu-
tions experience concentration �uctuations that eventually develop into actual phase
separation [131]. In addition, at temperatures above, but close to, the equilibrium
melting point Tm, the UHMwPE rich phase crystallizes into highly oriented struc-
tures [132, 133]. These �ow-induced phenomena have been found to play a huge role
in the structural development of UHMwPE �bers during processing [134] as well as
the �nal �ber strength [109, 110]. Unfortunately, the deformation in a spin-line is ill
de�ned and lacks control of the deformation. As a result, the imposed deformation
is quanti�ed in therms of take-up speed or other measures related to the instrument
rather than local deformation of the material.

Due to experimental challenges regarding both control of the deformation and the
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non-stick nature of the samples, studies on polyethylene solutions in controlled ex-
tensional �ows have, to our knowledge, never been performed. In this study we
characterize solutions of UHMwPE in controlled uniaxial extension. The solvent is
PO and the samples are measured at constant deformation rates at temperatures
well above Tm. Extension of these non-sticky samples are performed using the �la-
ment stretch rheometer (FSR) with a modi�ed sample plate design to prevent slip
o�. Conditions under which �ow-induced phase separation and �ow-induced crys-
tallization (FIC) occur, are identi�ed using simultaneous high speed imaging. We
map the regimes of the di�erent �ow-induced phenomena with respect to imposed
deformation rate, polymer concentration, and temperature.

5.2 Materials and methods

UHMwPE of Mw = 3 500 000 g/mol, supplied by DSM and para�n oil (containing
0.2 w% antioxidant: 2,6-di-tert-butyl-p-cresol) were mixed in an extruder. In total,
three solutions were prepared containing 5 w%, 10 w% and 20 w% UHMwPE. The
solutions were extruded directly into a mould and moulded into discs of diameter
D0 = 8 mm and height h0 = 6mm.

Thermogravimetric analysis (TGA) and di�erential scanning calorimetry
(DSC) Upon cooling to room temperature, some solvent was expelled from the
samples due to crystallization of the UHMwPE. Hence, before initiating rheological
characterizations, the concentration of polymer in the samples was determined using
TGA (Discovery TGA from TA Instruments). Concentrations were determined from
the integrals under the clearly separated PO and UHMwPE peaks (see Appendix
D). The melting point was determined by DSC with an auto sampler from TA in-
struments (Discovery DSC from TA Instruments). In Table 5.1, speci�cations are
given regarding polymer concentration obtained from TGA and melting temperature
Tm obtained from DSC. Table 5.1 also gives the average number of entanglements
Z and the Flory-Huggins predicted Tm. The number of entanglements is given by
Z = (Mw/Me)φ where the molar mass between entanglementsMe = 1120 g/mol [84].
The Flory-Huggins predicted Tm is given by [135]

1

Tm
− 1

T 0
m

∼= R

∆Hf

[
(1− φ)− χ(1− φ2)

]
(5.1)

The equilibrium melting point of the bulk polymer T 0
m is set to 145 ◦C and ∆Hf =

3900 kJ/mol is the heat of fusion [132]. The interaction parameter χ is set to 0 as
the chemical composition of PE and PO is the same.

Melting temperatures measured by DSC are higher than predicted by Eq. (5.1).



50

Extension induced phase separation and crystallization in semidilute solutions of

ultra-high molecular weight polyethylene

Table 5.1: Material characteristics for solutions of UHMwPE in PO.

Sample φ [w%] T
a)
m [◦C] T

b)
m [◦C] Z

PE/PO-29% 28.7 123.5 119.2 960
PE/PO-17% 16.8 121.6 115.8 560
PE/PO-9% 8.8 118.9 113.6 293

a) from DSC
b) from Eq. (5.1)

This di�erence is expected as melting of the PE crystals during the DSC heating
ramp does not take place instantaneously. Kinetic delay pushes the melting to higher
temperatures in the DSC and thus it tends to overestimate the Tm.

Small-amplitude oscillatory shear The linear rheology of the solutions was mea-
sured in SAOS. An ARES G2 rheometer from TA Instruments was used with a 25
mm plate-plate geometry. To prevent degradation of the sample, measurements where
carried out in the presence of nitrogen. The samples were heated to 170 ◦C and to
erase all thermo-mechanical history. Frequency spectra were collected for T = 150 ◦C
and 170 ◦C. At temperatures above 170 ◦C the loss of solvent was signi�cant enough
that reproducibility was compromized. Frequency sweeps obtained at di�erent tem-
peratures were shifted and combined into one master curve for each sample.

5.2.1 Combined �lament stretch rheometry and high speed
imaging of non-sticky samples

Extensional rheometry was carried out on the VADER 1000 �lament stretch rheome-
ter (FSR) (see Section 1.2.2 for details) with a modi�ed sample plate design.

Plate design for measuring non-sticky samples The FSR-technique relies on
the sample sticking to the end plates during the stretch experiment. Slip-o� is an
issue even for the most studied polymer in the FSR, polystyrene (PS). With PS, it
is possible to circumvent this problem by increasing the prestretch, i.e., increasing
the initial area that sticks to the plate relative to the area of the mid�lament plane.
Increasing the prestretch was not su�cient in the case of the PE/PO solutions as the
presence of PO resulted in greasy samples that slipped o� very easily. To overcome
slip-o�, several new plate geometries were designed. The best design is shown in
Figure 5.1a and is in the following referred to as the "mushroom plate". The mush-
room plate di�ers from the standard plate (Figure 5.1b) in the way that it has an
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(a) (b)

Figure 5.1: Sketch of plate designs. (a) The mushroom plate design developed
for extensional stretching experiments of non-sticky samples. (b) The original plate
design for sticky samples.

extra plate on top of the standard plate separated by a small rod. The additional
plate and rod is referred to as the "mushroom". The mushroom plate required a
special moulding procedure inside the FSR in order to anchor the "mushroom" into
the �uid. The moulding procedure is illustrated in Figure 5.2. First, the sample disc
was sandwiched between the two plates and thick tin foil was wrapped around the
plates. Second, the sample was heated to 165◦C and the top plate was lowered so
that the polymer �lled the entire space. As a result, the sample encapsulated the
mushroom so that it acted as an anchor upon stretching.

Filament stretching at a constant strain rate with simultaneous high-speed
imaging We conducted experiments at a constant Hencky strain rate ε̇ such that
throughout the entire experiment the strain increased linearly with time: ε = ε̇t.
The procedure for each stretch experiment was as follows. After moulding in the
FSR as described in the previous section, the sample was heated to 165◦C beforre
it was pre-stretched and relaxed for 15 − 60 min depending on the relaxation times
of the sample. The temperature was then changed to the experimental temperature
at which the sample was stretched at a constant rate. High-speed imaging of the
sample during the stretching experiment was performed with a high speed camera
(FASTCAM Mini UX100 from Photron) and a LED light source. Both where placed
on the same side of the sample where windows in the oven enabled the stretch to
be captured. The frame rate was relatively low (50-1000 fps) and determined by the
stretch rate of the given experiment - higher strain rates required higher frame rates.
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Figure 5.2: Sketch of moulding procedure in the FSR using mushroom plates. 1.
Preparation: Initial placement of the polymer disc between the bottom and top plates
with a piece of tin foil wrapped around it. 2: Moulding: (left) Moulding procedure
where the sample is heated above Tm and the top plate is lowered by applying a force
F. (right) after moulding where the tin foil has been removed. 3. Stretching: The
anchoring e�ect of the mushroom during stretching preventing slip-o�.

5.3 Results and discussion

5.3.1 Linear rheology

The linear rheology of the three samples along with respective multimode Maxwell
model �ttings are seen in Figure 5.3a. The response is given in terms of storage and
loss moduli G′ and G′′, respectively. The �rst crossover is captured for PE/PO-9
while for PE/PO-17 and PE/PO-29 the �rst crossover can be estimated by extrapo-
lating G′, G′′ to lower frequencies. The inverse value of the estimated �rst crossover
frequency gives an indication of the average relaxation time by reptation. Due to in-
strument limitations, it was not possible to reach the terminal regime of the samples
(the region where G′ and G′′ reach a slope of 2 and 1, respectively) or the second
crossover found at higher frequencies. For the three samples the average reptation
time is in the order of 102 − 103s.

The vertical shift between the samples arises from di�erences in concentration. This
is in accordance with the tube model stating that the plateau modulus G0

N scales with
φ as follows G0

N (φ) ∝ φ1+α with the dilution exponent α = 1 or 1.3 [61, 70]. The
plateau modulus is the value observed in G′ in the plateau region for a monodisperse
well entangled polymeric liquid. For undiluted polymers, this value is a material
constant and for PE at 150 ◦C the value is G0

N = 2.6 GPa [13]. The plateau region is
not clearly identi�ed in these samples due to both polydispersity and the limited range
of experimentally accessible frequencies ω. As an approximation for G0

N we use G′max
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Figure 5.3: Linear response of PE/PO solutions at 150 ◦C. (a) Dynamic frequency
sweep expressed in terms of storage modulus G′(closed symbols) and loss modulus
G′′(open symbols). Lines represent best �t of the multimode Maxwell model. (b)
Evolution of G′max with concentration. Solid and dashed lines represent the tube
model predicted evolution of G0

N with φ using α = 1 and α = 1.3, respectively.

Figure 5.4: Nondimensional linear response of PE/PO solutions. Closed symbols
represent normalized storage modulus and open symbols represent normalized loss
modulus. Lines represent best �t of the multi mode Maxwell model. The insert shows
the phase angle versus frequency shifted by concentration.
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which is the value of G′ at the highest measured frequency where the smallest slope
of G′ for all samples is measured. Figure 5.3b compares the value of G0

N predicted by
the tube model with the approximated values using G′max. The approximated values
are relatively close to the prediction. For the given concentration range, the value
of α is expected to be 1. In this case, the approximated values increasingly diverge
from the prediction as the concentration decreases. This divergence is expected since
G′ at lower concentrations shows a less pronounced plateau compared to the higher
concentrations.

Figure 5.4 shows the normalized linear response of the three solutions. Normalization
is performed in accordance with the tube model. Vertically, the data is normalized
by G0

Nφ
1+α assuming α = 1. Horizontally, the data is normalized by the relaxation

time of one entanglement τe which can be estimated experimentally from the second
crossover. As already mentioned, the limited range of accessible frequencies using
SAOS does not allow for the second crossover to be determined experimentally. In-
stead, we approximate τe using scaling laws derived from the tube model combined
with the value τe = 1.1 · 10−8 s for undiluted PE. According to the tube model,
dilution pushes entanglements along the chain further apart, thus increasing τe. If
the solvent and the polymer are isofrictional, the entanglement relaxation time of a
diluted polymer chain scales with φ−2 [17]. As the chemical composition of PE and
PO are the same, we assume PO to be an isofrictional solvent to PE.

The data in Figure 5.4 have been normalized so that the hypothetical second crossover
for the three samples overlap at ωτe/φ2 = 1. Fixing the second crossover of all samples
at the same position reveals that the plateau region (the frequency range between the
�rst crossover and the second estimated crossover at ωτe/φ2 = 1) most likely stretches
over eight to ten decades. The large span of the plateau con�rms that the samples
are highly entangled. The sample of highest concentration (PE/PO-29) shows the
widest span of the plateau region, indicating the highest number of entanglements.
The sample of lowest concentration (PE/PO-9) shows the narrowest plateau region,
indicating the lowest number of entanglements. This trend is in accordance with
values given in Table 5.1. Another way to normalize ω is by the reptation time
τd ∝ φ [14, 61]. The insert in Figure 5.4 shows the phase angle δ versus ωφ. Curves
for all three samples overlap at low frequencies, suggesting that the solutions are well
mixed and homogeneous in the linear regime.

5.3.2 Uniaxial extensional behavior

The extensional stress growth coe�cient η+E for samples stretched at 150 ◦C and
170 ◦C is shown in Figures 5.5a and b, respectively. The extensional response at
the two temperatures di�ers signi�cantly. While most samples at 150 ◦C show an
undershoot followed by strain hardening, most samples at 170 ◦C simply strain soften.
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The observed behavior in Figures 5.5a and b is unusual for several reasons. First, the
qualitative behavior at the two temperatures is not the same throughout the entire
stretch. It means that time temperature superposition principle (TTS) does not ap-
ply, which it normally does for homogeneous polymeric liquids [99, 136]. Second, while
strain softening and stress undershoot is a standard behavior for polymers in shear,
it is unusual in extension [117]. Third, none of the stretch experiments reach a steady
state extensional viscosity [86, 62]. The three identi�ed abnormalities (TTS failure,
strain softening, and absent steady state) suggest that dynamics other than stan-
dard chain dynamics are present. As already mentioned, PE/PO systems are known
to phase separate upon deformation in shear. Under certain conditions, this phase
separation also induces crystallization. High-speed imaging of the �laments during
stretching suggests that in extension, both phase separation and crystallization occur
and, indeed, causing the observed unusual behavior. We de�ne two fundamentally
di�erent scenarios encountered during stretching. Scenario 1: Phase separation and
Scenario 2: Flow-induced crystallization. Depending on the imposed conditions, all
samples undergo either Scenario 1 or 2 during stretching. Following is a detailed
description of the two scenarios.

Scenario 1 - Phase separation Samples stretched at 170 ◦C appear to phase
separate at ε > 0.9 causing the observed strain softening of the samples in Figure
5.5b. Cromer et al. have investigated conditions for ampli�cation of concentration
�uctuations in polymer solutions undergoing planar extensional �ow [137]. Using
a two-�uid model with a Rolie-Poly model for the polymer, they predict growth of
concentration �uctuations in steady extensional �ow with ampli�cation peaks near
ε̇ ∼ τd and ε̇ ∼ τR where τd and τR are the reptation time and the Rouse time for
the Rolie-Poly model, respectively. In our experiments, we have a broad spectrum
of relaxation times with stretch rates within the corresponding range. It is therefore
plausible that the same mechanism is responsible for growth of concentration �uctua-
tions in our experiments once a signi�cant orientation of the polymer chains has been
established, which is to be expected around a Hencky strain of unity in agreement
with our observations for onset of turbidity. We propose that concentration �uctua-
tion ultimately results in phase separation and eventual �lament disintegration.

The progression of the phase separation di�ers depending on the imposed rate and
concentration of the sample. For samples stretched at 170 ◦C, the largest di�erence
in behavior is observed between samples of high concentration stretched at low rates
(Figure 5.6) and samples of low concentration stretched at high rates (Figure 5.7).

For samples of high concentration stretched at low rates, phase separation induces
multiple large cracks in the mid�lament region (see Figure 5.6), a behavior remi-
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Figure 5.5: Nonlinear extensional response of PE/PO-solutions at constant Hencky
strain rates. (a) Response at 150 ◦C. Hencky strain rates (from left to right).
PE/PO-29 (Black symbols): ε̇ = 1, 0.3, 0.1, 0.03, 0.01 s−1, PE/PO-17 (Red sym-
bols): ε̇ = 1, 0.3, 0.1, 0.03 s−1, PE/PO-9 (Blue symbols): ε̇ = 1, 0.3, 0.1 s−1.
(b) Response at 170 ◦C. Hencky strain rates (from left to right). PE/PO-29
(Black symbols): ε̇ = 1.4, 0.41, 0.14, 0.041, 0.014 s−1, PE/PO-17 (Red symbols):
ε̇ = 1.5, 0.44, 0.15, 0.044 s−1, PE/PO-9 (Blue symbols): ε̇ = 1.5, 0.44, 0.15 s−1.
Lines represent the linear viscoelastic envelope obtained from the multimode Maxwell
model.
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Figure 5.6: Example of phase separation and �lament failure for samples of high
concentration stretched at low rates. The sample is PE/PO-29 stretched at 170 ◦C
and ε̇ = 0.014s−1. The red inset shows the �lament failure. Here the strain scale does
not apply as the failure occurs on a time scale < 2 s. Images are collected through
crossed polarizers with light source and camera on the same side.

niscent of crazing. Filament failure follows immediately after, which makes Hencky
strains ε > 1.5 inaccessible. As such, the rapid �lament failure cannot be considered
a brittle fracture [98]. The reason is that the failure is not caused by a single crack
propagation, but by multiple cracks propagating simultaneously.

Samples of low concentration stretched at high rates also phase separate (see Figure
5.7). As opposed to the above mentioned case, the range of accessible strains as well
as the type of �lament failure di�ers. Phase separation in Figure 5.7 is identi�ed as
a slight onset of turbidity in the mid�lament region at ε ≈ 0.9. The phase separation
propagates at increasing ε and is seen as an increase in turbidity. At ε > 3 the phase
separation is so pronounced that the surface of the �lament becomes uneven and
lumpy. Failure of the �lament occurs through thinning of the �lament, during which
phase separation is even more evident.

The stretch experiments presented in Figures 5.6 and 5.7 show the extremes of Sce-
nario 1. All samples stretched at 170 ◦C show a behavior somewhere between the
two presented extremes. Figure 5.8 shows the gradual transition from one extreme
to the other for PE/PO-17 and the following two trends should be noted. First, with
increasing ε̇, the degree of strain softening decreases. Second, with increasing ε̇, the
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Figure 5.8: Extensional stress versus Hencky strain for stretches of PE/PO-17 at
170 ◦C.

maximum ε increases. We hypothesize that both trends are a result of an increased
chain stretch for increasing ε̇.

Samples stretched using 150 ◦C at low rates (i.e. experiments that do not show strain
hardening) seem to follow Scenario 1, as well.

Scenario 2 - Flow-induced crystallization The strain hardening behavior of all
samples stretched at 150 ◦C originates from FIC. None of the samples stretched at
170 ◦C show signs of FIC.

An example of a stretch in which FIC occurs is shown in Figure 5.9. Analogous
to Scenario 1, the sample is still believed to undergo phase separation at ε ≈ 0.9,
due to the observed strain softening behavior combined with the onset of turbid-
ity. At ε ≈ 1.5 the mid�lament region of the sample transforms from turbid to
opaque. Simultaneously, the mid�lament region decreases spontaneously, suggesting
an increase, in density while the stress starts to rise again. All three observations
(turbid-opaque transition, density increase and strain hardening) are clear signs of
�ow-induced crystallization. At ε > 1.5 a crystallized neck region develops from the
mid�lament region causing the signi�cant strain hardening behavior. The transition
from molten sample near the plates to the neck area is characterized by an abrupt
decrease in diameter along with a sharp transition from transparent to opaque. While
the mid�lament is deformed, the neck area is extended axially by pulling from the
molten sample reserve at the end plates and into the crystallizing neck. Hence the
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Figure 5.10: Extensional stress versus Hencky strain for stretches of PE/PO-17 at
150 ◦C.

reserve of molten sample gradually decreases. At ε > 3 most of the sample is incor-
porated into a long crystallized neck. At this point the control scheme starts to fail,
not because of an uneven �lament, but because the top plate reaches its maximum
speed. Furthermore, end plate instability is observed due to the high deformation
rates close to the plates [26]. At su�ciently high stresses the �lament fractures in a
brittle manner. DSC measurements of the the mid�lament region after stretching a
sample under the same conditions as in Figure 5.7 showed a rise in Tm of 2.8 ◦C. The
increase in Tm is further proof that FIC has taken place [138].

Figure 5.10 shows the stress response of PE/PO-17 at various ε̇ at 150 ◦C. The stress
undershoot is less pronounced for increasing ε̇ suggesting a higher degree of chain
stretch, similar to Scenario 1.

5.3.2.1 Signi�cance of time temperature superposition principle

High-speed imaging reveals that at small deformations ε < 0.9 all samples appear
transparent both in Scenario 1 and Scenario 2. The transparency suggests that the
samples are homogeneous (i.e. no phase separation or FIC) at strains ε < 0.9. To
con�rm homogeneity, we compare the normalized extensional response measured at
150 ◦C and 170 ◦C (see Figures 5.11a, b and c). Here we assume that TTS works also
for the nonlinear response. The characteristic time constant used in normalization is
the average Rouse relaxation time τR = τeZ

2. As τe ∝ φ−2 and Z2 ∝ φ2 it is evident
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that τR is independent of dilution and thus all samples have the same value of τR.
We use previously de�ned values of the undiluted UHMwPE to estimate τR for the
solutions. At 150 ◦C we obtain τR = 0.11s and with a shift factor aT = 1.47, we
obtain τR = 0.075s at 170 ◦C. The normalized stretch rates are given in terms of the
Rouse Weissenberg number WiR = ε̇τR. It weighs the rate of deformation relative
to the rate of relaxation of the weight-average polymer chain of the sample. Keeping
in mind that the sample is highly polydisperse and that τR is based on the weight
average molar mass, the fractions of higher molar mass in the samples will have much
higher τR. It is thus possible to observe nonlinear behavior even at Wi < 1.

At small strains, the normalized extensional behavior of all samples in Figures 5.11a,
b and c follow the LVE and obey TTS. The fact that the normalized extensional
response follows the LVE and obey TTS con�rms that at small deformations the
samples are homogeneous and that the rheology is governed solely by chain dynamics.
We observe that in many cases TTS holds in the strain softening region. This suggests
that although the samples are phase separated, the response is still governed by chain
dynamics only. However, at larger strains the breakdown of TTS con�rms that an
additional phenomenon (in this case FIC) occur with a temperature dependency
di�erent from that of chain dynamics. The onset of FIC moves towards earlier times
for increasingWiR. This is in accordance with general theories stating that the onset
of FIC is governed by chain stretch [37].

5.4 Conclusion

We have investigated the in�uence of controlled extensional �ow on solutions of
UHMwPE in PO at temperatures well above Tm. We �nd that at ε > 0.9 the exten-
sional behavior di�ers fundamentally with concentration, temperature, and imposed
deformation rate. Overall, the observed behaviors can be divided into two Scenar-
ios: 1 - Phase separation and 2 - FIC. Flow-induced crystallization (Scenario 2) was
observed for high WiR and high φ at 150 ◦C. As concentration increases, FIC levels
can be detected at lower WiR. E.g., for PE/PO-29, FIC is observed at WiR as low
as 0.0033, while for PE/PO-9, the lowest WiR at which FIC is observed is 0.11. The
time at which onset of FIC is observed decreases with increasing WiR. The earlier
onset of FIC upon increasingWiR is in accordance with the general belief that FIC is
governed by chain stretch that also increases with WiR. At lower WiR and φ the �l-
ament only appeared to phase separate (Scenario 1). At 170 ◦C, all samples followed
Scenario 1. The observed �ow-induced phenomena (phase separation and crystalliza-
tion) are in general agreement with previous studies performed in controlled shear
and along a �ber spin-line in which the deformation cannot be controlled. To reach
a better understanding, controlled extensional rheology in combination with in-situ
light scattering or even X-ray scattering will be needed.
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(a)

(b)

(c)

Figure 5.11: Normalized nonlinear extensional response at various Weissenberg
numbers for (a) PE/PO-29, (b) PE/PO-17 and (c) PE/PO-9. (Closed symbols) indi-
cate stretching experiments performed at 150 ◦C, (Open symbols) indicate stretching
experiments performed at 170 ◦C. Weissenbeg numbers apply to both open and closed
symbols.
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Chapter 6

Shish formation above the
melting temperature

stabilizes �laments of HDPE
in extensional �ow

This work concerns extension induced crystallization of a commercial high
density polyethylene at di�erent temperatures above the equilibrium melt-
ing temperature. We compare the nonlinear response during stretching
to the morphology obtained in the quenched �bers after cessation of the
�ow. At high temperatures, the samples undergo brittle fracture whereas
samples stretched at lower temperatures (still above Tm) do not. Instead,
they exhibit a strain hardening behavior that does not follow time tem-



66

Shish formation above the melting temperature stabilizes �laments of HDPE in

extensional �ow

perature superposition. We propose that stabilization of the �lament at
lower temperatures, as well as the failure of time temperature superposi-
tion, is caused by �ow-induced nucleation and growth of shish structures
oriented along the �ow direction. Further justi�cation is given by show-
ing that small-angle X-ray scattering performed on quenched �lament
deformed at high Hencky strain rates in the melt, demonstrate a clear
increase in the amount of shish relative to the �laments stretched at low
Hencky strain rates. We �nd the critical strain for the onset of shish for-
mation to be 0.8, which is signi�cantly lower than the values reported in
the existing literature. We model the in�uence of shish nucleation on the
rheological response in extension using the hierarchical multimode stress
function, which is modi�ed to include the stretched network assumption.
Finally we show that a mastercurve of crystalline orientation for all tem-
peratures is obtained when Herman's orientation factor is plotted against
stress at quench.

The mechanism of �ow-induced formation of shish-kebab structures is an old prob-
lem, but it has yet to be fully understood because of its complexity [36]. Some
aspects of the problem, however, have been resolved. Combined rheology and in-situ
scattering methods have revealed that stretching of the high-molecular-weight frac-
tion upon the application of �ow causes the formation of needlelike nuclei [45, 38].
These nuclei grow into shish and only at a much later stage does the overgrowth of
kebabs occur [120]. These needlelike nuclei are believed to be caused by threadlike
precursors [46, 139]. However, the nature of these precursors and the mechanism of
their formation in the �ow remain to be resolved. For threadlike precursors to arise,
some degree of deformation is necessary. The extent of deformation needed, is still
open to question [140]. Furthermore, how to interpret a melt containing precursors
is still not completely clear. Recent studies suggest that considering the precursoring
melt as a stretched network [55, 118, 141, 129, 37] yields a better description than
the traditional coil-stretch transition proposed by Keller and Kolnar [38].

Resolving these questions is important, as �ow-induced shish-kebab structures tremen-
dously enhance the mechanical properties of the �nal material. What is not so often
emphasized, however, is the fact that these structures in�uence the mechanical melt
properties, too. Recently, Li and co-workers found that after an extensional step
strain of an iPP melt is imposed, �ow-induced shish prevents the sample from neck-
ing. Necking is the result of a �ow instability that arises in uncontrolled extension
[28]. While the failure caused by necking is an interesting and relevant problem, it
does not reveal insights into the true strength of the material and the reinforcement
upon shish formation. A true fracture experiment can reveal the strength of a melt in
extension, as well as the mechanism of failure, as performed by Huang et al. on amor-
phous systems [98]. The fracture mechanics of semicrystalline systems undergoing
FIC have yet to be studied in controlled extension.
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Figure 6.1: Molecular weight distribution of PE-460k. The horizontal black lines
indicate the number average molar mass Mn and weight average molar mass Mw.
The inset shows a magni�cation of the highest molecular weight fraction with an
arrow pointing to an apparent shoulder in the molar mass distribution.

In this work, we study the reinforcement by shish nucleation and growth of �laments
in controlled uniaxial extensional �ow. The material is a commercial HDPE, and all
experiments are performed above the melting temperature at constant deformation
rates. Using the FSR, we study the extensional response of the melt during shish
nucleation by monitoring the true stress of the melt up to Hencky strains of 5. Ex-situ
SAXS reveals the e�ect of FIC on the morphology of the �laments after the cessation
of the �ow.

6.1 Materials and methods

We used a commercial HDPE (CP00416-021 from Chevron Philips), referred to as
"PE-460k", which has 0.2 short-chain branches/1000 backbone carbons. The molec-
ular weight distribution obtained from HT-GPC is shown in Figure 6.1, from which
Mw = 460kg/mol and PDI = 2.7, were determined. (Note: the values of Mw and
PDI given by the supplier were slightly higher at 530kg/mol and 3.0, respectively).
The melting temperature determined via DSC was 138.0 ◦C.

The linear rheology of the sample was characterized in SAOS and linear creep, as
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Figure 6.2: Linear rheology of PE-460k at T0 = 140 ◦C given in terms of stor-
age modulus G′ and loss modulus G′′. Closed symbols indicate data obtained via
SAOS, and open symbols indicate data obtained via creep. Lines show the �t of the
multimode Maxwell model (nine modes). The inset shows the horizontal shift fac-
tors obtained from SAOS (black squares), along with the Arrhenius prediction (black
line) with the use of the activation energy Ea = 12.45 kJ/mol/K and the reference
temperature T0 = 140 ◦C. Gray circles indicate the temperatures at which exten-
sional measurements were performed, as well as the corresponding shift factors used
for adjusting the Hencky strain rates.

described in Chapter 4. Inverted creep data obtained at 150 ◦C and the frequency
sweeps from SAOS obtained at 140-190 ◦C were combined using the time temperature
superposition principle (TTS) to obtain mastercurves of dynamic moduli over a wide
range of frequencies (see inset in Figure 6.2 ). Because of the very high molecular
weight tail (see Figure 6.1), the terminal regime at which G′ and G′′ reach a slope of
2 and 1, respectively, was inaccessible experimentally, even in creep. The horizontal
shift factors aT used in the creation of the mastercurves are shown in Figure 6.2
inset along with the Arrhenius �t for which we obtained an activation energy Ea =
12.45 kJ/mol/K [99]. The linear response was �tted by the multimode Maxwell model
using nine modes (see Figure 6.2 for the �tting and Appendix E for the values of
Maxwell moduli and corresponding time constants)

We conducted uniaxial extensional experiments at constant Hencky strain rates ε̇.
VADER 1000 (see Section 1.2.2) was used, and the experimental procedure of �lament
stretching was analogous to that described in Chapter 4. The experiments were
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performed at three di�erent temperatures (140 ◦C, 144 ◦C and 150 ◦C) and terminated
by quenching to room temperature at a Hencky strain ε = 5. We used shift factors
determined from SAOS (see Figure 6.2) to adjust the Hencky strain rates such that all
samples where stretched at the same relative rates aT ε̇ irrespective of temperature.

Small angle X-ray scattering (SAXS) of the quenched �laments was performed using
a Rigaku S-MAX 3000 system with a Gabriel design Multiwire, gas-�lled propor-
tional type detector (resolution: 200 microns). The sample-to-detector distance was
1525 mm and the exposure time for each pattern was 15−30 min. Patterns were
collected from the mid-�lament plane of the samples. For the shortest �laments in
which the exact position of the mid�lament plane was challenging to determine, axial
scans were performed by collecting patterns for every 0.5 mm in the mid�lament re-
gion. (see Appendix E for details on axial scans). Calibration of the scattering vector
q was performed using silver behenate. Herman's orientation factor was extracted
from SAXS using the method described in Chapter 4 and Appendix C, with the only
di�erence being the use of a Gaussian distribution instead of a Lorentzian one to �t
the azimuthal intensity peaks.

6.2 Results and discussion

6.2.1 Shish nucleation and growth during extension

The extensional response of PE-460k is shown in terms of extensional stress versus
strain in Figure 6.3. At low rates aT ε̇ = 0.01 and 0.03 s−1, the response is indepen-
dent of temperature, thus, TTS applies in this region. At rates aT ε̇ ≥ 0.1 s−1, TTS
breaks down and the response becomes highly temperature dependent. At 150 ◦C,
the sample undergoes brittle fracture and cannot be stretched beyond ε = 0.8. At
140 ◦C and 144 ◦C the sample can be stretched without fracture, but the strain hard-
ening is signi�cantly more pronounced at 140 ◦C than at 144 ◦C. We believe that
the breakdown of TTS is a result of �ow-induced crystallization (FIC) although all
experiments are performed above Tm. Previous studies have shown that the FIC of
polyethylene in strong �ows, is, indeed possible above Tm [142, 44, 56]. This phe-
nomenon is only possible because of the transition from the folded chain crystals
that make up spherulites and kebabs to the considerably more stable extended chain
crystals found in shish. Hence, we expect the strain hardening to result from shish
nucleation and growth alone.

The SAXS patterns obtained for the quenched �laments after the cessation of �ow
is shown in Figure 6.4 and reveal an increasing anisotropy with the Hencky strain
rate. The lobes stemming from the scattering between kebabs intensi�es along the
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(a)

Figure 6.3: Response of PE-460k in uniaxial extension of constant ε̇ at T = 140 ◦C
(black symbols), T = 144 ◦C (red symbols) and T = 150 ◦C (blue symbols). Most
extensional �ow experiments were terminated at ε = 5 by quenching. Some exper-
iments terminated earlier because of �lament fracture. The photo shows a sample
at room temperature that has undergone brittle fracture during uniaxial �ow. The
relative Hencky strain rates following the black arrow (bottom to top) are aT ε̇ =
0.01, 0.03, 0.1, 0.175, 0.3, 0.54 and 1.0 s−1.
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meridian, and even more importantly, an equatorial shish streak of increasing inten-
sity develops. The intensi�cation of the kebab lobes suggests an overall increase in
crystalline orientation. The intensi�ed shish streak indicates an increased amount of
shish [51], a result that excellently agrees with the rheological response in Figure 6.3
showing an increase in strain hardening with the Hencky strain rate. For the range
of low Hencky strain rates where TTS applies, no clear sign of shish formation is
detected.

6.2.2 Stabilization of �ow and critical strain for shish forma-
tion

As already mentioned, samples stretched at 150 ◦C undergoes brittle fracture [98]
to prevent the sample from being stretched above ε = 0.8 for aT ε̇ ≥ 0.1. Lowering
the temperature to 144 ◦C enables stretching without fracture at rates up to aT ε̇ =
0.3 s−1. At 140 ◦C, rates up to aT ε̇ = 0.54 s−1 can be reached. We hypothesize
that the nucleation and growth of shish at 140 and 144 ◦C reinforce the �lament.
Consequently at 140 and 144 ◦C stretch experiments without brittle fracture can be
carried out at higher rates relative to 150 ◦C (where no shish is believed to be formed).
Perhaps the most interesting result that the fracture/no fracture observations provide
is the insight into when the onset of crystallization occurs or, more speci�cally, the
value of the critical strain for shish formation εc. Previously reported values of εc are
all > 1.5 [140, 118, 56]. Here, both for 140 and 144 ◦C, we �nd that εc has to be 0.8
or even less for shish to prevent fracture that otherwise occurs at this strain. From
the TTS success/failure transition in Figure 6.3, de�ning a critical stress σc between
100 and 500 kPa for the onset of shish, is possible as well.

6.2.3 Strain hardening due to crystallization

Figure 6.3 also shows that for aT ε̇ = 0.1 and 0.3 s−1, the responses at 140 and 144 ◦C
overlap for ε < 3. Above ε = 3, however, the behavior at the two temperatures di�ers.
At 140 ◦C the stress shows a clear increase in slope with increasing ε. At 144 ◦C the
degree of strain hardening is smaller. As demonstrated by Hadinata et al., the upturn
at both temperatures can be explained by FIC when the extensional response is
compared with the prediction of the hierarchical multimode stress function (HMMSF)
[124, 125], as shown in Figures 6.5a and b, (see Section 4.2.1 for the description of the
HMMSF model). For the two temperatures, the deviation at ε > 3 from the model
prediction clearly suggests a structural change of the melt. At ε < 3 the measured
response is relatively well captured by the HMMSF model that only considers chain
dynamics. However, the melt fractures at 150 ◦C, so some structural change must
take place for the lower temperatures at ε < 3, as well. Based on the ideas introduced
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(a) (b)

Figure 6.5: Comparison of the measured extensional stress (symbols) and HMMSF-
predicted extensional stress (lines) of PE-460k. The value of nonlinear �t parameter
GD = 600 Pa, and nine Maxwell modes are used in the modelling of the stretch
experiments (a) at T = 140 ◦C and (b) at T = 144 ◦C. The realtive Hencky strain
rates in both �gures following the black arrow (bottom to top) are aT ε̇ = 0.01, 0.03,
0.1, 0.175, 0.3 s−1 and, only in (a), 0.54 s−1 .

by Eder and Janeschitz-Kriegl threadlike precursors can be thought to create a loosely
cross-linked network governed by chain dynamics [48]. If the density of cross-links
is small, the polymer chain on short time scales will only have time to relax locally
and, therefore, does not feel a cross-link further down the chain. As a result, the
cross-link will have no in�uence on the extensional rheology at short times in this
case at ε < 3. At longer times, the cross-link hinders the complete relaxation of a
chain. Therefore, the chains are stretched further than predicted by chain dynamics,
causing the upward deviation from the HMMSF model. For the sample stretched at
140 ◦C we observe a rate-independent stress versus strain for aT ε̇ = 0.3 and 0.54 s−1

above ε = 4. Essentially, this is the de�ning characteristic of a solid.

6.2.4 Modelling the in�uence of shish on extensional rheology

Flow-induced crystallization can be modelled in several ways. In this study, we use a
very simple approach in which we consider the threadlike precursors to act as cross-
links as explained above. This approach is inspired by the works of Zuidema et al.
and Roozemond et al. [129, 37].
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We incorporate crystallization into the HMMSF model by, using this picture of a
stretched network. If just a few nuclei exist, the melt is very weakly cross-linked,
and therefore, only the longest modes of relaxation are hindered. If the nucleation
density is high, the relaxation of the faster modes are hindered as well. The modes
prevented from relaxation by cross-links are set to have a relaxation time τi = ∞.
These modes modes are referred to as locked modes. The modes are hierarchically
locked meaning that a fast mode i cannot lock unless all modes slower than i are
locked, as well. In this �rst attempt, we assume that the cross-linking density is
constant throughout the stretch, which most likely is untrue. Hence, the number of
locked modes during a given stretch is constant. The number of locked modes also
serves as a �tting parameter. Furthermore, we neglect changes in density caused
by crystallization as well as any in�uence from the spatial growth of nuclei. Both
assumptions are expected to be valid only during the initial stage of crystallization,
when the sizes of crystalline domains are small and hence, the degree of crystallinity
limited.

Figures 6.6a and b show the results of the modelling for 140 and 144 ◦C, respectively.
This approach, indeed, enables the in�uence of shish formation on the extensional
rheology to be captured qualitatively. Even the solid-like behavior observed at 140 ◦C
is accounted for. From the model we learn that because the cross-links prevent the
locked long modes from relaxing at high strains, the locked modes become highly
stretched and thus alone govern the extensional response. The large portion of un-
locked chain segments that can relax is insigni�cant to the overall behavior.

6.2.5 Herman's Orientation and stress at quench

The modelling has shown that the response of the crystallizing melt can be modelled
by considering the melt as a cross-linked network of increasing cross-link density. This
result suggests that although the melt is crystallizing, the response is governed pri-
marily by the dynamics of uncrystallized chains locked between nuclei. Consequently,
the previously suggested relationship between stress at quench and Herman's orien-
tation factor (Chapters 3 and 4) should apply for this sample as well, despite the
fact that it crystallizes during the stretch. Figure 6.7 shows the Herman's orientation
factor against the stress at quench for samples stretched at all three temperatures.

The orientation for all �laments, irrespective of the temperature during stretching,
fall onto the same master curve. The mastercurve seems to have two regions. 1)
A region in which the FH follows a power law with an exponent of 2/5, similar
trends observed in Chapters 3 and 4 and 2) a plateau where the orientation saturates
and stays constant around FH ∼ 0.7. The maximum theoretical value of Herman's
orientation factor FH,max = 1 (perfect unidirectional orientation). Thus, FH cannot
keep increasing and a plateau region in which FH,max = 1 is expected for the ideal
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(a) (b)

Figure 6.6: Comparison of the measured extensional stress (symbols) and HMMSF
predicted extensional stress using locked modes (lines) of PE-460k (a) at T = 140 ◦C
and (b) T = 144 ◦C. The value of nonlinear �t parameter GD = 600, Pa and nine
Maxwell modes are used in the modelling. The 1st Maxwell mode is the fastest,
whereas the 9th mode is the slowest. The realtive Hencky strain rates in both �gures
following the black arrow (bottom to top) are aT ε̇ = 0.01, 0.03, 0.1, 0.175, 0.3 s−1

and (only in a) 0.54 s−1. The fastest mode that is locked because of cross-linking for
each stretch is also shown. A locked mode i = 7 means that the 7th, 8th and 9th
mode have τi =∞.

Figure 6.7: Herman's orientation in quenched �laments versus the stress at quench.
Symbols indicate �laments stretched at 140 ◦C (black), 144 ◦C (red), and 150 ◦C
(blue). The solid line is a guide to the eye showing two regions: one with a slope of
2/5 followed by a plateau region. The dashed line shows the linear relation observed
in amorphous systems.
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Shish formation above the melting temperature stabilizes �laments of HDPE in

extensional �ow

case. Polymers are far from ideal. In fact, creating perfectly oriented shish-kebabs
is impossible. The maximum shish-kebab orientation of a given polymer most likely
depends on the chain architecture and is expected to be lower than the theoretical
maximum value of 1. For PE-460k, FH,max is 0.7. Once this value is reached, the
length and number of shish can still increase, but the orientation stays unchanged.

6.3 Conclusion

We have shown that �ow-induced shish nucleation and growth in uniaxial extension
above Tm can stabilize the �laments and prevent true fracture. We �nd the critical
strain for the onset of shish formation to be less than 0.8, which is much lower than
previously reported values. We have shown that under the conditions tested here, the
qualitative in�uence of crystallization on the extensional rheology can be captured
by incorporating cross-linking into the HMMSF model. The success of the modelling
suggests that the response of the liquid is governed by the dynamics of chains locked
between nuclei. Thus, we �nd that Herman's orientation factor in the quenched
�lament is a universal function of the stress at quench.

Contributors to this work was Bo Shen and Prof. Julie Korn�eld who provided the
material. Daniele Parisi and Prof. Dimitris Vlassopoulos performed linear creep
experiments and Anine Borger and Prof. Kell Mortensen performed the SAXS mea-
surements. The SAXS measurements were carried out at Core Facilities in the College
of Engineering at Drexel University, who is gratefully acknowledged.



Chapter 7

Conclusions, perspectives and
outlook

With this work we aimed to connect uniaxial extensional rheology and crystallization
in polymers. The study was heavily focused on the rheological aspect of this problem
in terms of both experiments and analysis because this is where we could bring some-
thing new to the table. During the past decade, the general knowledge of dynamics in
extensional �ow has increased tremendously. This knowledge is of utmost importance
in terms of understanding �ow induced crystallization, in particular formation of ex-
tended chain crystals (shish). This study served to bring rheology and FIC closer by
applying the most recently acquired knowledge of polymers in extension and studying
its in�uence on crystallization. The Chapters of the thesis can be divided into three
categories: 1) Amorphous polymers in uniaxial extension, 2) uniaxial extension and
subsequent non-isothermal crystallization, and 3) isothermal crystallization during
uniaxial extension. Key �ndings in these categories are summerized in the following.

Amorphous polymers in uniaxial extension (Chapter 2) While the �eld of
extensional rheology has advanced signi�cantly, there are still unresolved questions.
One question still unresolved is the discrepancy between the extensional response in
diluted and undiluted linear polymer systems. One very recent explanation for this
discrepancy is the idea of friction reduction [57]. From this idea and through careful
consideration regarding solvent molecular weight, as well as the molar mass and the
concentration of PMMA, we show that it is possible to design a PMMA solution with
the same linear and nonlinear response as a PS melts. The investigations con�rm
that the idea of friction reduction is a plausible cause of the apparent qualitative
di�erence in behavior between polymer melts and solutions.
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Crystallization from a stretched state (Chapters 3 + 4) These studies con-
cern extensional experiments on LDPE and HDPE, and the morphology obtained
upon cessation of the �ow investigated by ex-situ SAXS and WAXD. The experi-
mental temperature is high enough that no crystallization occurs during deformation
and therefore complexity of the system is kept down relative to systems in which
crystallization occurs during �ow. Quenching rate relative to the relaxation times
of the molecules is fast. Consequently, the polymers do not have time to relax be-
fore crystallization, which enables the molecular conformation extracted from the
extensional response to be compared with the �nal morphology. Not surprisingly,
molecular deformation before quench, and the morphology of the quenched �lament
is directly correlated. The investigations of LDPE show that the the extensional
overshoot can indeed be attributed to branch point withdrawal as the orientation of
samples quenched at the stress maximum shows a greater orientation than samples
quenched after the overshoot. For HDPE, we �nd that stress increase upon addition
of a very small fraction of UHMwPE scales with increased orientation observed after
quench. Therefore a very important point of these experiments is the importance of
measuring the rheological response of the high molecular weight component. This
is broadly overlooked in experimental studies while most model theories speci�cally
focus on the high molecular weight component. We propose to measure the low
frequency regime using linear creep experiments in combination with nonlinear ex-
tension. Creep gives insight into the isolated response of the high molecular weight
component while extension yields its behavior in strong �ows.

Extension induced crystallization above Tm (Chapters 5 + 6) These studies
concern crystallization above Tm induced by application of strong �ow. We use
polyethylene both in the form of a commercial HDPE and as UHMwPE in solutions
of para�n oil. For both types of systems we observe a stabilizing e�ect of FIC in
the �laments. In solution, FIC prevents the �ow induced phase separation from
proceeding to the point of �lament failure, while in the melt FIC prevents brittle
fracture. We �nd evidence that the initiation of FIC occurs at Henky strains less than
0.8 which is lower than previously reported values determined by scattering methods.
This suggests that precursors form at an even lower strain than previously anticipated.
Furthermore the cohesive e�ect of precursoring is so strong that it prevents brittle
fracture of the �uid. Modi�cation of the HMMSF model to include various degrees
of cross-linking reveals that FIC in HDPE can be described as a stretching network,
which is in agreement with recent studies.

Considering the thesis as a whole, a general trend is worth mentioning. Chapter 3,
4 and 6 independently �nd a correlation between the stress at quench and Herman's
orientation factor determined from SAXS. The systems investigated in these chapters
are vastly di�erent in terms of chain architecture and whether FIC occurs or not.
Despite these di�erences, we �nd that the extracted orientation factors fall onto the
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Figure 7.1: Herman's orientation in quenced �laments versus the stress at quench.
(a) Shows data for HDPE obtained in Chapter 4 (blue and red symbols) and 6 (black
symbols). (b) shows the same data as in (b) but with additional data from Chapter
3 on LDPE.

same mastercurve when plotted against the stress at quench (see Figures 7.1a and
b). Correlations like these can only be revealed if one measures true properties - not
take-up speed along a spinline, not engineering stress, not draw ratio - and overall
this study proves the importance of extensional rheology in understanding FIC.

7.1 Outlook

In closing i would like to present my re�ections and proposals for future studies in
the three above mentioned categories:

Amorphous polymers in uniaxial extension (Chapter 2) The attention on
friction reduction as a way to explain the di�erence between polymer melts and
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solutions in extension is quite recent. More experimental studies and modelling are
needed in order for it to be generally accepted. Several ongoing projects are centered
around proving or disproving this theory [86, 143]. In order for the idea of friction
reduction to be valid, the solvent molecules (oligomeric PMMA) for the PMMA
solutions in Chapter 2 should orient in the �ow. A very interesting project would be
to replace oligomeric PMMA with deuterated analogs and perform SANS experiments
either in-situ or on quenched �laments. This could reveal whether the the solvent
molecules of these systems orient or not and thus if friction reduction exists.

Crystallization from a stretched state (Chapters 3 + 4) A great advantage
of these studies relative to studies in which FIC occurs is the reduced complexity of
the extensional �ow as it stays homogeneous. Consequently, the molecular confor-
mation at quench is more easily related to the morphology after quench. It would
be interesting to extend this connection one step further and measure the strength
(e.g. Youngs modulus) of the �laments created on the FSR. This way the molecular
conformation at quench can be related to the �nal mechanical properties at room
temperature.

Extension induced crystallization above Tm (Chapters 5 + 6) During this
PhD study, several very interesting �ndings have been published [144, 145]. Currently,
the group of Prof. Liangbin Li has the ability to perform in-situ X-ray measurements
on extensional �ows using the SER �xture [108, 146, 141, 118]. Together with recent
developments in modelling, the solution to the problem of how to treat a precursor-
ing/nucleating melt in �ow is becoming more clear [37]. From these works, it seems,
an accurate description of a melt, in which precursors are forming, is by a network
of increasing cross-linking density. The precursors initiating the network formation,
however, is still not understood. Recently, new insight into the persistence of pre-
cursors at elevated temperatures has been published [147]. It is shown here that
precursors persist at higher temperatures and longer times than generally expected.
Hence it seems that although the e�ect of precursoring on FIC is unravelling, the
true nature of precursors is still to be discovered. Future studies combining the FSR
with in-situ scattering methods would be of great advantage.
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Universality of molecular dynamics is a fundamental
assumption in polymer physics [1,2]. It is the underlying
framework of the most successful theoretical model, known
as the tube model [3,4]. The significance of this assumption
is that model systems at room temperature, i.e., polymer
solutions, could be used to represent polymer melts at
elevated temperatures. While the existence of a room
temperature model material would be highly desirable,
unfortunately a polymer solution with the same fast flow
dynamics (nonlinear behavior) as a polymer melt has not
yet been observed. It was recently shown that two linear
polymeric systems with the same number of entanglements
exhibit identical slow flow dynamics (linear behavior), but
strikingly different nonlinear behavior [5]. The lack of
evidence of universality in strongly nonlinear conditions
leaves one wondering whether such an assumption is valid.
For two polymeric systems to have identical flow

dynamics, researchers have hypothesized that they must
have the same following characteristics: (i) the same
number of entanglements, (ii) the same degree of flexibility
(number of Kuhn segments per entanglement), and, very
recently, (iii) the same potential for monomeric friction
reduction [6]. Whereas systems with identical character-
istics (i) and (ii) have been studied [7,8], systems with the
same characteristics (i)–(iii) have not, the reason being that
usually characteristic (ii) can never be adjusted without
compromising characteristic (iii).
This study observes universal behavior between a

polymer solution and a polymer melt with the same three
characteristics, confirming the assumption of universality
in polymer physics for both linear and nonlinear dynamics.
The following is a brief description of how to manipulate
all three characteristics independently.
Adjustment of the three characteristics (i)–(iii) is based

on the tube model depicted in Fig. 1. Here, a polymer in
an entangled melt is reduced to a primitive chain with
limited ability to move in its transverse direction due to

entanglements with neighboring chains [Fig. 1(a)]. Effec-
tively, the entanglements can be regarded as constituents of
a tube surrounding the test chain [Fig. 1(b)]. The primitive
chain itself can be described by a random walk of Kuhn
steps [Fig. 1(c)].
The number of entanglements per chain Z, characteristic

(i), is solely responsible for the linear response of a
polymeric liquid [5]. It is given by the ratio of Kuhn steps
in the entire chain N over Kuhn steps per entanglement
segment Ne, or analogously on a molar mass basis

FIG. 1 (color online). Sketch of the tube analogy for entangled
polymeric liquids. (a) A primitive entangled polymer chain in a
melt. The polymer test chain is well entangled with neighboring
polymer chains. (b) The simplified picture of the polymer melt
applied in the original tube model. Here, the entanglements
constitute a tube with a primitive path. (c) Enlargement of one
entanglement segment showing how the test chain is reduced to a
random distribution of connected Kuhn steps.
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Z ¼ N
Ne
¼ Mw

Me
: ð1Þ

Here, Mw and Me are the molar masses of the entire
chain and one entanglement segment, respectively. As
Me is independent of polymer molar mass, the number
of entanglements can be adjusted from the molar mass of
the polymer as it scales linearly with Mw. The addition
of a solvent to a polymer melt increases Me. However, a
proportional change inMw may be used to keep the number
of entanglements unchanged.
The number of Kuhn steps per entanglement Ne,

characteristic (ii), becomes important in the nonlinear
regime [9]. Ne describes the rigidity of an entanglement
segment and is used in several nonlinear models [10–15].
For an undiluted polymer, Ne is determined by its chem-
istry alone. Adding a solvent to an entangled polymeric
liquid will increase the spacing between entanglements,
thus increasing the number of Kuhn steps per entanglement
segment. In a solution with a given polymer concentration
ϕ the number of Kuhn steps between entanglements NeðϕÞ
scales as

NeðϕÞ ¼ Neð1Þϕ−α: ð2Þ
Here, Neð1Þ is the number of Kuhn steps per entangle-

ment segment for the undiluted system and α is the dilution
exponent with a value between 1 and 1.3, depending on
concentration [16]. It is realized that dilution increases Ne;
hence, the only way to match Ne between a polymer melt
and a solution is to have two different chemistries. Thus, by
allowing a change in chemistry and molecular weight, both
Ne and Z can be adjusted independently.
As previously mentioned, no two polymer liquids having

identical characteristics (i) and (ii) (i.e., the same Ne and Z)
have shown the same nonlinear behavior. In fact, evidence
of the contrary is available [7]. Hence, experimental
evidence suggests that Z and Ne alone cannot account
for the nonlinear behavior of polymeric liquids. This is why
the third concept, monomeric friction reduction, proposed
by Ianniruberto and co-workers is important [6].
Friction reduction, characteristic (iii), encountered in

nonlinear flows, arises from the anisotropic environment
locally around the polymer chain [6,17]. In the case of
diluted polymers, traditional (small) solvent molecules
remain isotropic even at large deformations, inhibiting
any flow-induced monomeric friction reduction. The very
nature of friction reduction seemingly disrupts any pos-
sibility of ever obtaining a solution that behaves as a melt,
unless the solvent molecule possesses the same potential
for friction reduction as the polymer itself, i.e., such as in
the case of oligomers.
Using oligomers (polymers with less than 100 repeating

units) as the solvent is a potential method of matching the
friction reduction between the polymer and the solvent.
Molecular dynamics simulations of polystyrene oligomers

have shown that the degree of friction reduction in fast
shear flows indeed increases with increasing molar mass of
the oligomers [6]. Hence, we hypothesize that the friction
reduction of a polymer solution increases as the number
of oligomer Kuhn steps Ns increases. Yet, in order not to
create a binary blend of polymers where Ne is fixed, Ns
must be smaller than Ne to avoid forming any additional
entanglements, i.e., Ns=Ne < 1. On the contrary Ns=Ne
should be as large as possible in order to have a similar
potential for anisotropy and hence friction reduction as
a melt.
The solutions investigated in this study are pre-

pared from poly(methyl methacrylate) (PMMA) with
Mw ¼ 86 kg=mol (PMMA-86k) and Mw ¼ 270 kg=mol
(PMMA-270k). From linear characterization, Z is esti-
mated to be 14 for PMMA-86k and 52 for PMMA-270k,
see the Supplemental Material [18] for details. Ne is
estimated to be 10 and 9, respectively [19]. Oligo(methyl
methacrylates) of various lengths are investigated as the
solvent for the samples. Among the various options (see
the Supplemental Material [18]), an oligomer of Mw ¼
3.5 kg=mol (referred to as o-4k) is found to be the most
optimal solvent for this study, i.e., the longest solvent
molecule that does not form entanglements.
The reference materials that we aim to mimic using

PMMA are two polystyrene (PS) melts. They have pre-
viously been characterized by Nielsen et al. and Huang
et al. [5,21], one with Mw equal to 103 kg=mol the other
with 285 kg=mol, referred to as PS-100k and PS-285k,
respectively. PS is known to have Me ¼ 13.3 kg=mol and
analogously Ne ¼ 22 [5,22]. Characteristics of these sam-
ples related to the tube model are given in Table I.
Diluting PMMA-86k and PMMA-270k in o-4k yields

the solutions PMMA-86k=o-4k and PMMA-270k=o-4k,
respectively, with the characteristics given in Table I.
Values of Z and Ne for the PMMA solutions and the
reference PS melts are in good agreement (within �10%).
Furthermore, we observe that Ns=Ne for the PMMA
solutions are close to 1 without exceeding it, as required.
The linear and nonlinear response of the PMMA

solutions and PS melts are shown in Figs. 2(a) and 2(b),
respectively. The linear response is obtained from a small
amplitude oscillatory shear (SAOS) flow whereas nonlinear
characterization is obtained from uniaxial extension.

TABLE I. Material characteristics of PS melts and PMMA
solutions.

Sample ϕ α Z Ne NS=Ne

PS-285k 1.00 � � � 21 22 � � �
PMMA-270k=o-4k 0.45 1.17 20 23 0.67
PS-100k 1.00 � � � 7.7 22 � � �
PMMA-86k=o-4k 0.51 1.08 7.0 20 0.59
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The linear response [Fig. 2(a)] is expressed in terms
of the dynamic moduli G0 and G00 versus frequency ω,
representing the elastic and viscous response of the fluid,
respectively. The solvent is expected to contribute an
amount to G00 ¼ ð1 − ϕÞηsω, where ηs ¼ 410 Pa s is the
solvent viscosity. Hence, the solvent only contributes a
negligible amount to the moduli and the solvent does not
affect the universality argument. The dynamic moduli have
been normalized by the characteristic plateau modulus
G0

N , a hypothetical value of the plateau in G0 for
ω → ∞. Frequency is normalized by the characteristic
time τe related to the second crossover of the dynamic
moduli. The parameters G0

N , τe, and Z may be extracted
frommodels such as the Baumgaertel-Schausberger-Winter
spectrum or the Likhtman-Mcleish model (see the
Supplemental Material [18]) [23,24].
From the linear characterization in Fig. 2(a), it is seen

how samples with the same Z overlap, as expected. Tube
stretch and friction reduction are inactive under these
conditions and, consequently, Ne as well as the type of
solvent are irrelevant for the observed similarity.
The most severe nonlinear behavior of polymers is

encountered in extension, including uniaxial extension.
This study employs a filament stretching rheometer to
measure the fast flow dynamics of melts and solutions [25].
It is equipped with an active control scheme [26] to avoid
filament instability as described by Fielding [27]. The
instrument measures the stress in the polymer sample by
monitoring the axial force and the midfilament diameter.
This study performs extensional measurements at a con-
trolled rate, the Hencky strain rate _ε0. The resulting

response of the polymeric liquids is shown in Fig. 2(b).
It displays the transient behavior in terms of the extensional
stress growth coefficient, given by

ηþE ðtÞ ¼
σzz − σrr

_ε0
: ð3Þ

Here, σzz and σrr represent the axial and radial compo-
nent of the stress tensor, respectively. Normalization of ηþE
is based on a characteristic viscosity given by the plateau
modulus G0

N and a characteristic relaxation time scale for
the whole polymer chain τR ¼ τeZ2 (see the Supple-
mental Material [18] for more details). In addition, the
linear prediction obtained from fitting the Baumgaertel-
Schausberger-Winter spectrum to the SAOS data is shown
as solid and dashed lines in Fig. 2(b).
Each upturn represents a single filament stretch experi-

ment, performed at a given constant _ε0. To enable com-
parison, strain rates are given in terms of nondimensional
Weissenberg numbers (WiR ¼ _ε0τR indicated at each
experiment) instead of the absolute value _ε0. WiR compares
the Rouse relaxation time of the chain contour length τR to
the imposed rate of deformation _ε0 [28]. As long asWiR<1
the number of Kuhn lengths between entanglements Ne is
unimportant. However, for WiR > 1 motions on the scale
of a Kuhn length occur, and therefore Ne becomes an
important parameter. In a similar way friction reduction
is only activated in a highly anisotropic environment
experienced at WiR > 1, where chains are aligned and
stretched [29].

FIG. 2 (color online). Nondimensional mechanical response of PS melts and PMMA solutions. Samples have a similar number of
Kuhn steps between entanglementsNe, degree of friction reduction, and pairwise matching number of entanglements Z. Closed symbols
indicate samples with Z ≈ 20, open symbols samples with Z ≈ 7. Black indicates reference data for pure polystyrene melts [5,21].
(a) Linear response from small amplitude oscillatory shear, expressed in terms of normalized dynamic moduli versus normalized
frequency. (b) Response of melts and solutions in extensional flow at various nondimensional rates of deformation (WiR). Results are
expressed in terms of the normalized stress growth coefficient. Samples with Z ≈ 7 have been shifted horizontally one order of
magnitude higher for clarity. Solid and dashed lines are linear predictions obtained from fits of the SAOS data.
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In Fig. 2(b) good agreement with the linear prediction is
observed for WiR ≪ 1, as expected. At larger WiR a clear
deviation from linear behavior is observed. This upward
deviation of ηþE from the linear prediction is known as strain
hardening. The most important characteristic is that the
transient behavior of PS melts and PMMA solutions
stretched at the same WiR is the same for all time, for all
experiments. This similarity between melt and solution
behavior has, to our knowledge, never been observed before.
A plateau region is observed for ηþE , towards the end of

each stretch experiment in Fig. 2(b). Here, the polymeric
liquids reach a steady state extensional viscosity ηE. These
values are plotted against WiR in Fig. 3. In the linear
regime, extensional viscosity ηE is often expressed in terms
of the zero shear rate viscosity η0, where ηE ¼ 3η0.
Theoretically, ηE=3η0 → 1 as WiR → 0 for linear polymeric
liquids, as is indeed the case here.
The PMMA solutions prepared in this work exhibit an

initial increase in ηE, followed by a steady decrease. The
increase is more pronounced for a low number of entan-
glements both for the solutions and the melts. Furthermore,
for liquids with a sufficiently high number of entangle-
ments, ηE follows the power law ηE ∝ ðWiRÞ−0.5, previ-
ously only observed for polymer melts [30]. Overall, the
PMMA solutions and PS melts with the same three
characteristics behave identically.
The ability of the oligomer to induce friction reduction

can be explained from the concept of average orientation
introduced by Yaoita et al. [17]. Assuming an isotropic
solvent, they model friction reduction by introducing an
average orientation tensor S̄ ¼ ϕSp with Sp being the
polymer orientation tensor. The greater the average ori-
entation, the greater the friction reduction. It is seen that the
average orientation clearly is reduced as the concentration
of polymer ϕ is reduced, and consequently the degree of
friction is reduced.

In this work, the o-4k solvent is orientable, i.e., non-
isotropic. Intuitively, there must be an additional contribu-
tion to the average orientation from the solvent such that
S̄ ¼ ϕSp þ ð1 − ϕÞSs where Ss is the orientation tensor of
the solvent. Therefore, the average orientation of the
solution is higher than if a molecular (isotropic) solvent
were used, promoting friction reduction as expected in a
melt. Note that in the limiting case where Ss ≈ Sp there
should be little difference between a melt and a solution.
To demonstrate this concept further, the effect of using a

solvent molecule with Mw ¼ 2.1 kg=mol (o-2k), i.e., half
the size of the utilized o-4k, is seen in Fig. 4. It is seen
that the steady state viscosity of the PMMA solution
containing the o-2k solvent (PMMA-270k=o-2k) exceeds
that of the two others, PMMA-270k=o-4k and PS-285k.
This supports the hypothesis that the o-2k solvent contrib-
utes less to the average orientation than the o-4k, resulting
in less friction reduction.
To conclude, we have shown experimentally that uni-

versality of polymer dynamics can be extended from the
linear regime deep into the nonlinear regime. The concept
of monomeric friction reduction seems valid and perfectly
explains the previously unsolved discrepancy between the
response of polymer melts and solutions in fast flows where
both Z and Ne are the same. As a result the number of
characteristics needed to fully describe flows of polymeric
liquids across all deformation regimes can be narrowed
down to the three presented here.
These results have both positive and negative implica-

tions, the positive being that we now have a method
of systematically designing model materials for linear
entangled polymers and most likely other macromolecules
and polymers with other types of architectures due to the
proof of universality [31]. Unfortunately, the influence of
friction reduction means that diluting polymers with con-
ventional molecular solvents can never result in a proper
model material for a polymeric melt since a disparity in

FIG. 3 (color online). Normalized steady state viscosity as a
function of the Weissenberg number. Panel (a) compares samples
with Z ≈ 20. Panel (b) compares samples with Z ≈ 7. Black
indicates reference data [5,21].

FIG. 4 (color online). Normalized stress growth coefficient
(symbols) for three different polymers extended at a Weissenberg
number WiR ¼ 6.7. Solid lines indicate the predicted linear
response. Black indicates reference data [5].
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friction reduction between the polymer and solvent
increases the strain hardening behavior. Hence, the use
of polymeric solutions as model materials for polymeric
melts seems very limited. The important take home
message is that this data set offers a complete experimental
framework for which to test all future models, which
evidently must include physics relating to the number of
entanglements, the flexibility of the chain, and the mono-
meric friction reduction of both the polymer and solvent
when applicable.
In closing we remark that universality has been dem-

onstrated on the macroscopically observable stress. It is
interesting to consider whether this reflects universality on
the molecular level, which in the future could be observed
by techniques such as dielectric spectroscopy or neutron
scattering [32,33].
Please contactOleHassager to gain access to the raw data.
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Materials and Method  
Synthesis and chromatography  
Polymers of varying molar masses where provided by Polymer standard service (PSS) 

except one which was provided by Sigma-Aldrich. Specifications on starting materials are 

given in table S-I. 

 

Preparation of solutions was performed according to the following procedure. Before 

utilizing the polymers, they were dried under vacuum for min.	48	h		(Binder vacuum 

oven,	70	°C,	0.1	bar). Subsequently, the solutions were prepared by mixing polymer and 

oligomer in amounts corresponding to the desired final concentration and dissolving in 

dichloromethane (DCM). The amount of DCM was adjusted such that the concentration of 

polymer in the mixture was 	0.1	 ∗. Here ∗ is the concentration separating dilute 

solutions from a semi-dilute solutions  [1] . The mixture was sealed and gently stirred 

overnight ( 	12	h). 

The mixture of polymer, oligomer and DCM was poured into a form made from thick 

aluminum foil and covered with regular perforated aluminum foil. The form was left in the 

fume hood until all DCM appeared to be evaporated ( 	12	h) and a solid film had formed. 

The size of the aluminium form was adjusted such that the thickness of the remaining 

polymer film was	50 150	μm. Gently, flakes of film was peeled off the aluminum foil, 

and dried in the vacuum oven at 	70	°C for 48	h. Specifications on the solutions are given 

in table S-II. 

 

Size exclusion chromatography (SEC) was used as a means to characterize the prepared 

solutions and starting materials, with respect to 1) composition, 2) polydispersity indexes 

(PDI’s), 3) check for thermal degradation after mechanical characterization. 



  
 

 
 

  Sample was weighed (5 10	mg) and dissolved in 1 2	mL eluent which in this case 

was stabilized THF. SEC was performed using a Viscotek VE 2001 GPC Solvent/Sample 

module together with a Viscotek TriSEC 302 Triple Array Detector. The columns were a 

PL Guard and two PL gel mixed D columns and calibration was made on the basis of 

PMMA standards. At least two SEC measurements were performed per solution to confirm 

that they were homogeneous. 
 
Differential scanning calorimetry (DSC) was used to determine  of raw materials and 

the final solutions. 3 5	mg sample was placed in a hermeneutic pan and DSC was carried 

out using a TA Q1000 with autosampler. Standard Heat-Cool-Heat procedure was 

performed with a heating rate of 10	°C/min. 
 

Mechanical spectroscopy 
Mechanical characterization of both diluted and undiluted polymers was performed using 

two different rheometers, an Ares G2 rheometer from TA Instruments and an in-house 

developed filament stretching rheometer (FSR). For both instruments samples were shaped 

into small discs of varying height and diameter using a vacuum mould. Moulding was 

carried out at approximately 80	°C above  of the samples.  

 
Small amplitude oscillatory shear (SAOS) was carried out in the TA Instruments Ares 

G2 rheometer under 	  atmosphere. The geometry was an 8	mm plate-plate geometry with 

a gap of ~0.8	mm. Frequency sweeps were conducted at minimum three different 

temperatures for each sample in the range of 30 100	°C above . Resulting spectra 

where subsequently shifted to obtain a single master curve for each sample at	150	°C. The 

horizontal shift factors (  are given in table S-III. To ensure reproducibility at least two 

samples per material was tested and all frequency sweeps where repeated. 

 

Uniaxial extension was performed using the in-house developed filament stretching 

rheometer (FSR)  [2]. Samples were in most cases moulded into discs of 5.4	mm and a 

height of 1.5 2.5	mm. In a few cases discs with a d diameter of 8	mm were used to 

enable higher strain rates to be achieved. For each stretch experiment a sample was placed 



  
 

 
 

on the bottom plate, heated 50 70	°C above	 . Once the sample had melted, it was 

squeezed for 5	min by lowering the upper plate. Subsequently the sample was pre-stretched 

to a diameter of 2.5 5.2	mm depending on the subsequent strain rate, the temperature 

was then lowered to 30 50	°C above  where the sample was left to relax until the 

normal force was	0	g. The sample was then stretched at a constant Hencky strain rate . 

If the measurement was not conducted at 150	°C it was subsequently shifted to  150	°C 

using the shift factors given in table S-III. Repetition of stretch experiments was performed 

for at least 3 different strain rates per material to ensure reproducibility.  

 
Supplementary text 
Data fitting of SAOS data was carried out using the BSW-spectrum. The procedure is 

described in Huang et al. [3]. The resulting BSW parameters are given in table S-IV. The 

fitting parameters of the BSW-spectrum ( ,  and		 ) were used for the estimation of 

the three original tube model parameters ( ,  and		 ) as follows: 

 

Tube  

Tube  

Tube ∝ 	
.

 

Procedure on how  and / 1  are determined is described in the primary text. All 

tube model parameters are given in table S-V. For comparison, the parameters estimated 

using the Likhtman-Mcleish (LM) model (from the RepTate software) has been added as 

well [22].    

 
Selection of samples for nonlinear testing was based on getting the highest ratio of  

/ 1  without creating additional entanglements. The longest solvent o-15k, clearly 

creates additional entanglements evident from , ′′ of PMMA-270k/o-15k in fig. S-1(A). 

The poor fit of the BSW and the narrow gap between ’ and ’’ in the upper plateau region 

suggests that PMMA-270k/o-15k resemble a binary blend rather than a solution. 



  
 

 
 

Consequently o-15k does not qualify as a solvent. Neither of the two shorter solvents o-2k 

and o-4k, creates additional entanglements.  

 
 

table S-I: Specifications on starting materials. 
Full name Abbreviation    a      a   b   b  Supplier 
Poly(methyl methacrylate)-270k PMMA-270k 270 1.09 1.09 141.8 PSS 
Poly(methyl methacrylate)-86k PMMA-86k 86 1.02 1.08 122.8 PSS 
Oligo(methyl methacrylate)-15k o-15k 15 - 1.85 98.6 Aldrich 

Oligo(methyl methacrylate)-4k o-4k 3.5 1.04 1.10 98.9 PSS 

Oligo(methyl methacrylate)-2k o-2k 2.1 1.10 1.22 72.5 PSS 
a Values provided by supplier    
b Values measured in-house    

 
 

table S-II: Specifications on prepared PMMA solutions obtained from SEC and DSC 
analysis. 

Sample name Polymer Solvent  [vol%]    °  
PMMA-270k/o-2k PMMA-270k o-2k 43 (±1) 108.6 
PMMA-270k/o-4k PMMA-270k o-4k 44 (±1) 120.7 

PMMA-270k/o-15k PMMA-270k o-15k 41 (±1) 123.6 
PMMA-86k/o-4k PMMA-86k o-4k 51 (±1) 106.9 

 
 

table S-III: Horizontal shift factors ( ) used for creating master curves at 
	° .	

Sample  

 
° →  

 
°

→  

 
°

→  

 
°

→  

 
	°

→  

 
°

→  
PMMA-270k - - 0.0230 - - 0.0000700 

PMMA-270k/o-2k 19.9 - 0.0577 0.00767 - - 

PMMA-270k/o-4k - - 0.0718 0.00906 - 0.000586 

PMMA-270k/o-15k - - 0.0706 0.00843 - 0.000557 

PMMA-86k - 10.8 0.0416 0.00345 - - 

PMMA-86k/o-4k - - 0.0668 0.00726 0.00119 - 

  



  
 

 
 

table S-IV: Material properties of PMMA melts and solutions along with the 
reference PS melts  [3,5] at 	° . Values are obtained from BSW fitting with  and 

 held constant at 0.7 and 0.23, respectively. 
   	

Sample  kPa   s   s       MPa	s  
PMMA-270k 408 229000 0.802 0.23 0.7 17500 
PMMA-270k/o-2k 125 933 0.0397 0.23 0.7 21.9 
PMMA-270k/o-4k 121 2610 0.235 0.23 0.7 59.3 
PMMA-270k/o-15k 125 3230 0.748 0.23 0.7 76.3 
PS-285k 248 117 0.00823 0.23 0.7 5.43 
PMMA-86k 1070 537 0.147 0.23 0.7 109 
PMMA-86k/o-4k 181 29.4 0.0917 0.23 0.7 1.07 
PS-100k 283 2.47 0.00572 0.23 0.7 0.138 

  
 
 

table S-V: Tube model parameters for PMMA melts and solutions along with the 
reference PS melts  [3,5]. Values in bold font are obtained from fitting the BSW 
spectrum, non-bold font are values obtained using the LM-model. 

Sample     /  

PMMA-270k 408 0.80 52 9 - 
 395 1.16 48 9 - 

PMMA-270k/o-2k 125 0.0397 25 18 0.40 
 130 0.0442 25 18 0.38 

PMMA-270k/o-4k 121 0.235 20 23 0.67 

 126 0.285 19 23 0.63 

PMMA-270k/o-15k 125 0.748 15 30 2.9 

 175 0.608 14 33 2.7 

 PS-285k 248 0.00823 21 22 - 

 256 0.00981 21 23 - 

PMMA-86k 1070 0.147 14 10 - 

 1149 0.156 15 10 - 

PMMA-86k/o-4k 181 0.0917 7.0 20 0.59 

 200 0.0899 7.7 19 0.60 

PS-100k 283 0.00572 7.7 22 - 

 331 0.00457 8.5 20 - 

 
 
 



  
 

 
 

 

 
 

 
fig. S-1: Measured dynamic moduli G’/ G’’ (open or closed symbols) at 	°  along 
the BSW fitting (solid lines) and fit of LM-theory (dashed lines) of (A) undiluted 
PMMA-270k and solutions hereof, (B) undiluted PMMA-86k and solutions hereof. 
 

(A) 

(B) 



  
 

 
 

 
fig. S-2: Extensional stress growth coefficient at 	°  for PMMA solutions 
containing o-4k and o-2k solvent. Solid and dashed lines indicate the linear prediction 
using the BSW-spectrum. 
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ABSTRACT: Low-density polyethylene (LDPE) shows a
stress overshoot in start-up of strong uniaxial extensional
flows of constant rate. It is believed that the overshoot is
caused by a contraction of the polymer backbone due to
alignment of the long chain branchesthe consequence being
that the molecular strain of the backbone does not increase
monotonically with the global strain of the melt. In this study
we investigate the semicrystalline morphology of LDPE
quenched before, after, and at the overshoot. We do this by
combining filament stretching rheometry with ex-situ X-ray
scattering. It is found that the overshoot indeed is reflected in
the orientation of the crystalline domains of the quenched
filaments. In a broader perspective, we show that the final
crystalline morphology is determined by the stress at quenchnot the strain at quench. With these findings we confirm that the
much debated overshoot has a physical origin. More importantly, we conclude that even for complex architectures like branched
systems, the crystalline orientation is determined by the backbone stretch rather than the global stretch of the material.

The molecular architecture of polymers influences melt
rheology, crystallization kinetics, and solid state mechanical

properties.1−4 A classical example is the effect of introducing
long-chain branching in polyethylene yielding low-density
polyethylene (LDPE) as opposed to the linear analogue of
high density (HDPE).5 In the case of melt rheology, introduction
of branches results in longer relaxation times, often several orders
of magnitude, depending on the degree of branching and length
of the branches.6 This, however, is not the only rheological
consequence of introducing branches. For the past decade, it has
been known that branched polymermelts in start-up of nonlinear
uniaxial extension show a fundamentally different behavior from
linear polymers in such flows.7 Linear polymers deformed at a
constant extension rate (Hencky strain rate ε ̇) initially show a
gradual increase in stress. At higher strains (ε) the stress saturates
and remains at a plateau called the steady state stress.8 Branched
polymers, on the other hand, exhibit a stress overshoot before
reaching steady state.7 The overshoot has been explained using
the argument that branches enhance the friction between a single
molecule and its surroundings, causing the backbone to be
stretched further than its linear analogue would be. However, as
the arms along with the rest of the molecule are aligned by the
flow, the friction decreases and the backbone contracts to a less
stretched configuration at which the steady state stress is
reached.7,9 This process is often referred to as branch point

withdrawal.10 A sketch of LDPE’s nonlinear extensional behavior

along with the molecular interpretation is shown in Figure 1.
The extensional stress overshoot and the subsequent steady

state have not been extensively studied. It was originally reported

Received: November 28, 2016
Revised: January 4, 2017

Figure 1. Sketch of the overshoot observed in nonlinear uniaxial
extension of LDPE (- - -). The classical Doi and Edwards (DE)
prediciton is shown as a reference (). The proposed transient
molecular conformation (flow direction is vertical) is shown as well for
selected points along the stress curve.
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by Rasmussen et al.7 observing the overshoot in constant rate
experiments using a filament stretch rheometer (FSR). The
results gave rise to discussions on whether the overshoot was a
material property or an experimental artifact.11−13 In the wake of
this debate followed a limited number of publications that further
investigated the phenomenon. The experiments consisted of
stress relaxation, creep, and cross-slot flow combined with
birefringence. They all confirmed the existence of an over-
shoot.14−17 To our knowledge no one has yet looked at the
overshoot effect on the final crystalline morphology of LDPE.
This, however, is a problem of interest as the crystal morphology
of polyethylene (PE) is known to change depending on
processing conditions.18 Under quiescent conditions, the melt
will form pointlike nuclei and crystallize into randomly oriented
spherulites.19 When crystallization occurs from a state at which
the polymer chains are sufficiently aligned by the flow, threadlike
precursors are likely to form resulting in shish-kebab
structures.20,21 This type of morphology consists of crystalline
fibrils (shish) oriented along the flow direction with lamellae
stacks growing perpendicular to the flow direction (kebabs).
Depending on the extent of molecular deformation prior to
crystallization, twisted or straight kebabs are obtained (Type I
and Type II, respectively). Type I forms at milder conditions
compared to Type II.
It is a long-standing tenet that polymer stretch is the key

determining factor for flow-induced crystallization.22 Indeed, this
postulation is a key assumption of molecular models.23,24

However, it has not been possible to directly verify this central
idea from shear experiments. Because of vorticity, shear flow is
not strong enough to make large extension of polymer chains
compared to extensional flow. This is where the overshoot in
extension becomes interesting for the crystallization properties.
If the proposed molecular picture is correct and hence the
backbone is stretched further at the stress maximum compared to
the steady state stress, samples quenched and crystallized at the
stress maximum (intermediate Hencky strains) would show a
greater orientation compared to samples quenched at the steady
state (high Hencky strains). This is somewhat counterintuitive as
one would expect to find the most oriented structures at the
highest strainsnot at intermediate strains as proposed above.
In this work we use a commercial LDPE to investigate the

influence of the stress overshoot in the melt state on the final
morphology of the solid LDPE filaments. In order to do so, we
study filaments stretched above the melting temperature at
several constant deformation rates25 and quenched before,
during, and after the overshoot in nonlinear uniaxial extension.
The nonisothermally crystallized filaments are characterized ex-
situ using small-angle X-ray scattering (SAXS) and wide-angle X-
ray diffraction (WAXD) to determine the morphology and the
degree of orientation. Finally, we attempt to link the stress at
quench to the final morphology by estimating the stretch of the
backbone during extension.

■ EXPERIMENTAL DETAILS
Materials. A commercial long-chain branched polyethylene

“Lupolen 3020D” from BASF was used in this study. The sample has
a weight-average molecular weight Mw of 300 000 g mol−1, a
polydispersity index (PDI) of 8, and a melting point (Tm) of 114
°C.14 The rheology of the system is well-known and exhibits a clear
overshoot in nonlinear extension.7,14,15

Filament Stretching and Quenching. Nonlinear extension of the
LDPE was carried out using a filament stretch rheometer (VADER 1000
from Rheofilament, first generation). The device consists of a top and a
bottom plate between which the sample is sandwiched, a laser

micrometer situated in the midplane of the sample, a load cell mounted
on the bottom plate, and a convection oven. The advantage of this
device is twofold. First of all, this device enables a viscous liquid to be
extended uniaxially in a controlled manner via a feed back control loop
enabling the performance of various types of experiments such as
constant rate, creep, stress relaxation, etc.26,27 Second, the oven can be
removed manually within 1 s, enabling fast quenching of the filament to
room temperature. Movement of the top plate is automatically disabled
once the oven is opened to prevent further stretching of the crystallizing
filament.

In this study the samples are stretched at a constant Hencky strain
rate (ε̇) according to the following:

ε ε= − = ̇
⎛
⎝⎜

⎞
⎠⎟t

D t
D

t( ) 2 ln
( )

0 (1)

Here ε(t) is the Hencky strain whileD0 andD(t) are the diameter at t = 0
and diameter during a stretch experiment, respectively. The
corresponding mean extensional stress difference in the midfilament
plane ⟨σzz − σrr⟩ is given by28
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Here F(t) is the force exerted by the fluid on the force cell,mf is the mass
of the sample, g is the gravitational acceleration, and Λi = Li/Di is the
initial aspect ratio of the sample with Li and Di being the initial length
and diameter of the sample before prestretching. The last factor corrects
for the shear contribution at low ε(t).

The experimental procedure was carried out as follows. LDPE discs of
varying height (0.5−3 mm) and diameter (5.4−9 mm) were placed in
the FSR, heated to 150 °C, prestretched to a desired D0, and then left to
relax for more than 15 min to erase any residual orientation left in the
sample. The temperature was lowered to the experimental temperature,
and uniaxial stretching was performed. The samples were quenched to
room temperature at the desired Hencky strain εq by opening the oven.
(See the Supporting Information for sketch of the thermal protocol
employed during filament stretch and quench.) A light flow of nitrogen
gas (25 °C) was applied to accelerate the quenching. From numerical
simulations the quench rate was estimated to 10 K s−1. Since the stress
relaxation times have been estimated around 100 s, the quenching
process is expected to be almost instantaneous in most situations.14

In order for all the samples to experience the same quench history, all
experiments were designed in such a way that the diameter at the point
of quenching (Dq) was ∼0.55 mm. In order to achieve this for samples
with different ϵq all samples were prestretched accordingly using eq 1,
with D(t) = Dq and D0 as the adjustable parameters.

Ex-Situ X-ray Measurements. WAXD and SAXS were performed
on the quenched filaments utilizing a SAXSLAB instrument (Ganesha
from SAXSLAB, Denmark) with a 300k Pilatus detector with pixel sizes
172 × 172 μm. The filaments were mounted vertically such that the X-
ray beam passed through the midplane of the filament where the
deformation history is known. The X-ray wavelength was 1.54 Å for both
WAXD and SAXS while the distance to the detector was ∼118 mm for
the WAXD measurements and either ∼1020 or ∼2240 mm for the
SAXS measurements. 2D intensity patterns of good resolution where
obtained using an exposure time of 5 min.

The orientation of the crystalline domains was determined on the
basis of the large scale structural characteristics from kebabs which is
seen as the lobes in SAXS (see Figure 3).29 Herman’s orientation factor
FH is calculated from eqs 3 and 4, assuming axial symmetry along the
stretch direction:30

ϕ= ⟨ ⟩ −
F

3 cos 1
2H

2

(3)

Here ⟨cos2 ϕ⟩ is the average cosine squared of the angle between the
normal of the lamellae kebab stacks and the flow direction, estimated
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from integrals of the azimuthal SAXS intensity profiles (see Supporting
Information for an example of an azimuthal intensity profile):
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Here I the scattering intensity and β is the azimuthal angle.

■ RESULTS AND DISCUSSION
The nonlinear rheological response of the Lupolen 3020D in
uniaxial extension is shown in Figure 2a,b. Symbols along the
stress curve indicate points at which samples were quenched and
nonisothermally crystallized. In Figure 2a it is seen that filaments
were quenched at Hencky strains before the overshoot, at the
overshoot, after the overshoot, and well into the steady state. At
the highest strain rates ε̇ = 0.3 and 0.6 s−1 it was not possible to
obtain points past the overshoot due to fracture of the filament.31

In Figure 2b, samples stretched at ε̇ = 0.1 s−1 and varying
temperatures are seen. No significant change in the stress
response for LDPE above Tm is observedonly an expected
small, vertical shift which is explained by the time−temperature
superposition principle.32 Below Tm there seems to be a small
indication of crystallization taking place toward the very end of

the experiments. This effect is best seen for the stretch performed
at T = 110 °C where a small upturn appears around a Hencky
strain ε = 3. An experiment performed at an even lower
temperature T = 108 °C was also conducted. Here the rate of
crystallization was so severe that the stress response diverged
completely and fracture occurred before the end of the
experiment, disqualifying the sample for further testing.
Figures 2c and 2d show orientation of the crystalline domains

for the quenched samples, whose nonlinear response is shown in
Figures 2a and 2b, respestively. The orientation is expressed in
terms of Herman’s orientation factor (FH) extracted from SAXS
images30 (e.g., top row of Figure 3). FH gives an overall indication
of the crystalline orientation based on scattering from kebabs in
the crystalline domains. From the definition in eqs 3 and 4,
isotropic orientation of crystallites gives FH = 0. Complete
orientation with respect to the flow direction, i.e., shish oriented
100% along the flow direction and kebabs only growing
perpendicular to it, gives FH = 1. The opposite scenario where
shish grows perpendicular to the flow would yield FH = −1/2.
Overall, the orientation in Figures 2c and 2d mirrors the stress

response in melt state Figures 2a and 2b, respectively. For the
samples stretched at ε ̇ = 0.03 and 0.1 s−1 in Figure 2c where a
number of samples have been quenched at different strain values,

Figure 2.Top row: nonlinear response of Lupolen 3020D in extension expressed in terms of stress versus Hencky strain for samples stretched at (a) 130
°C for varying ε ̇ (b) varying stretch temperatures but constant ε ̇ = 0.1 s−1 quenched at ε = 3.1. (lines indicate the averaged stress curves of stretch
experiments performed at a given ε̇ and T; symbols indicate points at which filaments were quenched.). Bottom row: orientation of crystalline domains
in the quenched filaments expressed in terms of Herman’s orientation factor versus Hencky strain at quench for (c) the samples whose nonlinear
response is given in (a) and (d) for samples whose nonlinear response is given in (b). X-ray patterns for data points marked a, b, c, and d in (c) are shown
in Figure 3. Legends in (c) and (d) also apply to (a) and (b), respectively. The insets in (b) and (d) show the same stress and orientation data as the big
plot, but as a function of temperature instead of strain.
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an overshoot in the orientation at intermediate strains is
observed; i.e., the overshoot in the melt state is reflected in the
final orientation of the filaments which further proves that the
overshoot is real. We note that one data point at (ε, ε ̇) = (3.1, 0.1
s−1) seems lower than expected, although the measurement has
been repeated several times (error bars are less than the size of
the symbol). This is the point at which the arms, according to
theory, should collapse, leaving the backbone to retract. Stress
relaxation data obtained by Huang et al.14 show that the rate of
relaxation increases at this point, and this was further justified
from simulations performed by Hawke et al.9 The consequence
of an increased rate of relaxation is that the rate of quenching has
to be faster in order for the backbone not to contract before
crystallization takes place. With that in mind, it is very likely that
the point would lie higher if the rate of quenching had been faster.
This is further supported by the fact that reducing the difference
between the experimental temperature and Tm (i.e., increasing
the rate of quench) by just a few degrees produce a significantly
higher orientation despite the fact the stress at quench is very
similar (see Figure 2d).
Figure 3 shows a representative range of SAXS patterns (top

row) and WAXD patterns (bottom row) from samples in Figure
2. The patterns from left to right have been quenched at
increasing stresses which seems to correlate with the anisotropy
of the patterns.
The SAXS patterns are characterized by a two-point pattern

with intensity peaks along the meridian. This indicates the
presence of aligned lamellae planes perpendicular to the flow
direction (kebabs).33 The “tear drop” shape of the two last
samples (c) and (d) indicates a mixed spacing between lamellae
planes which is a known result of interlocking of the side
branches.34 The long spacing is more constant for the two first
samples (a) and (b) as the stress at quench is lower, and hence
less interlocking occurs.

The WAXD patterns in Figure 3 show a gradual change in
orientation of crystal planes from almost isotropic of to highly
unidirectional. For sample (a) the random orientation suggests a
morphology dominated by spherulites. The WAXD patterns of
samples (b) and (c) are rather similar, with intensity peaks along
the meridian, off-axis, and equatorial for crystal planes (110),
(200), and (020), respectively. This is a clear indication of shish-
kebab structures with twisted lamellae.29 The only difference
between samples (b) and (c) is that the intensity peaks of (c) are
narrower, indicating a greater alignment of domain structures
relative to (b). That is despite the fact that (b) has been
quenched at higher ε (quench at steady state for ε̇ = 0.1 s−1) than
(c) (quench at stress max for ε̇ = 0.1 s−1). The last sample (d)
quenched at a very high stress shows an interesting feature. The
intensity peak of the (200) plane has shifted to the off axis. This
indicates a kebab structure of mixed twisted and straight
lamellae.35 This type of morphology is rare for LDPE, and to
our knowledge it has never been reported. However, it has been
observed for HDPE.35

Both the raw SAXS and WAXD patterns (Figure 3) and the
similarity in the stress in melt state and orientation in solid state
(Figure 2) suggest that stress at quench and final morphology of
the solid samples are closely related. This is confirmed in Figure 4
where Herman’s orientation factor for all samples in this study is
plotted against the stress at quench.
Regardless of ε̇, ε, andT, all samples seem to fall onto the same

master curve, however, with some scattering. It seems that stress
at quench is the governing parameter for the final morphology
which is in line with ideas formulated in 1994 by Tas.36 It is also
in agreement with very recent nonequilibrium in-situ crystal-
lization data on linear and cross-linked polyethylenes.37 One
reason behind this collapse of data onto one master curve can be
found by looking at nonlinear constitutive models for polymeric
liquids.

Figure 3. SAXS (top) and WAXD (bottom) patterns of LDPE filaments quenched at various stress (a) 30, (b) 126, (c) 262, and (d) 518 kPa. All
filaments have been elongated at T = 130 °C, and flow direction is vertical.
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The stress during deformation reflects the molecular
configuration. More specifically, the deviation from linear
behavior in the response of a polymeric liquid in flow is a result
of the polymer being deformed significantly beyond its
equilibrium configuration (random coil).38 Generally there are
two types of chain deformation in entangled polymer systems:
the mildly deformed state (oriented) and the highly deformed
state (stretched).39 In the oriented deformation state the
polymer chain is aligned by the flow but only as far as the
chain configuration between two entanglements remains
Gaussian. In the stretched deformation state the conformation
of the chain may be classified as either moderately stretched
(Gaussian) or highly stretched (non-Gaussian).
The oriented state is successfully modeled using the classical

Doi and Edwards (DE) model.40 Unfortunately, this model is
incapable of capturing many of the nonlinear phenomena seen in
extension, e.g., strain hardening and stress overshoot. The DE
model has served as a basis upon which a number of more
complex models have been built in order to capture the nonlinear
phenomena mentioned above. A common feature of these
models is that they ascribe deviation from the DE model to some
form of backbone stretch λ.39 The difference between the models
lies in the physics included in order to predict the evolution of the
backbone stretch. A wide range of phenomena can be included
depending on the composition of the fluid and the architecture of
the molecules, e.g., interchain tube pressure,41 finite extensi-
bility,42 friction reduction,43 and branch point withdrawal.10

One model, the pom-pom model, originally introduced by
Mcleish and Larson in 1998, has proven quite effective in
capturing the nonlinear behavior of LDPE.10 In particular,
Huang et al. showed that the multimode version44,45 captures the
transient nonlinear response of LDPE up until the stress
maximum. Hawke et al. extended the model by incorporating
entanglement loss and obtained a model that can predict
nonlinear behavior of LDPE including stress overshoot, steady
state, and the increased relaxation rate at the overshoot.
In this work we focus on the chain stretch and its relation to the

final morphology. We use a simplified version of the multimode
pom-pom to extract a chain stretch (λ) from experimental data
(eqs 5 and 6). τb,i are time constants and gi are corresponding
moduli obtained by fitting a multimode Maxwell model to the
linear data (see Supporting Information for values of the
constants and the linear data). At the conditions employed in this
study, it is primarily the two longest modes that stretch during

deformation.14 As g1 ≪ g2, the contribution of the longest mode
(mode 1) to the stress and, probably, to the crystallization is
small compared to mode 2. We thus define λ as the average
stretch of the two longest modes and express the stress σ as
follows:

∑ ∑σ λ= +
= =

t g t g tS S3( ( ) ( ) ( ))
i

i i
i

p

i i
2

1

2

3 (5)

Si = Ai/Tr Ai is the normalized orientation tensor expressed by
the conformation tensor (Ai) whose evolution is given by

κ κ
τ

= · + · − −D
Dt

A A A A I
1

( )i i i
b i

i
T

, (6)

with initial condition Ai = I where I is the unit tensor. κ is the
transpose of the velocity gradient tensor. As seen, the only free
parameter in this model is the average chain stretch λ which is
obtained by fitting the model to the experimental data. In so
doing, an estimate of the chain stretch at quench for each of the
samples was obtained.
Figure 5 shows the Herman’s orientation factor, FH, as a

function of the extracted chain stretch λ. It is seen that there is a

good correlation between the chain stretch in the melt state and
the final crystalline orientation. Furthermore, it is seen that the
slope changes going from a spherulitic morphology to an
oriented morphology and again going from shish kebabs of Type
I to the intermediate morphology of mixed Type I and II shish
kebabs.
We note that the peak values of λ in Figure 5 are much in

excess of the maximum value computed from the number of
Kuhn steps between entanglements, which gives this maximum
as less than 3 for PE.46 This could indicate that entanglements
have been lost in the stretching process or it may be an artifact of
the simplified pom-pom analysis. Regardless, we believe that the
segments have been stretched close to their maximum length
(outside the Gaussian regime) since some polymer filaments
fractured.

■ CONCLUSION
In summary, we have shown that the stress overshoot observed in
uniaxial extension of LDPE is reflected in the final morphology of
the quenched samples. To our knowledge, this is the first time
that a decrease in degree of crystalline orientation with increasing

Figure 4. Herman’s orientation factor vs stress at quench. All samples
have been stretched at T = 130 °C except (green ▶) which have been
stretched at varying T from 110 to 130 °C.

Figure 5.Herman’s orientation factor vs average stretch of the backbone
for the two highest Maxwell models. Vertical lines indicate regions of
different morphologies.
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strain has been reported. This, first of all, confirms that the stress
overshoot has real physical origin. It also confirms that the stretch
of the backbone does govern the final morphology of the
crystallized sample even for a complex architecture like long-
chain branched PE. Finally, we conclude that the backbone
stretch is reflected in the extensional stress which is directly
measurable. Hence, stress in the melt state is the key parameter
needed in order to connect chain extension and crystal
morphology.
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Supplemental �gures

Figure S1: Sketch of the thermal protocol employed in the �lament stretch and quenching.

Figure S2: Linear behavior of Lupolen 3020D (symbols) at T = 130◦C obtained from small
amplitude oscillatory shear along with the eight mode maxwell �t (lines) (see Huang et al. 1

for further explanation of the multimode maxwell �t)
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(a)

Figure S3: Azimuthal intensity pro�le (◦) obtained from SAXS images along with the sum
of the �tted Lorentzian peaks (−) and the individual peaks (−−). The full width at half
maximum (· · · ) is indicated as well.

(a) (b)

Figure S4: SEM images of LDPE crystallized under a) quiescent conditions (b) just before
the stress maximum ε = 2.75 for ε̇ = 0.1s−1. Stretching temperature is T = 130 ◦C.
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Figure S5: Radially integrated intensity pro�le obtained from WAXD (◦) resolved in amor-
phous halo (−−) and di�raction peaks (− · −) for the determination of crystallinity. The
total �t is given as (−)

Supplemental data

Table S1: Pom-Pom parameters for Lupolen 3020D at T = 130◦C obtained by �tting a
multimode Maxwell model to the linear data given in Figure S2 originally published by
Huang et al. 1

mode, i τb,i [s] gi [Pa]
1 2.098× 103 1.02× 102

2 3.290× 102 9.83× 102

3 5.793× 101 3.55× 103

4 1.041× 101 9.17× 103

5 1.827× 100 2.02× 104

6 3.198× 10−1 3.35× 104

7 6.131× 10−2 5.35× 104

8 9.421× 10−3 1.40× 105
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Table S2: Horizontal and vertical shiftfactors for Lupolen 3020D to the reference temperature
T = 130◦C. Horizontal shiftfactors were used for the determination of the activation energy
in the Arrhenius equation for samples stretched at temperatures di�erent from T = 130◦C .
Data originally published by Huang et al. 1

T◦C aT[−] bT[−]
130 1 1
150 0.364 0.953
170 0.154 0.910

Supplemental Text

Electron microscopy

Scanning electron microscopy (SEM) was performed on two samples using a FEG-SEM (FEI

Quanta 200 ESEM FEG) at low vacuum and low voltage of 15 kV. The SEM was performed

on the surface of the �laments mounted on carbon tape and scanning was performed around

the mid-�lament plane. No pre-treatment of the samples was performed.

Crystallinity from WAXD

The degree of crystallinity is determined from the average radial intensity pro�les of WAXD

patterns.2 The spectrum is resolved into an amorphous halo and crystalline peaks (Figure

S5) using the Lorentzian distribution:

IL(β) =
Imax

1 +
(
β−β0
γ

)2 (1)

Here β is the azimuthal angle, Imax, β0 and γ are �tting parameters signifying, the maxi-

mum intensity, horizontal shift, and half width at half maximum of the peak, respectively.

According to Hermans-Weidinger's de�nition, the degree of crystallinity Xc is then found

as:3
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Xc =

∑
hkl Ihkl∑

hkl Ihkl + Ia
(2)

Where Ihkl and Ia are the integrated di�raction peaks of the crystalline peaks and the

integrated amorphous halo respectively. Good �ts were always obtained as can be seen in

Figure S5.

The degree of crystallinity for all samples stretched at 130 ◦C was between 53% and 56%

and did not seem to vary systematically. Hence the cooling rate can be considered comparable

for these samples. The samples stretched at varying temperatures showed a slight increase

in crystallinity 51% to 57% going from T = 110 ◦C to 130 ◦C. A larger di�erence was

expected as the quench history di�ered for these samples. WAXD was measured twice for

some samples with one month interval. The crystallinity was found to be constant over this

period of time and hence we consider all samples to be stable within the time frame of the

study.
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Supplemental Text

Details on Rheological measurements

Creep The samples were shaped into discotic specimens at 150C using a home-made vac-

uum press mold for twenty minutes and then loaded on the rheometer at the same tempera-

ture. We used a stress-controlled rheometer MCR702 (Anton Paar, Austria). The specimen

was placed between two stainless steel parallel plates of 8 mm diameter and gap about 0.7

mm, calibrated for thermal expansion. Temperature control was achieved by means of a hy-

brid temperature control system CTD180 which has intermediate characteristics between a

Peltier cell and a convection oven. All tests were performed in nitrogen atmosphere in order

to reduce the risk of sample degradation. The measurement protocol consisted of three steps:

(i) equilibration and stability of the samples was monitored by running dynamic frequency

sweep tests (SAOS) in strain-controlled mode at the same conditions and di�erent times

(starting from 20 min after loading, up to 1 hour), checking for the overlap of the dynamic

moduli ; (ii) dynamic strain sweeps at 100 rad/s and varying strain amplitude from 0.1% to

10% in order to detect the limits of linear viscoelastic response; a strain amplitude of 1%

was found appropriate for all tests ; (iii) dynamic frequency sweeps in the range from 100 to

0.1 rad/s in order to probe the linear viscoelastic response. Subsequently, creep experiments

were performed over a range of stresses between 30 and 80 Pa. For each specimen, a creep

test was repeated three times at di�erent stresses to ensure that the measurements were

performed in the linear regime (see Figure 4S. This was crucial since the creep data were

eventually transformed into frequency spectra.

Filament stretching We performed nonlinear extensional rheology using an FSR - Fil-

ament Stretch Rheometer (VADER 1000 from Rheo�lament). The basic working principle

of the instrument is the following: A molten sample-disc sandwiched between a bottom and

a top plate is deformed by moving the upper plate axially. The deformation of the sample

midplane is monitored via a laser micrometer. A feedback loop enables the deformation to

2



be controlled while the response of the material is monitored by a force cell mounted on the

bottom plate. The deformation of the mid�lament plane is measured in terms of Hencky

strain (ε = −2 ln D(t)
D0

). Here D(t) and D0 are the diameter measured at a given time (t) and

the initial diameter, respectively. The response of the material is given by the normal stress

di�erence 〈σzz − σrr〉 = (F − 1
2
mg)/π

4
D(t)2. Here F is the force measured on the bottom

plate, m is the mass of the sample and g is the gravitational acceleration.

The VADER 1000 has two features that are crucial for this study. 1) The feedback control

loop providing active control of the deformation and thus enables high Hencky strains (ε > 7)

to be reached without experiencing failure due to uncontrolled neck propagation. 2) Fast

oven removal enabling quench of �laments to room temperature. The oven surrounding the

sample can be pushed up leaving the sample exposed to ambient conditions. The quenching

rate for �laments with a diameter of 1 mm has been estimated to be > 10K/s.

The experimental protocol for �lament stretching was the following. The sample was

pre-stretched at 150 ◦C and subsequently relaxed for 15min to erase all thermo-mechanical

history. We found 150 ◦C su�ciently high as samples relaxed at higher temperatures showed

the same extensional behavior. The temperature was subsequently lowered to 140 ◦C,

stretched at a constant Hencky strain rate ε̇ and quenched at ε = 5.5. We observed no

signs of �ow induced crystallization during stretching. In order for all samples to expe-

rience the same quench history, the �nal �lament diameter at quench for all samples was

0.47 − 0.5. Ex-sity SAXS patterns of the quenched �laments were collected using a SAXS-

LAB instrument (Ganesha from SAXSLAB, Denmark) with a 300k Pilatus detector (pixel

sizes 172×172µm). The wavelength of the X-ray beam was 1.54 Åand the sample-to-detector

distance was 1491mm. Patterns with exposure times of 6 · 102 - 104s were collected from the

mid�lament plane of vertically mounted �laments.

3



Multimode Maxwell model

The linear rheological response is model using the Multimode Maxwell model. It considers

the total response of a material to be a sum of contributions from i number of modes with

relaxation times τi and corresponding moduli gi. The storage modulus G′ and loss modulus

G′′ is thus given by:

G′ =
∑

i

gi(τiω)
2

1 + (τiω)2
(1)

G′′ =
∑

i

giτiω

1 + (τiω)2
(2)

We used the software Reptate to perform the �t. The full Maxwell spectrum is given in

Table 1S

Hermans Orientation factor from SAXS

The average cosine squared (〈cos2 φ〉) of the angle between the normal of a plane in the

crystalline domains and the macroscopic direction in Eq. (1) of the main article, can be

determined from azimuthally integrated SAXS patterns using:

〈
cos2 φ

〉
=

∫ π/2
0

Iβ cos
2 β sin β d β

∫ π/2
0

Iβ sin β d β
(3)

Here β is the azimuthal angle and Iβ is the corresponding intensity corrected for the contri-

bution from shish.

The SAXS patterns obtained in this work show a signi�cant scattering contribution from

shish (see intensity peak along the equatorial in Figure 1S (a). The resulting azimuthal

intensity pro�les from which FH is extracted thus contains unwanted peaks at π/2 and 3π/2

that does not arise from kebab-scattering. (see Figure1S (b). This contribution must be

subtracted to obtain the correct values of FH . The shish contribution is subtracted from

4



the azimuthal intensity pro�les by decomposition into an intensity contribution from kebabs

(Ik) and shish (Is) as well as an isotropic contribution Iiso.

I = Ik + Is + Iiso (4)

The two peak contributions Ik and Is are described by periodically spaced peaks with a

Lorentzian type distribution, while Iiso is a constant:

Ikebab =
Ik

1 +
(
β−(pπ+β0)

γk

)2 Ishish =
Is

1 +
(
β−(π(p+1/2)+β0)

γs

)2 Iiso = const. (5)

Here Ik and Is are the maximum intensities of the kebab and shish peaks, repspectively

while γk and γs are the corresponding "half width at half maxmimum" of the peaks. β0

enables a horizontal shift for samples that where slightly rotated in the beamline during

the recording of the SAXS patterns. p = −1, 0, 1, 2 and ensures that all periodic peaks

contributing to the patterns are included. To obtain an expression for the the azimuthal

intensity pro�le Iβ without the shish contribution we simply subtract Is from the raw data

Iraw such that:

Iβ = Iraw − Is (6)

From this it is now possible to obtain a more accurate value of FH

5



Supporting Tables

Table 1S: Multimode Maxwell parameters for the UH-blend and the matrix at T = 140◦C

UH-blend Matrix

mode, i τi [s] gi [Pa] τi [s] gi [Pa]
10 1.4E+03 2.4E+01 1.3E+03 1.1E-02
9 3.1E+02 1.8E+01 3.0E+02 1.7E+01
8 7.0E+01 1.5E+02 6.9E+01 6.0E+01
7 1.6E+01 5.5E+02 1.6E+01 3.8E+02
6 3.5E+00 2.4E+03 3.5E+00 2.2E+03
5 7.9E-01 1.2E+04 8.0E-01 1.1E+04
4 1.8E-01 4.4E+04 1.8E-01 4.6E+04
3 4.0E-02 1.4E+05 4.1E-02 1.4E+05
2 8.9E-03 2.3E+05 9.4E-03 2.1E+05
1 2.0E-03 5.6E+05 2.1E-03 5.4E+05
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Supporting Figures
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Figure 1S: Illutration of how scattering intensities from kebabs are extracted from SAXS-
patterns while omitting the contribution from shish. (a) Example of the raw SAXS pattern.
The shaded area indicate the area over which the azimuthal integration is performed. With
the arrow showing the direction of the azimuthal angle β. (b) Azimuthal intensity pro�le
where (black ·) is the raw data, (green −) is the total �t using Eq. (4) with (red −−) and
(blue ·−) signifying the scattering contribution from kebabs and shish, respectively, with
p = −1. (c) Compares the raw azimuthal intensity pro�le (black ·) and the pro�le where the
shish-contribution has been removed (blue ◦) by subtracting the �tted shich contribution
shown in (b).

.
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(a) (b)

Figure 2S: Uniaxial extensional data for the UH-blend at 140◦C (a) Shows the raw data (gray
scale symbols) and the averaged data (blue scale symbols) (b) Shows the reproducibility of
the stretches for two sets of stretch experiments (blue and black symbols, respectively)

(a) (b)

Figure 3S: Parameter Sensitivity for the HMMSF modelling (lines) of constant rate exten-
sional data (symbols) at 140◦C. (a) Compares the HMMSF prediction using the full 10
mode frequency Maxwell spectrum obtained by combining SAOS and creep data with the
prediction using the limited 7 mode spectrum obtained from SAOS alone. (b) Shows the
HMMSF prediction using di�erent values of GD.
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(a) (b)

Figure 4S: Rheological response in creep. (a) Creep compliance curves for the matrix ob-
tained at various stresses at 150◦C. The overlap con�rms that measurements are performed
in the linear regime. (b) Comparison of creep compliance curves for the UH-blend and the
matrix.

Figure 5S: Dynamic shear viscosity 150◦C for the UH-blend and the matrix obtained via
SAOS (symbols) and creep (lines). Note the di�erence in zero-shear-rate viscosity at low
frequencies

9
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Appendix D

Supplemental material for
Chapter 5

Extension induced phase separation and crystalliza-

tion in semidilute solutions of ultra high molecular

weight polyethylene "

Supplemental material contains following:

• Figures S-1, S-2



Figure 1S: TGA curves for the three samples used for determination of polymer concentra-
tion.

Figure 2S: Validation of the plate design. (a) Shows the response of a well know LDPE
in extenion using a standard plate set and the new mushroom plate set. (b) shows the
nominal strain vs. Hencky strain for standard plate set and mushroom plate set. Despite
the di�erence in plate motion the response is the sample because both deformation and
reponse is measured in the midplate only.
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Appendix E

Supplemental material for:
Chapter 6

Shish formation above the melting temperature sta-

bilizes the �laments of HDPE in extensional �ow

Supplemental material contains following:

• Tables S1

• Figures S1
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Supporting Table

Table E.1: Multimode Maxwell parameters for PE-460k at T = 140◦C

mode, i τi [s] gi [Pa]
9 4.63E+04 2.73E+01
8 6.63E+03 1.77E+01
7 9.48E+02 3.86E+02
6 1.36E+02 6.61E+02
5 1.94E+01 5.16E+04
4 2.78E+00 2.58E+05
3 3.98E-01 5.65E+05
2 5.69E-02 4.56E+05
1 8.14E-03 4.42E+05

Supporting Figure



Appendix F

Additional publication:
"Oscillatory squeeze �ow for

the study of linear viscoelastic
behavior"

This appendix contains the full manuscript of an article that was drafted,
�nalized and published during this PhD study. While my contribution is
concerned with linear rheology, the mathematical derivation and the tests
performed on the FSR, the overall scope appeared too far from the main
objective of my studies to make an actual chapter of the thesis. Hence it
is attached as appendix.
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Abstract

The squeezing of a sample between parallel plates has been used for many years to characterize the rheological behavior of soft, purely

viscous materials, and in recent times, small-amplitude oscillatory squeezing has been proposed as a means to determine the linear visco-

elastic properties of molten polymers and suspensions. The principal advantage of squeeze flow rheometer over rotational devices is the

simplicity of the apparatus. It has no air bearing and is much less expensive and easier to use. Accuracy may be somewhat reduced, but for

quality control purposes, it could be quite useful. It might also find application as the central component of a high-throughput rheometer for

evaluating experimental materials. The deformation is not simple shear, but equations have been derived to show that the oscillatory com-

pressive (normal) force that is measured can serve as a basis for calculating the storage and loss moduli. These theories as well as instru-

ments that have been developed to generate the required deformation are described, and applications to a variety of materials are

described. VC 2016 The Society of Rheology. [http://dx.doi.org/10.1122/1.4943984]

I. INTRODUCTION

Engmann et al. [1] published a useful review of squeeze

flow rheometry, emphasizing its use for fluids with yield stress

but saying little about oscillatory squeeze flow. We begin with

a brief review of the use of squeezing flows for the characteri-

zation of purely viscous (inelastic) materials. Squeezing flow

is not a viscometric flow, and devices using this deformation

for non-Newtonian fluids can be used only for qualitative pur-

poses unless a constitutive model is available.

There are two methods of operation: constant area and

constant volume. In a “squeeze film” device, the sample ini-

tially has the same size as the circular plates between which

it is compressed so that the area of the sample under com-

pression is constant. A constant normal force, F, is applied

to the upper plate, most simply by means of a weight, and

the decreasing plate spacing, H(t), is measured. In a

“parallel-plate plastometer,” the sample is smaller than the

plates so that the sample volume remains constant rather

than its compressed area. A device based on this concept is

used in a standard test method for measuring an “apparent

viscosity” of bitumen [2]. The constant area method is some-

times preferred, because if a smaller sample is used, its vol-

ume and thus its radius during testing must be precisely

known. It is also desirable that it be centered in the gap to

ensure symmetric loading.

Another mode of operation involves a constant speed

rather than a constant normal force with the force moni-

tored as a function of time, and there are thus four possible

combinations of constant-volume/constant-radius and con-

stant-speed/constant-force. Some devices also work at

exponentially decaying speed to achieve a nominally con-

stant rate of compression.

The modeling of nonoscillatory squeeze flow assumes

that inertia can be neglected (very low Re) and that the ve-

locity distribution has a certain form. Equations for the inter-

pretation of data in terms of viscosity are described in detail

by Bird et al. [3], and we present here only a brief summary.

Considering first constant area flow, for a Newtonian

fluid, the deformation is governed by the Stefan equation,

shown as

a)Author to whom correspondence should be addressed; electronic mail:

oh@kt.dtu.dk

VC 2016 by The Society of Rheology, Inc.
J. Rheol. 60(3), 407-418 May/June (2016) 0148-6055/2016/60(3)/407/12/$30.00 407



F tð Þ ¼ 3pR4g �dH=dtð Þ
2 H tð Þ½ �3 : (1)

Here, R is the radius of the sample and g is the Newtonian

viscosity. For a constant compressive (normal) force F0 and

initial condition H(0)¼H0, the gap spacing is given by

1

H2
¼ 1

H2
0

þ 4F0t

3pR4
0g
: (2)

At very short times, inertia cannot be neglected, so if (1/H2) is

plotted versus time, the first points will not lie on a line, but if

the data approach a line, the slope can be used to calculate the

viscosity. If the deformation is sufficiently slow, this technique

should provide a reasonable approximation of the zero-shear

viscosity of a molten polymer.

For a constant volume flow, Dienes and Klemm [4]

derived the following relationship for a Newtonian fluid,

where V is the volume of the sample:

F ¼ 3gV2

2pH5
� dH

dt

� �
: (3)

For a constant normal force F0 and a constant volume, inte-

gration with the initial condition H(0)¼H0 gives

1

H4
¼ 1

H4
0

þ 8pF0

3gV2
t: (4)

Gent [5] reported that the assumptions regarding the velocity

profile are only valid when R0 > 10H0 (K< 0.1).

Because the strain is not uniform throughout the flow, the

interpretation of data for non-Newtonian fluids requires a vis-

cosity model, and Engmann et al. [1] have compiled an exten-
sive list of all the fluid models for which squeeze flow

equations have been reported, including both inelastic and

elastic materials and with no-slip, slip, and partial-slip bound-
ary conditions. For example, for a power-law fluid with con-

sistency index m and power law parameter n, the Scott

equation describes the flow with a constant force and volume

F ¼ 2pmRnþ3

nþ 3

� �
2nþ 1

n

� � �dH=dtð Þn
H2nþ1

: (5)

Gibson et al. [6] used squeezing flow to study the behavior

of suspensions of planar fibers in polypropylene. Pham and

Meinecke [7,8] employed squeezing flow at a constant plate

speed rather than a constant normal force for the evaluation

of commercial polymers. Shaw [9] used a squeeze-flow ap-

paratus to deal with the difficult problem of characterizing

the flow behavior of ultrahigh-density polyethylene, which

has a very high viscosity. The driving pressure was main-

tained constant, and H(t) was measured, Even at very low

shear rates, this material is still pseudoplastic, but the Stefan

equation was used to calculate an apparent viscosity that was

related to molecular weight by an empirically established

relationship. About 25 min were required for a measurement.

Cua and Shaw [10] used a similar method to determine the

low-shear rate viscosity of a polydimethylsiloxane.

Squeeze flow has also been used to measure the response

of molten polymers to biaxial extension, a deformation that

is difficult to generate in the laboratory. To address this prob-

lem, squeezing between lubricated plates (LSF) has been

used to eliminate the shearing component of the flow field.

The LSF method of biaxial stretching was first proposed by

Chatraei et al. [11] and was later used by Nishioka et al. [12]

and by Kompani and Venerus [13]. The latter authors replen-

ished the lubricant continuously during a test to avoid the de-

velopment of dry regions. They reviewed the history of the

LSF technique and developed the basic equations for the

interpretation of data in terms of the biaxial extensional vis-

cosity. Guaderama-Medina et al. [14] compared results for a

low-density polyethylene obtained by LSF with those

obtained using a complex instrument in which a circular

sheet of polymer is stretched by six pairs of rotary clamps

[15]. It was found that the LSF data were not reliable at

Hencky strains greater than one.

II. THEORY OF OSCILLATORY SQUEEZE FLOW

We turn now to small amplitude oscillatory flow as

described by the theory of linear viscoelasticity. We begin by

recalling the correspondence principle by Pipkin [16], which

applies to general quasisteady deformations (i.e., no inertia).

Pipkin demonstrated that it is possible to go from the solution

to an equilibrium elasticity problem to a corresponding qua-

sisteady linearly viscoelastic problem. In a similar develop-

ment, Phan-Thien [17] and Field et al. [18] transformed the

Stefan equation for Newtonian fluids to the corresponding

functional relation for linear viscoelastic materials, again for

deformations with negligible inertia by appropriate substitu-

tion of the constant viscosity by the complex viscosity. We

make use of this relationship below [Eq. (46)].

We here describe how linear viscoelastic behavior can be

measured by the use of squeeze flow, but in a form that is

not necessarily restricted to negligible inertia.

Consider a fluid sandwiched between two plates as illus-

trated in Fig. 1. With the bottom plate located at an axial

position z¼ 0, the top plate position (HÞ also signifies the

height of the gap between the top and bottom plates. The top

plate oscillates axially about a mean height H0 to impose os-

cillatory squeezing described by

HðtÞ ¼ H0ð1þ a sin xtÞ : (6)

Here, H0 is the top plate position at time t ¼ 0, aH0 is the

amplitude, and x is frequency. The speed of the top plate _H
can thus be expressed as

FIG. 1. Sketch of an oscillatory squeeze flow geometry.
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_H ¼ dH

dt
¼ aH0x< eixtf g; (7)

where <fg indicates the real part of the complex quantity

inside the brackets.

As we are concerned here only with linear viscoelastic

characterization, a is assumed to be small. The permissible

magnitude of a depends on the aspect ratio K � H0=R0.

Konigsberg [19] has discussed the problem of defining a

characteristic value of strain, but the value of the maximum

strain, which occurs at the rim, can be evaluated, as shown in

the following discussion, and this governs the limit for the

applicability of the linear viscoelasticity (LVE) governing

equations. By restricting the analysis to small deformations

the following simplifications can be made:

(1) The convection term (v � rv) in the equation of motion,

where v is velocity, can be neglected, as it is of order

Oða2Þ [20].1

(2) The governing equations of linear viscoelasticity may be

used.

Based on these considerations v and the pressure p can be

represented as follows:

v ¼ <f�vðxÞeixtg; (8)

p ¼ <f�pðxÞeixtg; (9)

where �vðxÞ and �pðxÞ are complex functions that only vary

spatially so that the extra stress tensor r can be written sim-

ply as

r ¼ <fg�½ðr�vÞ þ ðr�v
†Þ�eixtg: (10)

It follows that the velocity field for flow of a linear visco-

elastic fluid is described by the governing equations of a

Newtonian fluid, i.e., Navier–Stokes equations, with viscos-

ity replaced by the complex viscosity g�. This is in accord

with the correspondence principle of Pipkin [16] who

showed a similar analogy to elasticity problems. Here, we

use this technique to derive the velocity distribution for the

oscillatory squeeze flow.

In setting up the equations of motion, we assume incom-

pressibility and neglect flow in the angular direction (hÞ so

that vh ¼ 0, and @=@h ¼ 0. Also, we introduce dimensionless

complex variables r̂ , ẑ, v̂r, v̂z, and p̂ as follows:

r̂ ¼ r=R0; (11)

ẑ ¼ z=H0; (12)

vr ¼ aR0x<fv̂rðr̂; ẑÞeixtg ; (13)

vz ¼ aH0x<fv̂zðẑÞeixtg; (14)

p ¼ patm þ axR2
0

H2
0

< g�p̂ r̂; ẑð Þeixt
� �

: (15)

Here, patm is the atmospheric pressure. Using Eqs. (11)–(15),

the following dimensionless complex equations of continuity

and motion are obtained:

1

r̂

@

@r̂
r̂ v̂rð Þ þ @v̂z

@ẑ
¼ 0; (16)

Rev̂r ¼ � @p̂

@r̂
þ K2 @

@r̂

1

r̂

@

@r̂
r̂ v̂rð Þ

� �
þ @

2v̂r

@ẑ2

� �
; (17)

K2Rev̂z ¼ � @p̂

@ẑ
þ K4 1

r̂

@

@r̂
r̂
@v̂z

@r̂

� �
þ K2 @

2v̂z

@ẑ2

� �
: (18)

Here, q is the density, and we define the Reynolds number as

Re ¼ iqxH2
0

g�
: (19)

Note that various definitions of Re have been used for oscilla-

tory squeeze flow (OSF). Field et al. [18] define it as a real

number and use aH0 as the characteristic length to obtain

Re ¼ qxaH2
0=g

�. Debbaut and Thomas [21] do not define a

Reynolds number but introduce the number a2 ¼ ixq=g�. a
has dimensions of m�1 but always appears in the group a2H2

0,

which is dimensionless and equal to the Re defined here [22].

Assuming that material planes remain parallel to the

plates, we find that v̂z is independent of r̂ so that mass con-

servation Eq. (16) yields

v̂r ¼ � 1

2
f 0 ẑð Þr̂; (20)

v̂z ¼ f ðẑÞ: (21)

Here, f ðẑÞ is a function that varies only with ẑ, and f 0ðẑÞ is

the derivative. Inserting Eqs. (20) and (21) into Eqs. (18) and

(19), we obtain

1

2
Re r̂ f 0 ¼ @p̂

@r̂
þ 1

2
r̂ f 000; (22)

K2Re f ¼ � @p̂

@ẑ
þ K2f 00: (23)

Performing cross differentiation, the pressure can be elimi-

nated, and the following expression is obtained:

Re f 00 ¼ f 0000 : (24)

With boundary conditions

f ð1Þ ¼ 1; f ð0Þ ¼ 0; (25)

f 0ð1Þ ¼ 0; f 0ð0Þ ¼ 0: (26)

1Commercial version of MFR available from GBC Scientific Equipment,

Ltd., Dandenong, Victoria, Australia, www.gbcsci.com
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Proceeding from here, it is beneficial to identify other simpli-

fying assumptions that might apply. In particular, postulate

(1) If inertia can be neglected, i.e., if Re � 1. In this case,

the flow can be regarded as a creep flow, and the left

hand side of Eqs. (22)–(24) can be set equal to 0.

(2) If K � 1, the lubrication approximation can be used so

that all terms containing any order of K can be neglected

in Eq. (23).

We now examine the effect of making either of these

assumptions. In all cases, we assume a no-slip boundary con-

dition between the fluid and the plates, although we discuss

briefly the effect of a slip or partial-slip boundary condition

below.

A. Negligible inertia

We first assume small Re so that inertia is negligible com-

pared to viscous effects, and Eq. (24) reduces to

f 0000 ¼ 0 : (27)

Using boundary conditions (25) and (26), one obtains

f ¼ �2ẑ3 þ 3ẑ2 : (28)

The radial and axial stresses (physical components) are then

found to be

rrr ¼ axR2
0

H2
0

< g�r̂rre
ixt

� �
; where r̂rr ¼ 6K2 ẑ2 � ẑð Þ; (29)

rzz ¼ axR2
0

H2
0

< g�r̂zze
ixt

� �
; where r̂zz ¼ �12 K2 ẑ2 � ẑð Þ:

(30)

Returning to the complex, dimensionless equations of

motion [Eqs. (22) and (23)], we can neglect terms containing

Re and set the right hand sides to 0. Inserting the expression

for f ðẑÞ, one obtains

0 ¼ @p̂

@r̂
� 6r̂; (31)

0 ¼ � @p̂

@ẑ
þ K2 �12ẑ þ 6ð Þ: (32)

With the solution

p̂ ¼ 3r̂2 þ 6K2ð�ẑ2 þ ẑÞ þ p̂0: (33)

Here, p̂0 is an integration constant. The most intuitive bound-

ary condition would be to set the pressure equal to the atmos-

pheric pressure at the outer rim (r̂ ¼ 1Þ. However, this

procedure is problematic since p̂ depends on ẑ. One way to

deal with this issue is to set the z-averaged pressure p ¼ patm

[1]. Another approach is to set up a force balance at

ðr̂; ẑÞ ¼ ð1; 1=2Þ. Here, only the stress in the radial direction

needs to be considered, leading to the following expressions:

0 ¼ p̂ 1;
1

2

� �
� r̂rr 1;

1

2

� �
; (34)

) p̂0 ¼ �3ð1þ K2Þ: (35)

Hence, the complete expression for p̂ is

p̂ ¼ �3ð1� r̂2 þ K2Þ þ 6K2ð�ẑ2 þ ẑÞ: (36)

In terms of physical components, we have

p� patm ¼ ax

H2
0

�3 R2
0 � r2 þ H0

2
� 	þ 6 �z2 þ H0z

� 	h i
� < g�eixt

� �
: (37)

The expression p� patm � rzz can then be integrated over ei-

ther the top or bottom plate, i.e., z ¼ H0 or z ¼ 0, to give the

normal force (FÞ on the top plate.

Another approach is to use another fact at our disposal to

deal with this tricky boundary condition that will allow us to

completely avoid it. This is to use the macroscopic mechani-

cal energy balance adapted to linear viscoelastic liquids [23,

Sec. 7.8].

F _H ¼
ð

v

r : rvdV: (38)

Since _H is completely in phase with v, it follows that F must

be in phase with r and is given by

F ¼ ðaH0xÞ�1

ð
v

/V dV<fg�eixtg; (39)

where

/V ¼ 2
d�vr

dr

� �2

þ d�vz

dz

� �2
" #

þ d�vr

dz

� �2

: (40)

Thus, the volume integral over /V gives

ð
v

/VdV¼2p axR0ð Þ2H0<
(ð1

ẑ¼0

ð1

r̂¼0

 
2

dv̂r

dr̂

� �2

þ dv̂z

dẑ

� �2
" #

þ R0

H0

dv̂r

dẑ

� �2
!

r̂ dr̂dẑ

)
;

¼3p axð Þ2R4
0

2H0

1þ2
H0

R0

� �2
" #

: (41)

The final expression for F is obtained by inserting this into

Eq. (39) and we get

) F ¼ 3paxR4
0

2H2
0

< g�eixt
� �

1þ 2
H0

R0

� �2
" #

: (42)

Inserting ixg� ¼ ðG0 þ iG00Þ and taking the real part of all

terms results in following:
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F ¼ 3paR4
0

2H2
0

G0 sin xtþ G00 cos xtð Þ 1þ 2
H0

R0

� �2
" #

: (43)

The factor ½1þ 2ðH0=R0Þ2� weighs the shear contribution to

the normal force compared to the extensional contribution. If

H0=R0 	 1, the second term in brackets dominates the first,

and the flow can be considered uniaxial extension. Hence,

the relation reduces to the well-established expression for the

normal force on the top plate for uniaxial viscoelastic exten-

sional flow [3]

F ¼ 3paR2
0ðG0 sin xtþ G00 cos xtÞ: (44)

But if H0=R0 � 1, the first term in Eq. (43) dominates the

second so that the deformation is dominated by shear, and

Eq. (43) reduces to

F ¼ 3paR4
0

2H2
0

G0 sin xtþ G00 cos xtð Þ: (45)

This equation can be derived from the Stefan equation [Eq.

(1)] using Pipkin’s correspondence principle [16], as shown

originally derived by Phan-Thien [17]. Phan-Thien’s final

expression contained an error later corrected by Field et al.
[18] who give the correct form shown below:

F� ¼ 3pR4
0g
�

2H3
0

dH�

dt
: (46)

The price paid for this apparent simplicity is that F� and H�

are now complex functions of time related to the force and

the plate separation by F ¼ <fF�g and H ¼ <fH�g,
respectively.

The very simple relations, Eqs. (45) and (46), are often

applied to OSF as the aspect ratio in most cases is very small,

and hence, the deformation can be safely assumed to be

dominated by shear. However, if inertia is non-negligible, a

correction is needed as is shown below.

B. Lubrication approximation

Now we assume a small aspect ratio and apply the lubri-

cation approximation (assumption 2 above). However, this

does not lead to any simplification of Eq. (24) which we

focus on initially in the following. The full solution of Eq.

(24), which was derived by Bell et al. [22], is rather compli-

cated and thus has limited practical utility. Instead it is bene-

ficial to consider the perturbation solution in Re. We

represent the full solution f as a power series in Re

f ðRe; ẑÞ ¼ f0 þ Re f1 þ OðRe2Þ: (47)

So far, we have limited our analysis to a first order approxi-

mation in Re, and the approach is the same, but it becomes

increasingly messy at higher orders. Inserting Eq. (47) into

Eq. (24) gives

Re f 000 ¼ f 00000 þ Re f 00001 þ OðRe2Þ : (48)

Collecting terms of equal order in Re yields following sys-

tem of equations:

f 00000 ¼ 0; (49)

f 000 � f 00001 ¼ 0: (50)

With the following boundary conditions:

f0ð1Þ ¼ 1; f0ð0Þ ¼ 0; (51)

f 00ð1Þ ¼ 0; f 00ð0Þ ¼ 0; (52)

f1ð1Þ ¼ 0; f1ð0Þ ¼ 0; (53)

f 01ð1Þ ¼ 0; f 01ð0Þ ¼ 0: (54)

Terms of OðRe2Þ are disregarded, as they are assumed to be

negligibly small. We see that Eq. (49) is identical to Eq.

(27). This is expected, since both are of order OðRe0Þ, and it

obviously follows that both have the same solution. This so-

lution is subsequently applied when solving for f1 and we

obtain

f0 ¼ �2ẑ3 þ 3ẑ2 ; (55)

f1 ¼ � 1

10
ẑ5 þ 1

4
ẑ4 � 1

5
ẑ3 þ 1

20
ẑ2: (56)

Until now, no simplifications based on lubrication have been

made. However, returning to the equations of motion [Eqs.

(22) and (23)], the lubrication approximation can be applied

by eliminating all terms containing any order of K.

If we also insert the 1st order perturbation solution

f ¼ f0 þ Re f1 þ OðRe2Þ, we obtain

dp̂

dr̂
¼ � 1

2
r̂ f 0000 þ Re f 0001 � f 00

� 	
 �
; (57)

dp̂

dẑ
¼ 0: (58)

We see that in this case p̂ is independent of ẑ. Inserting the

expressions for f0 and f1 in Eq. (57) yields the following dif-

ferential equation:

dp̂

dr̂
¼ 6r̂ 1þ 1

10
Re

� �
; (59)

whose solution is

p̂ ¼ 3r̂2 1þ 1

10
Re

� �
þ p̂1: (60)

Here, p̂1 is a dimensionless integration constant. At the rim,

r̂ ¼ 1 and we apply the boundary condition that p ¼ patm lead-

ing to p̂ ¼ 0, and we obtain the following expression for p̂:

p̂ ¼ �3 1� r̂2ð Þ 1þ 1

10
Re

� �
: (61)
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In terms of physical components, the pressure is

p� patm ¼ � 3axR2
0

H2
0

1� r

R0

� �2
" #

�< g� 1þ 1

10
Re

� �
eixt

� 
: (62)

The normal force F is obtained by integration of p� patm,

and the following expression is obtained:

F ¼ �2p
ðR0

0

ðp� patmÞrdr; (63)

) F ¼ 3paxR4
0

2H2
0

< g� 1þ 1

10
Re

� �
eixt

� 
; (64)

) F ¼ 3paR4
0

2H2
0

G0 � qx2H2
0

10

� �
sin xtþ G00 cos xt

� �
: (65)

Thus, the first order inertial correction only influences the stor-

age modulus G0. In situations where Re 
 1, an error of about

10% in G0 is expected if the first order correction term is not

included. This is in good agreement with results obtained by

Debbaut and Thomas [21], who compared computational fluid

dynamics (CFD) calculations to analytic expressions for systems

where inertia plays a non-negligible role. Additionally, it should

be noted that when Re! 0, Eq. (64) reduces to the creep solu-

tion for small aspect ratios [Eq. (45)] as it should. Debbaut and

Thomas [21] also simulated nonlinear behavior using a Giesikus

viscoelastic model to determine the effects of normal stress dif-

ferences on the results. Their results revealed that normal stress

differences affect data at high strains in a different way than non-

linearity affects data from rotational measurements.

The solution can also be derived for higher orders of Re

as was done by Bell et al. [22], who extended earlier work of

Phan-Thien [17] and Field et al. [18] to obtain the perturba-

tion solution approximated to order OðRe2Þ as follows:

F ¼ 3paxR4
0

2H2
0

< g� 1þ 1

10
Reþ 1

8400
Re2

� �
eixt

� 
: (66)

From the prefactor of Re2, we see that the second order correc-

tion is needed only at very high Re. More specifically, an error

of about 10% is expected when Re 
 100. In this high

Reynolds number, the flow is dominated by inertia. This leaves

one wondering whether the OSF-technique is of any use for

these types of fluids as one has to extract a small fraction of

the total normal force to obtain the viscous contribution.

With regard to the 1st and 2nd-order correction terms,

however, it is important to note that compared to a torsional

rheometer, inertia for OSF is much less significant [22]. In a

torsional rheometer, corrections for inertia are required at a

much lower Re compared to the OSF-rheometer.

In closing, we note that the fundamental solution repre-

sented by the function f0 allows us to get a more accurate

estimate of the maximum shear strain at the outer rim. We

find that the shear rate at the bottom plate is given by

_crz ¼ �3 a x
r

H0

cos xt: (67)

The shear strain from some given initial time 0 to time t is

then

c t; 0ð Þ ¼
ðt

t0¼0

_crz dt0 ¼ �3a
r

H0

sin xt: (68)

The maximum value is therefore 3a=K:

C. Slip/partial slip boundary

In this review, only a no-slip boundary condition for the

top and bottom plates is considered. However, if the fluid

does not fully stick to the wall, partial slip or complete slip

will occur. This has been modeled for a nonoscillatory

squeeze flow [24], where the degree of slip is accounted for

from the slip velocity (vsÞ at the solid-liquid interphase

vsðr;HÞ ¼ �brrzðr;HÞ: (69)

Here, the slip coefficient b is introduced as a lubrication mea-

sure, i.e., if b ¼ 0, a no-slip boundary condition applies,

whereas complete slip is obtained in the limit of b!1. If a

full slip boundary condition is applied in the OSF model, one

generates biaxial extension, as was mentioned in Sec. I. If fluid

sticks only partially to the wall, the situation will be between

the no-slip and full slip cases. The less slip, the greater will be

the contribution of shearing deformation to the stress.

III. INSTRUMENTS

A. Narrow gap squeeze flow devices

Early work on the behavior of elastic fluids in squeeze

flow was motivated by the question of whether elasticity

enhanced the lubricating ability of a fluid squeezed between

flat plates, and this was reviewed by Brindley et al. [25].

When the aspect ratio is sufficiently small, the lubrication

approximation can be used, or if the viscosity is large, inertia

can be ignored, and Eq. (45) can be used to interpret the data.

A constant sample area is generally the preferred configura-

tion, because if a smaller sample is used, its initial radius must

be precisely known. Also, in the case of a constant volume

sample, it is important that it be centered in the gap if sym-

metric loading is to be achieved. The principal advantage of

the squeeze flow rheometer over rotational instruments is the

simplicity of the apparatus. It has no air bearing and is much

less expensive and easier to use. It might also find application

as the central component of a high-throughput rheometer for

evaluating experimental materials.

It was some years before an instrument to carry out such a

test was described in a presentation by Whittingstall and van

Arsdale [26] and a patent by Van Arsdale and Motivala [27].

Figure 2 shows the principle of operation.

The sample fills the gap, so this is a constant area device.

The first commercial instrument based on oscillatory

squeeze flow was the CP20 Compressional Rheometer made

by TA Instruments, a sketch of which is shown in Fig. 3. As

in the Van Arsdale device, it is the sample area that is con-

stant rather than its volume. The manufacture and sale of the
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CP20 were later taken over by DB Scientific Instruments,

which no longer exists, who called it the CP50 Compressional

Rheometer. Figure 4 is a photo of this device. Note that the

sample fills the gap under the upper plate.

Walberer and McHugh [28] used this device to study

highly filled particle suspensions in polydimethylsiloxane.

Crassous et al. [29] described a device for high-frequency

measurements driven by a piezoelectric axial vibrator. They

were able to obtain storage and loss moduli for polymer solu-

tions over a range of frequencies from 10 to 300 Hz. In com-

bination with a rotational rheometer and a set of torsional

resonators, they were able to characterize a sample at fre-

quencies from 10�3 to 77 kHz without the use of time-

temperature superposition. They used this set of devices to

characterize an aqueous suspension of thermosensitive latex

particles over the same range of frequencies.

B. Nonsinusoidal deformation

Nelson and Dealy [30] describe a number of nonsinusoidal

waveforms that have been used for linear viscoelastic character-

ization, including multiple, superposed sine waves, an equistrain

waveform designed to generate a uniform strain amplitude

across a given band of frequencies, and a pseudorandom binary

sequence. The advantage of this approach is that by use of a

fast Fourier transform (FFT) program one can obtain results

over a range of several decades of frequency in a single test.

Nelson and Dealy [30] discussed several problems that arise in

the use of the discrete Fourier transform to analyze the results.

Field et al. [18] employed pseudorandom squeezing in the

device sketched in Fig. 5. A FFT is used to extract the

frequency-dependent moduli. A characterization over two

decades of frequency is obtained in a very short time.

A commercial version of this instrument is called the

micro-Fourier rheometer (MFR), because it can deal with

samples as small as 100 ll. Figure 6 is a photo of this device.

FIG. 2. Sketch showing essential elements of the device patented by van

Arsdale and Motivala [27]. (1) Temperature-controlled stationary plate; (2)

moveable base plate; (3) pneumatic linear actuator; (4) rings to limit vertical

movement; (5) air cylinder; (6) air line; (7) oscillating plate; (8) shaker

motor; (9) noncontacting displacement sensor; and (10) frame.

FIG. 3. The basic elements of the CP50 compressional rheometer. FIG. 4. Photo of the CP20 compressional rheometer.
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The input is random noise of amplitude n as shown below,

where e� 1

hðtÞ ¼ H0½1þ enðtÞ� ¼ H0 þ h0ðtÞ: (70)

The noise is described by its spectral representation [31]

nðtÞ ¼
ð1
�1

eixtdZðxÞ; (71)

where dZ(x) is a random function with zero means and a

known correlation.

Phan-Thien et al. [20] examined the effects of inertia on

the operation of this instrument. Because a complete charac-

terization can be carried out quickly, the MFR can be used to

track rapid changes in properties. This device has been used,

for example, to study particle suspensions [32] and dental

composite resins [33].

Sakai [34] modified a MFR for use with fluids employed

in the manufacture of micromechanical electric systems. Of

special interest here are interactions between dispersed par-

ticles and dissolved polymers. The fluid response is primarily

viscous, but elasticity is still important, and a major chal-

lenge is detecting the very small phase angle of the response

to oscillatory squeezing. Figure 7 shows this apparatus, in

which the amplitude of the deformation is only 25 lm.

Another device based on the same basic principle was

designed for quality assurance in manufacturing processes

[35–37].2 It measures the state of a fluid while it is in pro-

cess, either in an in-line or side-stream installation.

C. Filament stretching rheometer

The filament stretching rheometer (FSR) was originally

developed for the characterization of polymeric liquids in a

nonlinear uniaxial extension [38,39]. It is similar to OSF

instruments in the sense that it consists of a top plate and a

bottom plate between which the sample is placed. As shown

in Fig. 8, the top plate moves in an axial direction while the

bottom plate remains fixed and is mounted on a strain-gauge

load cell.

The major difference between OSF instruments described

above and the FSR is that in the latter the deformation is not

measured from the position of the top plate but across the

sample midplane using a laser-sheet. Whereas the aspect ra-

tio is about unity, it is very small in the OSF devices

described in Secs. III A and III B. For use in OSF, the top-

plate undergoes oscillatory displacement to impose a sinu-

soidal compression on the sample, but in the FSR, a laser

moves in-phase at half the speed of the top plate, in order to

FIG. 5. Essential elements of the MFR of Field et al. [18].

FIG. 6. Photo of the MFR2100 MFR of GBC scientific equipment.

FIG. 7. The MFR of Sakai [34].

2Commercial version available from Rheology Solutions, Bacchus Marsh,

VIC, Australia, www.rheologysolutions.com
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remain at the level of the sample midplane. The relation

between the top plate position, H(t), and the sample diameter

at the midplane, which is D ¼ D0ð1þ b sin xtÞ with bD0

being the amplitude [3], is given by

_H

H0

¼ � 4

3

1

D0

dD

dt
; (72)

) b ¼ � 3

4
a: (73)

This relation can simply be substituted into, e.g., Eq. (43) to

give F as a function of deformation across the midplane

rather than the top plate

F ¼ � 2pbR4
0

H2
0

G0 sin xtþ G00 cos xtð Þ 1þ 2
H0

R0

� �2
" #

: (74)

This way of measuring deformation overcomes the problem

of load cell compliance.

Using the FSR for linear characterization enables linear

oscillatory and nonlinear uniaxial characterization using a

single instrument with a single sample. More specifically,

uniaxial extension can be performed directly after linear

characterization. As the aspect ratio (KÞ of the samples that

are used for uniaxial extension in the FSR are much higher

(K 
 1Þ compared to other OSF techniques, a significant

extensional contribution to the stress will be present.

Consequently, the lubrication approximation cannot be used.

In many cases, Eq. (43) will be sufficient as inertia is rarely a

factor with the very viscous fluids characterized in uniaxial

extension using the FSR.

At the present time, the FSR in the OSF mode has been

used to study only one set of polystyrene melts [40]. Figure

9 shows dynamic moduli data obtained using both the FSR

and an Ares G2 for a commercial polystyrene with Mw ¼
230 kg=mol (PS-230k). Data from the two instruments agree

very well, although there is a small vertical shift between the

two sets of data.

IV. APPLICATIONS

A. Polymer melts and solutions

Polymer melts and solutions have been used in several

studies to test OSF technique. One advantage of using poly-

meric liquids is that inertial effects can be brought out or

suppressed as desired due to the high degree of rheological

tunability that these materials offer. This approach was

employed by [22] to investigate fluids in which inertia was

FIG. 8. Sketch of the FSR configures for uniaxial extension. (a) The fila-

ment, (b) top plate, (c) bottom plate, (d) top plate support, (e) force trans-

ducer, (f) motor, (g) belts, (h) gearing, and (i) laser micrometer [39].

FIG. 9. G0 (closed symbols) and G00 (open symbols) of a commercial PS-

230K at 130 �C. Data points obtained using the FSR [Eq. (74)] at various

temperatures that has been shifted to 130 �C using shift factors aT and bT ,

respectively. Diamonds: FSR (150�C); Stars: FSR (150�C); Squares: FSR

(170�C). Circles show data obtained using a commercial torsional Ares G2

rheometer [40].
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negligible and fluids for which inertial corrections to the 1st

or 2nd order were needed.

Bulk polymers usually have very high viscosities and are

thus useful to verify Eqs. (43) and (45), in which inertial

effects are neglected. Figure 10 shows storage and loss mod-

uli of a highly viscous polydimethyl sulfate measured using

a conventional torsional rheometer (AR 2000) and an OSF

rheometer with several gap heights. The OSF results were

calculated without correcting for inertia. As seen, the results

between the two techniques are in very good agreement,

which confirms that a correction for inertia is not needed for

highly viscous fluids. Some concentrated polymer solutions,

for example, the 30 wt. % polystyrene solution studied by

Crassous et al. [29], were sufficiently viscous that an inertial

correction was not required. In general, this makes character-

ization of thick fluids very simple and convenient, and OSF

is an excellent means for characterization for such fluids.

Bell et al. [22] showed that compared to a conventional tor-

sional rheometer, one can operate at much higher Re in the

OSF rheometer before a correction for inertia is required.

Several OSF-studies used a polymer solution called the

“A1 fluid.” It is a thoroughly tested standard fluid [41] and

was used both to validate the accuracy of the OSF rheometer

and as a model material in numerical simulations to evaluate

the influence of inertia and various boundary conditions

[21,22]. The A1 fluid is a 2% ðw=vÞ polyisobutylene solution

in a mixture of cis and trans decalin. Dilution of polymers

will normally lower the viscosity, and the inertial effects will

become more significant but far from dominant. Results per-

formed both on the A1 fluid and other polymer solutions

such as hyaluronic acid in methylcellulose proved to be in

very good agreement with data from commercial rheometers,

and in all cases, only an inertial approximation to the 1st

order was needed [20,28]. The only material for which a 2nd

order inertial correction was needed was a 1% polyacryl-

amide solution in water [22]. This system was specifically

designed to have a low viscosity in order to investigate the

2nd order inertia correction.

B. Other materials

See et al. [32] used a MFR shown in Fig. 5 to study the

behavior of a suspension of spheres in a polymeric liquid.

Walberer and McHugh [28] used the CP-20 rheometer to

study the effects of polymer molecular weight and filler con-

tent in a glass-bead-filled polydimethyl siloxane. See and

Nguyen [42] used a prototype MFR to monitor the curing of

an epoxy resin and a plastic putty. Peng and Zhu [43], See

et al. [44], and Lee and Wen [45] used OSF to study the

behavior of an electrorheological fluid, which they modeled

as a Bingham plastic with continuous modification. Kuzhir

et al. [46] studied a suspension of magnetic particles, and

Jiang et al. [33] used a MFR to track the curing of dental

composite resin cements. They found that the response was

linear during the earlier stages of cure but became nonlinear

at very small strain amplitude.

1. Large-amplitude squeeze flow

Kim and Ahn [47,48] studied combined oscillatory rota-

tion and squeezing flow, which they called “dynamic helical

squeeze flow” (DHSQ). They modified a Rheometric

RMS800 rheometer to make it possible to do normal tor-

sional flow, OSF, and combined DHSQ flow. In their 2012

paper, they compared the strain for the onset of nonlinear

viscoelasticity for DHSQ and OSF for a polybutene with

Mw¼ 920 g/mol and found that the values were 0.02 and 1.0,

respectively. The nonlinearities that arise at higher strains

for both flows are not related to those observed in large-

amplitude oscillatory shear in rotational instruments, as the

deformations are quite different in the two flows.

NOMENCLATURE

Symbol

a Oscillation amplitude relative to the sample

height, Eq. (6) (-)

b Oscillation amplitude relative to the sample diam-

eter, Eq. (73) (-)

D Sample diameter 2R (m)

D0 Mean sample diameter 2R0 (m)

f Dimensionless complex function of ẑ, Eqs. (21)

and (22) (-)

F Normal force exerted on a plane by a fluid, Fig. 1

ðkg m s�2Þ
f0 Dimensionless complex function of ẑ in the per-

turbation solution (f Þ, contributing an order

OðRe0Þ to the full solution of f , Eq. (47) (-)

FIG. 10. Rheological characterization of a polydimethyl sulfate solution

using the CP50 compressional rheometer; no inertial correction was applied

[22]. Symbols indicate various gap heights in microns. (�) shows results

obtained using a commercial torsional AR2000 rheometer. (A) The loss

modulus and (B) the storage modulus.
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F0 Constant compressive force exerted on a plane by

a fluid ðkg m s�2Þ
f1 Dimensionless complex function of ẑ in the per-

turbation solution (f Þ, contributing an order

OðRe1Þ to the full solution of f , Eq. (47) (-)

F� Complex function related to normal force F ¼
<fF�g ðkg m s�2Þ

G� Complex modulus G0 þ iG00 (Pa)

G0 Storage modulus (Pa)

G00 Loss modulus (Pa)

H Sample height Fig. 1 (m)
_H Speed of the top plate dH=dt ðm s�1Þ

H0 Initial sample height Fig. 1 (m)

H� Complex function related to sample height H ¼
<fH�g (m)

i Imaginary unit
ffiffiffiffiffiffiffi�1
p

(-)

m Flow consistency index for a power law fluid, Eq.
(5) ðPa snÞ

Mw Weight average molar mass ðkg mol�1 Þ
n Power law exponent of a power law fluid, Eq. (5)

(-)

O Order of magnitude indication, Eq. (47) (-)

p Isotropic compressive stress (pressure) (Pa)

patm Atmospheric pressure (Pa)

�p Complex function related to pressure, Eq. (9) (Pa)

p̂ Dimensionless complex function related to pres-
sure, Eq. (15) (-)

p̂0; p̂1 Dimensionless complex integration constants for
pressure, Eqs. (33) and (60) (-)

ðr; h; zÞ Cylindrical coordinates ½ðm;�; mÞ�
R Sample radius Fig. 1 (m)

ðr̂; ĥ; ẑÞ Nondimensional cylindrical coordinates

ðr=R0; h; z=H0 Þ ½ð�;�;�Þ�
R0 Mean sample radius

Ð1
0

RðtÞdt=
Ð1

0
dt (m)

Re Complex Reynolds number iqxH2
0=g

� (-)

t Time (s)

T Temperature ðKÞ=ðCÞ
v Velocity vector @x=@t ðm s�1Þ
V Sample volume (m3)

�v Complex function related to velocity vector, Eq.

(8) ðm s�1Þ
v̂ Dimensionless complex function related to veloc-

ity, Eqs. (13) and (14) (-)

vs Slip velocity at the wall vrðz ¼ 0Þ or vrðz ¼ HÞ
ðm s�1Þ

x Position vector

x̂ Nondimensional position vector

b Slip coefficient, Eq. (69) ðm2s=kgÞ
c Shear strain, Eq. (68) (-)

_crz Shear rate @vr=@z (s�1)

g Newtonian viscosity r= _c (Pa s)

g� Complex viscosity ðG00 � iG0Þ=x (Pa s)

K Aspect ratio of the sample H0=R0 (-)

q Density of the fluid ðkg m�3Þ
r Extra stress tensor (Pa)

r̂ Dimensionless complex stress tensor, Eqs. (29)

and (30) (-)

/V Viscous dissipation term, Eq. (40) ðs�2 Þ
x Oscillation frequency of the top plate ðrad=s�1Þ
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