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Abstract

The stacking fault energy is an important factor in determining the types of plastic
deformation mechanisms that occur in face-centered cubic materials and
consequently influences their mechanical properties. Experimental observations
have shown that as the stacking fault energy decreases, the deformation
mechanism transitions from pure dislocation glide to a combination of twinning and
dislocation glide, and eventually to a combination of martensite formation and
dislocation glide at even lower stacking fault energy values. For austenitic steels,
a stacking fault energy of 45 mJ-m-2 marks the lower limit for pure dislocation glide,
while stacking fault energy values in the range of 20-45 mJ-m-2 result in a mixture
of dislocation glide and twinning. When the stacking fault energy is even lower,
materials tend to form martensite alongside dislocation glide. The presence of
deformation twinning and martensite formation in addition to dislocation glide leads
to higher work hardening rates compared to dislocation glide alone. Therefore,
tailoring the mechanical properties by adjusting the stacking fault energy, such as
through controlling the chemical composition, is considered a viable approach to

create materials with unprecedented combinations of strength and ductility.

With the emergence of high-entropy alloys, computational materials engineering
methods have become crucial for designing potentially promising compositions
within the vast space of alloy compositions. Consequently, the computational
determination of stacking fault energy, typically using density functional theory, has
garnered significant interest. While experiments and density functional theory-

based calculations generally agree on stacking fault energy values for stable face-
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centered cubic materials, there are severe discrepancies for metastable face-
centered cubic materials. Density functional theory calculations predict negative

stacking fault energy values, whereas experimental values remain positive.

In this Ph.D. thesis, it was demonstrated that this discrepancy arises because
density functional theory treats the stacking fault energy as a variable of state,
unaffected by kinetic effects like the mobility of Shockley partial dislocations. In
contrast, experimental stacking fault energy values are influenced by the
resistance to the movement of Shockley partial dislocations. To reconcile the
experimental and theoretical stacking fault energy values, it is proposed to subtract
the excess stacking fault energy stemming from the resistance to the movement of
Shockley partial dislocations from the experimental values. This correction
assumes that the critical resolved shear stress for Shockley partial dislocations
approximately corresponds to the critical resolved shear stress for twinning. By
considering the correlation with the critical resolved shear stress for twinning, the
correction can also explain the grain size dependence observed in experimental
stacking fault energy values. Consequently, the corrected experimental values for
metastable face-centered cubic materials become negative and align well with the
stacking fault energy values obtained from density functional theory calculations.
Moreover, this suggested correction has been tested on stable face-centered cubic
alloys and pure metals, yielding consistent and quantitatively comparable results

between experimental and theoretical stacking fault energy values for the first time.
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Resumé

Stablingsfejlenergien er en vigtig faktor i bestemmelsen af de typer plastiske
deformationsmekanismer, der forekommer i kubiske materialer med centreret
overflade, og pavirker derfor deres mekaniske egenskaber. Eksperimentelle
observationer har vist, at nar stablingsfejlenergien falder, gar
deformationsmekanismen fra ren dislokationsglidning til en kombination af tvillings
dannelse og dislokationsglidning, og til sidst til en kombination af
martensitdannelse og dislokationsglidning ved endnu lavere stablingsfejlenergi.
For austenitisk stal markerer en stablingsfejlenergi pa 45 mJ/m2 den nedre graense
for ren dislokationsglidning, mens stablingsfejlenergiveerdier i omradet 20-45
mdJ/m2 resulterer i en blanding af dislokationsglidning og tvillings dannelse. Nar
stablingsfejlenergien er endnu lavere, har materialerne tendens til at danne
martensit sammen med dislokationsglidning. Tilstedeveerelsen af
deformationstvillingsdannelse og martensitdannelse i tillaeg til dislokationsglidning
forer il hgjere arbejdshaerdningshastigheder =~ sammenlignet med
dislokationsglidning alene. Derfor anses skraeddersyning af de mekaniske
egenskaber ved at justere stablingsfejlsenergien, f.eks. ved at kontrollere den
kemiske sammensaetning, for at vaere en levedygtig tilgang til at skabe materialer

med hidtil usete kombinationer af styrke og duktilitet.

Med fremkomsten af hgj-entropi lergeringer er beregningsmetoder inden for
materialeteknik afgerende for at designe potentielt lovende sammensaetninger
inden for det store omrade af legeringssammenseetninger. Derfor har den

beregningsmaessige bestemmelse af stablingsfejlenergi, typisk ved hjaelp af



teethedsfunktionalteori, faet betydelig interesse. Mens eksperimentelle og
teethedsfunktionalteoribaserede beregninger generelt er enige om veerdier for
stablingsfejlsenergi for stabile kubisk fladecentreret materialer, er der
uoverensstemmelser for metastabile kubisk fladecentreret materialer.
Teethedsfunktionalteoriberegninger forudsiger negative veerdier for

stablingsfejlsenergi, mens eksperimentelle veaerdier forbliver positive.

Denne uoverensstemmelse opstar, fordi teethedsfunktionalteorien behandler
stablingsfejlenergien som en termodynamisk starrelse, der ikke pavirkes af
kinetiske effekter som beveegelsen af Shockley partielle dislokationer. |
modseetning hertil er de eksperimentelle veerdier for stablingsfejlsenergien pavirket
af modstanden mod bevaegelsen af Shockley partielle dislokationer. For at forene
de eksperimentelle og teoretiske veerdier for stablingsfejlsenergien foreslas det at
treekke modstanden mod bevaegelsen af Shockley partielle dislokationer fra de
eksperimentelle veerdier. Denne korrektion forudsaetter, at den kritiske oplgste
forskydningsspaending for Shockley partielle dislokationer omtrent svarer til den
kritiske oplgste forskydningsspaending for tvillings dannelse. Ved at overveje
korrelationen med den kritiske oplgste forskydningsspaending for tvillings
dannelse, kan korrektionen ogsa forklare den kornsterrelsesafhaengighed, der er
observeret i eksperimentelle stablingsfejlenergiveerdier. Som fglge heraf bliver de
korrigerede eksperimentelle veaerdier for metastabile kubisk fladecentreret
materialer negative og stemmer godt overens med veerdierne for

stablingsfejlenergien opnaet fra beregninger med taethedsfunktionalteori.



Desuden er denne foreslaede korrektion blevet testet pa stabile kubisk
fladecentreret legeringer og rene metaller, hvilket for fgrste gang har givet
konsistente og kvantitativt sammenlignelige resultater mellem eksperimentelle og

teoretiske stablingsfejlenergiveerdier.
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Abbreviations and Symbols

Note that this section covers only abbreviations and symbols in the main body of
the Ph.D. thesis and does not cover the appended papers, where different symbols

might have been used.

Abbreviations

e BCC Body-Centered Cubic
e BCT Body-Centered Tetragonal
e BF Bright Field
e CMWP Convolutional Multiple Whole Profile
e CPA Coherent Potential Approximation
e DFT Density Functional Theory
e DIM Deformation Induced Martensite
e EMTO Exact Muffin-Tin Orbital
e FCC Face-Centered-Cubic
e FIB Focused lon Beam
e FM Ferromagnetic
e GB Grain Boundary
e GP Guinier-Preston
e GSFE Generalized Stacking Fault Energy
e HCP Hexagonal Close-Packed
e HEA High-Entropy Alloy
e HRTEM High-Resolution Transmission Electron Microscopy
e MEA Medium-Entropy Alloy
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e ND
e NM
¢ OR
o PAW
e SEM
e SF
e SFE
e SFP
e SGTE
e SRO
e STEM
e TEM
o TMT
e TRIP
o TWIP
e UTS
e VASP
e WBDF
e WHR
Symbols

Latin symbols

Neutron Diffraction

Nonmagnetic

Orientation Relationship
Projector-Augmented Wave
Scanning Electron Microscope
Stacking Fault

Stacking Fault Energy

Stacking Fault Probability

Scientific Group Thermodata Europe
Short Range Order

Scanning Transmission Electron Microscopy
Transmission Electron Microscope
Transformation Mediated Twinning
Transformation Induced Plasticity
Twinning Induced Plasticity

Ultimate Tensile Strength

Vienna Ab Initio Simulation Package
Weak Beam Dark Field

Work Hardening Rate

Lattice parameter

Strain free lattice parameter
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Broadened reflections

Burgers vector of trailing Shockley partial

Parameter depending on single crystalline constants
Concentration of solute atoms

Concentration of it element

Parameter depending on single crystalline constants
Average dislocation contrast factor

Distance between two Shockley partial dislocations/width
of a stacking fault

Unstrained interplanar spacing of hkl lattice planes
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di

Strained lattice plane spacing of hkl lattice planes
perpendicular to the loading direction

Grain size

Young’s modulus

Elastic energy of a dislocation per unit length

Strain energy

Wilkens function

Applied/uniaxial force

Elastic repulsion between two Shockley partial dislocations
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1 Introduction

1.1 Research framework and hypothesis

The strength-ductility trade-off is a fundamental concept in materials engineering
that refers to the inverse relationship between a material's yield strength and its
ability to deform without breaking (ductility), i.e. high strength and ductility mutually

exclude each other [1-3].
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Figure 1.1: Plot of yield strength over uniform elongation showcasing the inverse
relationship between these two parameters, i.e. the strength-ductility trade-off.
Reproduced with permission from Elsevier from Ref. [4].

The yield strength plays a crucial role in the design of load bearing components,

especially when the component’s weight and size are important design criteria.



While the yield strength is crucial in minimizing weight and dimensions, materials
must additionally exhibit a sufficient degree of ductility to avoid catastrophic
failures. As such, structural applications require materials that can withstand high
stresses and strains without failure. For example, the automotive industry relies
heavily on materials with high strength and ductility to ensure the safety of vehicles
in the event of a crash. A further advantage of strong and ductile materials over
those that are strong but brittle is the wider applicable range of manufacturing

processes, such as cold-forming processes.

Light but safe components are important to reduce greenhouse gas emissions in
a variety of sectors. As a result, the last years have seen an increase in research
interest regarding understanding and overcoming the strength-ductility trade-off.
Since the mechanical properties of materials are determined by the so-called
processing-structure-properties relationship, a variety of approaches are
investigated with respect to designing materials with improved combinations of
strength and ductility [4-15]. Of particular interest is tailoring of the so-called
stacking fault energy, which is the energy associated with the presence of a
stacking fault that forms in a face-centered cubic matrix and is terminated by a pair
of Shockley partial dislocations [7,16—21]. The stacking fault energy governs,
whether a material deforms by the movement of perfect dislocations (slip), or
deformation twining and martensitic phase transformations [15,21-24]. High
stacking fault energy favors slip, while intermediate stacking fault energy values
are associated with the prevalence of deformation twinning and alloys with a low
stacking fault energy tend to form martensite upon deformation [15,21-24].
Martensite formation and deformation twinning result in significant strain hardening

and are commonly referred to as the TRansformation Induced Plasticity (TRIP) and



TWinning Induced Plasticity (TWIP) effect, respectively [7,25]. Materials relying on
the TRIP/TWIP effect are currently the best performing [1,5]. Therefore, the
stacking fault energy is considered an important factor for tailoring the strength and

ductility of face-centered cubic alloys [1,3].

Interstitial elements such as carbon and nitrogen are the most cost-efficient solid
solution strengtheners. Furthermore, C and N stabilize austenite and can replace
austenite stabilizers such as Ni in austenitic (stainless) steels [26—-28]. Hence,
designing high-C or high-N alloys that exhibit TWIP and/or TRIP is promising both
due to their potential good mechanical properties as well the economic incentives
[7,10,13,21,29-31]. In the past, new structural materials were developed through
a trial and error method, which is a time-consuming and resource intensive
process. Given the vast compositional space of interstitial containing (high-
entropy) alloys, it has become even more crucial to use a combination of
experimental and computational methods to understand the deformation and
strengthening mechanisms of materials, and to accelerate the development of new
alloys [2,16]. However, the effect of N and C on the SFE in face-centered cubic
alloys is still debated [21,32—43] and it is hence difficult to accurately predict their

influence on a material’s propensity for TWIP and TRIP.

1.2 Project motivation

The present Ph.D. project is part of the SFETailor project (Grant No. 9041-
00145B) funded by the Independent Research Fund. SFETailor comprises an
experimental as well as a theoretical part. The original goal of this project was to
rethink the development of alloys by using a combination of ab initio and
experimental approaches to obtain physical and mechanical data that can be used

3



to design new alloys intelligently by computational materials engineering methods.
As such, the validation of theoretical stacking fault energies obtained by
computational materials engineering methods by experiments was of primary
interest. After realizing that theoretical and experimental values do currently not
coincide, the primary objective of the Ph.D. projected pivoted towards reconciling
experimental and theoretical stacking fault energy values to enable validation of

computational materials engineering methods

1.3 Outline

This Ph.D. thesis consists of nine distinct chapters. Chapter 1 introduces the
research framework and project motivation. Chapter 2 explores the theoretical
background of deformation and strengthening mechanisms in face-centered cubic
materials. It also discusses the experimental and theoretical methods used to
assess the stacking fault energy and explains its impact on the mechanical
properties of face-centered cubic materials. The chapter concludes by highlighting
the need to revisit the experimental assessment of stacking fault energy in order
to reconcile the disparities between experimental and theoretical values. Chapter
4 provides a summary of the main research findings presented in the subsequent
results chapters. Chapters 5-7 take the form of manuscripts, providing detailed
descriptions and comprehensive discussions of the experimental results. Chapter
8 contains the conclusions of the Ph.D. thesis, while Chapter 9 offers insights into

potential future research directions.



2 Theoretical background

This chapter introduces the concept of plastic deformation and strengthening
mechanisms in metallic materials. Of particular interest is the relevance of the so-
called stacking fault energy on the prevalence of deformation mechanisms and
how deformation mechanisms can be altered by tailoring the stacking fault energy.
As such, this chapter describes how the stacking fault energy can be assessed
experimentally as well as theoretically and how it can be tailored, e.g. by alloying

and grain size control.
2.1 High-entropy alloys

High-entropy alloys (HEAs) have attracted considerable research interest in the
last decade due to their promising combination of high strength and ductility [44].
Yeh et al. [45,46], who proposed that mixing multiple elements in near-equiatomic
concentrations results in a sufficient increase in the configurational entropy of
mixing to overcome the tendency to form intermetallics, coined, as a result, the
term high-entropy alloy. According to Yeh et al. [45] first definition, HEAs comprise
at least five or more elements with concentrations between 5 and 35 wt%. Later
on, Yeh et al. [46] extended the previous definition such that HEAs must exhibit a
configurational entropy of at least 1.5 times the gas constant R (8.31 J/K-mol). Yeh
and coworkers [46,47] continued to stipulate two further effects in addition to the
two aforementioned ones, which are of importance to HEAs. Together these four

effects are commonly considered as the “four core effects”:



I.  The high entropy effect proposes that the high configurational entropy
promotes the formation of solid solutions in favor of intermetallic
compounds.

[I.  The lattice distortion effect originates from the high concentration in
elements with different atomic radii.

[ll.  The sluggish diffusion effect states that diffusion kinetics in HEAs are
intrinsically slower than those in conventional alloys due to locally varying
bonding conditions.

IV. The cocktail effect is not a hypothesis regarding physical properties, but
describes that the alloy properties may emerge from a “cocktail” of
multicomponent alloying with an unexpected, synergistic response in a

possibly non-linear manner.

2.1.1 High entropy effect

The high entropy effect is the most essential of the four core effects. It assumes
that the increase in configurational entropy in HEAs outweighs the tendency for
formation of intermetallic compounds and thus favors formation of solid solutions
[45-47]. According to Senkov & Miracle [48], classifying materials according to
their entropy is solely qualitative and neglects contributions from vibrational,
magnetic and electronic entropies. It was shown that contributions from the

vibrational entropy outweigh those of the configurational entropy [48].

Results by Otto et al. [49] confirm the reasoning by Senkov & Miracle [48] that
configurational entropy has a limited influence on the phase stability of HEAs.
Starting from the CoCrFeMnNi equiatmomic HEA, Otto et al. [49] substituted

elements of the HEA with elements of comparable size, electronegativity and same
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crystal structure to comply with the Hume-Rothery rules [50] for substitutional solid
solutions, e.g. Ni was replaced by Cu. Even though the configurational entropy
remained unchanged, the thus created HEAs exhibited a tendency to form
multiphase alloys. The results by Otto et al. [49] are in conjunction with work by
others [51-53], demonstrating that the influence of configurational entropy on
phase stability of HEAs is limited. Indeed, the majority of HEAs tends to
decompose into two or multiple phases upon (long-term) annealing [54-59].
Instead of being thermodynamically stabilized, e.g. due to a high configurational
entropy, these results indicate that most single phase HEAs are kinetically

stabilized [59,60].

2.1.2 Severe lattice distortion

In contrast to dilute solid solutions, HEAs cannot be described by a host matrix in
which solute atoms are incorporated [61]. Instead, in HEAs each atom is
embedded in a matrix consisting of different solute atoms [62]. The difference in
atomic radii (r;) of the solute atoms results in a displacement from the mean lattice
positions [61,63]. In comparison to dilute solid solutions, this displacement is
claimed to be larger in HEAs due to an increase in the average atomic size misfit.
Several theoretical models have been developed based on the severe lattice
distortion effect that accurately predict solid solution strengthening in HEAs
[61,63,64]. However, experimental confirmation of an increased lattice distortion in

HEAs compared to other materials is challenging [65].



2.1.3 Sluggish diffusion

Yeh [66] proposed that diffusion in HEAs is “sluggish”, i.e. diffusion kinetics are
significantly slower than in other materials. According to Yeh [66], the reason for
sluggish diffusion is due to the variation in bonding conditions in HEAs experienced
by diffusing elements, which is strongly linked to the severe lattice distortion effect.
Tsai et al. [67] findings support the reasoning by Yeh [66] and conclude that
diffusing elements may be trapped at energetically favorable locations. However,
the conclusion by Tsai et al. [67] was recently criticized and the analysis and
interpretation were considered faulty [68—70]. In fact, a correlation between number
of alloying elements and decreased diffusion kinetics was so far not proven [71,72].
Rather, the diffusivity depends on the combination of alloying elements and the

resulting energy barriers for diffusion [71,72].

2.1.4 Cocktail effect

The cocktail effect is not a theory, but a concept proposed by Yeh et al. [45] that
the properties of HEAs are the result from a “cocktail” of the multiple components,
which may result in synergistic effects augmenting the physical properties in

unforeseen ways.

2.1.5 Phase formation rules

In contrast to Yeh et al. [45] hypothesis regarding the importance of configurational
entropy, a variety of studies aimed at establishing empirical models to relate phase
formation and stability in HEAs with the atomic size misfit (§), electronegativity,

valence electron concentration (VEC), and enthalpy of mixing (AH,,;,) [73-76].



Zhang et al. [73], reasoned that the phase formation in HEAs is dominated by

AH,,;xand &

5= |2 (1-1) @)

where c; is the it" element’s concentration, N the total number of components, and
7 the average atomic radius (7 = YV, ¢;1;). Plotting AH,,;, over § (cf. Figure 2.1),

reveals that solid solutions form for § < 6% and —15 < AH,,;;, < 5 kJ/mol.

T T T T
@ amorphous phase
& solid solutions

@ intermetallic compounds |7

AH, (kJ/mol))

Figure 2.1: Plot of AH,,;,, over § delineating the ranges for solid solution formation
according to Ref. [77]. Reproduced with permission from Taylor & Francis Online.

Even though the method by Zhang et al. [73] predicts, whether a HEA will form a
solid solution or not, it cannot predict, whether it will form an fcc or bcc crystal
structure. Guo & Liu [74] suggested to further include the electronegativity

difference (Ay) and the VEC to predict which phases form

Ay = JZ’ivzl ¢ (i — X102, (2.2)

where 7 =Y. cx;, and yx; is the it" element’s electronegativity. The VEC is

calculated according to Eq. (2.3).



N

VEC = Z ¢; VEC);

i=1

(2.3)

According to the analysis by Guo & Liu [74] bcc alloys form for (VEC < 6.87) and

fce alloys (VEC = 8.0), cf. Figure 2.2.
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Figure 2.2: Plot of phase stability as a function of VEC according to Ref. [77].
Reproduced with permission from Taylor & Francis Online.

Nevertheless, the VEC —phase formulation rules do not indicate, whether the

formed solid solutions are ordered or random [75]. Furthermore, the formation of

two fcc solid solutions upon exchanging Ni for Cu in the CoCrFeMnNi HEA by Otto

et al. [49] cannot be explained and the relation between processing conditions and

phase formation is not considered [75].

2.2 Plastic deformation in face-centered cubic materials

Plastic deformation is a material’'s permanent change in shape as a response to

an externally applied force. The most fundamental case of plastic deformation is a
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uniaxial force (F) applied to a material with initial cross section (4,) and initial length
(L;). The applied force results in a stress ¢ = F/A,, the so-called engineering

stress. The associated engineering strain (&) resulting from o is given by

L; L;’ (24)
where L is the material's length under the applied force. If the applied stress is

lower than the material’s yield strength (o,,), the resulting deformation is elastic, i.e.

reversible upon unloading, and can be described by Hooke’s law, cf. Figure 2.3,

o= ¢k, (2.5)
where E is the Young’'s modulus. Upon surpassing o,,, the resulting deformation is
elasto-plastic, i.e. partly non-reversible upon unloading. In case that g, is not

straightforward to determine, yielding is considered to occur upon surpassing the
proof stress, which corresponds to the stress at 0.1 % or 0.2 % of plastic

deformation.

/
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02% e = (L — L)/L;

Figure 2.3: Schematic stress-strain curve.
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As a result of volume conservation, the actual cross section (4) changes during
deformation. Dividing the applied force by A, gives the true stress (o = F/A).
True stress and engineering stress (neglecting the change in cross section), as

well as true strain (&4,,.) and engineering strain are related as follows.

Otrue = 0 1+ 9 (2.6)
Erue = In(1 + &) (2.7)

To accommodate the plastic shape change, atomic planes in a crystalline material
need to move relative to each other, without introducing a change in the crystal
structure. Instead of moving entire planes with respect to each other, plastic
deformation in crystalline materials is accomplished by the movement (glide) of

dislocations. Dislocations are one dimensional crystal defects that are defined by
their line vector (5) and their Burgers vector (5). For the part of a dislocation where
b and fare parallel, the dislocation has screw character (cf. Figure 2.4), while for
the edge character of dislocations b and ¢ are orthogonal to each other. For cases

where b and 5 are neither parallel, nor orthogonal the dislocation has a mixed

character.

N (-

Figure 2.4: Schematic of edge and screw dislocations. Martin Fleck, CC BY-SA 4.0.
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The length (magnitude) of the Burgers vector is given by
b| = VP + K2+ IZ, (2.8)

where a is the lattice parameter and h, k, and [ are the Miller indices. The stress
necessary to move dislocations in metallic materials is orders of magnitude smaller
than the theoretical yield strength necessary to shear whole crystallographic planes

at once.

2.2.1 Dislocation glide in face-centered cubic materials

Dislocations glide predominantly on close-packed planes along the close-packed
direction. For fcc crystals, dislocations glide on {111} planes in the (110) direction,
i.e. the Burgers vector. Slip plane and Burgers vector constitute a slip system,
which there are 12 unique combinations of in fcc crystals and if forward and
backward glide is considered, fcc crystals have 24 slip systems. To classify as a
slip system, the Burgers vector must lay within the slip plane, i.e. plane normal (77)
and Burgers vector are orthogonal. The operable slip systems in an fcc crystal as
well as the possible dislocation reactions are given by the Thompson tetrahedra

(cf. Figure 2.5).
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Figure 2.5: Thompson tetrahedra showing possible slip systems and dislocation
reactions in face-centered cubic materials. Reproduced with permission from Elsevier
from Ref. [78].

For a dislocation to glide, the resolved shear (tzss) in the slip plane and along its
Burgers vector must be larger than the critical resolved shear stress (tcgss). For
the case of uniaxial deformation, the relation between 7,5 and the applied load is

given by

Trss = %cosq)cos A, (2.9)

where ¢ is the angle between slip plane normal and loading direction, while A is
the angle between slip direction and loading direction, cf. Figure 2.6a. The quantity
cos @ cos A is known as the Schmid factor (m). The Schmid factor’s orientation
dependence for full dislocations in the case of uniaxial tension is given in Figure

2.6b.
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Figure 2.6: a.) Definition of the Schmid factor, b.) Schmid factor for perfect dislocations in
case of uniaxial tension.

For polycrystalline materials, t.zss and the macroscopic yield strength are related

to each other by the Taylor factor (M).
0y = MTcgss (2.10)

For a polycrystalline fcc material with fully random texture, M = 3.06. In uniaxial

tension, necking starts when the so-called considére criterion is reached, i.e. the

true stress is equal to the work hardening rate (WHR) (WHR = M). Eventually,

Etrue

when necking starts the material will fail.
2.3 Strengthening mechanisms in metallic materials

As discussed in the previous section, a material's yield strength is the measure of
its ability to resist plastic deformation under an applied load, i.e. the resistance
against dislocation movement. Strengthening of crystalline alloys is achieved by

introducing barriers to dislocation movement, which augment the necessary stress
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for dislocations to move. Such barriers can be either foreign atoms, grain or phase
boundaries, high dislocation density, or precipitates with small interparticle

spacing. A material’s flow stress (z,) is considered as the sum of the different

strengthening contributions as well as the Peierls-Nabarro stress (tpy)
Ty = TPN++TSS+TWH+TGB +TPR! (211)

where g is the solid solution strengthening, 7,4 is the contribution to the flow
stress related to the dislocation density, 7.5 is the strengthening associated with

grain and phase boundaries, and 1,y is the strengthening arising from precipitates.

2.3.1 Solid solution strengthening

Solid solution strengthening is based on the effect of introducing atoms (the
alloying element) to the crystal lattice of a base material. The effect of solid solution
strengthening is related to the difference in atomic size between alloying and base
element, which results in a stress field around the position of the introduced atoms.
This stress field interacts with dislocations and eventually increases the necessary
stress for dislocations to move through the crystal lattice. Depending on the atomic
size of the alloying element, atoms can be either incorporated on lattice positions
of the base material where they substitute atoms of the base material, i.e. they
form a substitutional solid solution, or occupy interstitial sites in the crystalline
lattice, forming an interstitial solid solution. Solubility limits and whether two
elements form a substitutional or an interstitial solid solution are governed by the
Hume-Rothery rules [50]. The solid solution strengthening associated with the
addition of an alloying element scales with its concentration. The two most applied

theories describing solid solution strengthening as a function of the concentration
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of solute atoms (c) are those developed by Fleischer [79] and Labusch [80], which
are both based on the interaction of dislocations with the stress field arising from

the solute atoms. The zero temperature flow stress (150) according to the Fleischer
model is given by

3
Fmax)z (20 =
5o = (57) (&) 212)
where I is the dislocation line tension, b as the dislocation’s Burgers vector, and
FLqx as the maximum force exerted by the solute atom on a dislocation. According

to Labusch, the zero temperature flow stress (z3,) is

1/3 2
L _ Frl)l—maxw =
o= () o, (2.13)

where w is a parameter describing the spatial interaction of solute atoms with
dislocations. The Fleischer model [79] considers solute atoms as individual pinning
sites/obstacles that each interact with a respective dislocation separately. In
contrast, the Labusch model [80] takes into account the combined effect of solute
atoms on the glide plane. Consequently, the Labusch model is more suitable for
analyzing solid solutions with high concentrations, while the Fleischer model is only
relevant for dilute solid solutions (c < 1 at. %). As such, the Fleischer model is
commonly use to describe the effect of interstitials on the yield strength, while the
Labusch model is used to describe the effect of substitutional elements on the yield
strength. However, the Labusch model departs from the assumption that solid
solutions comprise one base element, i.e. the solvent, and finite amounts of one or
more solutes. Clearly, this is not applicable for highly concentrated solid solutions,
such as high-entropy alloys, and eventually breaks down in case of equiatmomic

alloys.
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Several models were suggested to describe the effect of solid solution
strengthening in HEAs [61-63,81]. Varvenne et al. [62] proposed e.g. a solid
solution hardening model based on the ideas by Labusch, which is suitable to
predict the yield strength of random fcc HEAs. The model considers HEAs as a
matrix consisting of a single type of atom with average properties. Each element is
considered a solute that is incorporated into this matrix, causing local fluctuations
in concentration with respect to the overall composition. Following the Labusch
model [80], the alloy’s strength arises from the interaction of dislocations with the
randomly distributed solutes embedded in the average matrix. Dislocations are
attracted by solute fluctuations resulting in favorable stress fields and repelled by
those resulting in unfavorable ones. This results in bending of the dislocation line,
which adopts a wavy low-energy configuration. To glide through the matrix, the
dislocation must overcome the energy barrier associated with moving from a

favorable to an unfavorable state.
2.3.2 Work hardening

The relation between dislocation density (p) and t, given in Eq.(2.14) was first

proposed by Taylor [82] and describes the increase in flow stress with increasing

dislocation density upon deformation

1
Ty = To + aubpz, (2.14)

where u is the shear modulus, «a is a factor of close to unity, and b is the Burgers

vector. The friction stress 7, is commonly regarded as the sum of 7y, s, 75, and

TPR .
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2.3.3 Grain boundary strengthening

The Hall-Petch relation is used to describe the strengthening arising from grain
boundaries in polycrystalline materials and was first proposed independently by
Hall [83] and Petch [84] as an empiric model describing the flow stress dependency

on grain size

1
T, = 7o+ KypD 72, (2.15)

where Kyp is the Hall-Petch constant and D is the grain size. Both pure metals and
alloys comply with the Hall-Petch relation over a large range of grain sizes, i.e. from
millimeters down to approx. 1 — 0.01 micron [85-87]. A further reduction in grain
size was reported to result in softening instead of strengthening [86,87]. This
change is considered to arise from an increase in grain boundary sliding [88] and

supposedly altered interactions of grain boundaries with dislocations [89—-91].

To rationalize the experimentally observed Hall-Petch effect, different models were

suggested, such as pile-up models as well as dislocation density models:
2.3.3.1 Pile-up models

One of the earliest attempts to rationalize the Hall-Petch effect is based on work
by Hall [83], which was further extended by Petch [84]. The basic underlying
concept is the pile-up model proposed by Eshelby et al. [92]. Herein, it is assumed
that grain boundaries constitute a barrier to dislocation motion at which dislocations
pile up. The pile-up results in a stress concentration, which eventually triggers
dislocation generation and movement in neighboring grains upon surpassing of the

critical resolved shear stress.
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2.3.3.2 Work hardening

Work hardening models rationalizing the Hall-Petch relation, are mostly based on
the work by Ashby [93], which is based on the Taylor equation, cf. Eq. (2.14).
Following the reasoning by Ashby [93], the dislocation density is proportional to the
inverse of the grain size. Hence, the inverse square root dependence of the Hall-

Petch relation follows as a result from the p'/? in the Taylor equation.

2.3.3.3 Criticism

Even though the Hall-Petch relation is widely applied and fits reasonably well to
the yield strength’s grain size dependence for a wide range of pure metals and
alloys, it is often criticized for a lack of conclusive experimental validation [94,95].
The spread in experimental data in literature may as well fit to exponents different
from -4, such as a simple inverse relationship [94,95]. Li et al. [94] reason that for
an inverse relation, Kyp becomes a constant for all materials and the sole
difference between different materials is their value for t,. Furthermore, an inverse
relation between yield strength and grain size has a sound physical foundation and

agrees with size effects observed in micromechanical testing [94].

2.3.4 Precipitation strengthening

The interaction of precipitates with a dislocation is similar to the one between a
solute atom and dislocation. In fact, theories applied to solute solution
strengthening were derived from those for precipitation strengthening. Dislocations
can bypass precipitates either by shearing through them, bowing out between them
(Orowan mechanism), or by cross slip and climb. The latter mechanism is mainly
of importance at higher temperatures. The competition between shearing and the
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Orowan mechanism is a function of the average precipitate size, which can be
explained at the example of AlxCoCrFeNi HEAs [96—100]. For short aging times,
so-called L12 precipitates (NisAl-type) form with an face-centered cubic crystal
structure, similar to Guinier-Preston zones in Cu-Al alloys, which are fully coherent
with the HEA matrix [100]. The movement of dislocations at this stage is impeded
by the coherency strains necessary to accommodate the difference in atomic size,
but eventually dislocations will shear through the L12 precipitates. Further aging at
elevated temperatures, results in growth and eventually to the formation of
incoherent body-centered cubic B2 (NiAl-type) precipitates [101]. Due to loss of
coherency, dislocations need to bow around B2 precipitates and the associated

strengthening is controlled by the Orowan mechanism.
2.4 Stacking faults and stacking fault energy

The elastic energy of a dislocation per unit length (E,;) is approximately [102].

Eo = aub* (2.16)
According to Frank’s rule [102], it is energetically favorable for a dislocation to split
up into two partial dislocations, a leading and a trailing one, if

where EL and ET are the Burgers vector of the leading and trailing partial

dislocation, respectively. For fcc crystals, Frank’s rule is fulfilled if a perfect

dislocation (5 = % (110)) splits up into two Shockley partial dislocations.

2 110] = 2 211 2 121
E[ ]_g[ ]+g[ ] (2.18)
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As for perfect dislocations, there are 12 unique Shockley partial slip systems in fcc
crystals (24 when considering forward and backward glide), cf. Thompson’s
tetrahedron in Figure 2.5. The stacking sequence of close-packed {111} planes in
fcc is ABCABCAB ... (cf. Figure 2.7a). The Burgers vector of perfect dislocations is
a translational vector. Hence, glide of perfect dislocations does not affect the
stacking sequence in fcc crystals. In contrast, the Burgers vector of Shockley
partial dislocations is not a translational vector. As a result, the area between two
Shockley partial dislocations exhibits a change in stacking sequence, i.e. a so-

called intrinsic stacking fault (SF) (cf. Figure 2.7b).

a.) Shockley partial b.)
dislocations
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Figure 2.7: a.) Stacking sequence of close-packed planes in face-centered cubic lattice,
b.) Force balance over an intrinsic stacking fault.

The two Shockley partial dislocations interact elastically with each other. According

to Aerts et al. [103], the resulting Force (F,;) is given by

Fer = %(g)(l‘ ze2h), (2.19)

where, v is the Poisson ratio, f is the angle between the Shockley partial
dislocations’ Burgers vector and the dislocation line vector, and dgr the distance
between the partials, i.e. the stacking fault width. The formation of a SF is
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associated with an energy, i.e. the stacking fault energy (SFE). The current opinion
is that the SFE is an intrinsic materials parameter, even though early research on
SFs and SFE in fcc materials indicates that experimental SFE values are
influenced by a material’s microstructure and should be regarded as apparent
values [104,105]. Nevertheless, these findings never received much recognition
for their scientific significance in challenging the opinion that the experimental SFE
is an intrinsic materials parameter. In the following, it is therefore differentiated

between the experimental SFE (yif;p), a material’s actual intrinsic SFE (y;s¢), and

theoretical determined SFE values (y3;").
Due to F,;, SFs widen until the energy gain arising from the expansion is equal in
magnitude to the SFE, cf. Figure 2.7b. Hence, it applies

Exp __
Visr = Fet (2.20)

L N i) <1_ 2vc05(2ﬁ))

Yist' = 4mdgp \1—v 2—v (2.21)

Notably, this force balance departs from the assumption that the Shockley partial

dislocations can glide freely on their glide plane and any resistance against
dislocation movement is neglected. Furthermore, Eq. (2.21) implies that yi'_i;p can

attain exclusively positive values.

2.4.1 Correlation of SFE and deformation mechanisms in face-

centered cubic materials

The experimental SFE and the activation of deformation mechanisms are

considered closely related in fcc materials. In general, high SFE materials (e.g.
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nickel, gold, aluminum, and copper) tend to deform by dislocation slip. In these
materials, the SFE creates a higher energy barrier for the dissociation of
dislocations and formation of wide stacking faults [102]. The narrow width of SFs
in these materials decreases the necessary energy to form constrictions and
therefore increases the likelihood for cross-slip and in conjunction dislocation
annihilation during plastic deformation [18,102]. As a result, materials with a higher
SFE tend to exhibit lower work hardening rates than low-SFE materials [18,106—
108]. With decreasing SFE, the formation of wide SFs becomes energetically more
favorable, leading to an increased density of stacking faults [109-114], i.e. the
stacking fault probability (SFP). With increasing SFP, the likelihood for SFs to
overlap and potentially form on consecutive {111} planes increases [109,114],
which leads to deformation twinning (cf. Section 2.4.2). A further decrease in SFE
changes the prevalent deformation mechanism from twinning to deformation-
induced martensite [21,36,115,116]. Both, twinning as well as deformation induced
martensite result in increased work hardening rates and therefore promote a high
ductility. The reason for the increase in WHR is considered to be related to the
continuous refinement of a material’s microstructure due to twin and martensite
formation. Twin boundaries and martensite/austenite phase boundaries constitute
obstacles for dislocation movement and a continuous refinement leads to an
increase in the flow stress, i.e. the dynamic Hall-Petch effect [117—120]. Thus,
SFE-tailoring is considered a viable option to optimize mechanical properties in fcc
materials [1,15,16,121,122]. For fcc steels, several empirical relations were
suggested to link a material’'s SFE to the prevalence of dislocation slip, twinning,

and martensite formation [21,22,24], cf. Figure 2.8.

24



»Y
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Figure 2.8: Correlation between the prevalence of stacking fault energy and the
prevalence of martensite formation (TRIP), deformation twinning (TWIP), and dislocation
glide [21,22,24]. Further, the correlation between TRIP, TWIP, slip and the work
hardening rate is given. Microstructural representations were reproduced from Ref. [21]
with permission from Elsevier.

Even though based on data for steels, the suggested correlations of active
deformation mechanisms and SFE are often applied to describe the occurrence of

twinning and martensite formation in HEAs .

2.4.2 Deformation twinning

Fontaine [123] suggested that deformation twins form from overlapping stacking
faults and grow by subsequent passage of Shockley partial dislocations on
adjacent {111} planes. The stacking sequence of the fcc lattice remains
unchanged, but with a mirrored sequence when comparing regions above and

below the twin boundary (cf. Figure 2.9).
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Figure 2.9: a.) Stacking sequence of close-packed planes in face-centered cubic lattice,
b.) stacking sequence of close-packed planes in face-centered cubic lattice including a
twin.

Based on the work by Fontaine [123], several models have been proposed to
explain the necessary dislocation reactions for twin formation, such as the
Venables pole mechanism [124], the Cohen-Weertman Frank cross-slip
mechanism [125], the Mahajan-Chin extrinsic fault mechanism [126], and the

Copley-Kear-Byun partial dislocation breakaway mechanism [127,128].

Despite assuming different dislocation reactions, the models have in common that
twinning is first initiated after a certain amount of plastic deformation and upon
surpassing the critical resolved shear stress for twinning [129]. Based on the
empiric relation between the SFE and the occurrence of twinning (cf. Figure 2.8),

several groups tried to link twinning stress and SFE with each other.
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¢ Narita & Takamura [130] Tewin = );ST}; (2.22)
e Byun [128] Ttwin = 2;2?” (2.23)
e Suzuki & Barett [131] Tewin ?T}C: + % (2.24)
e Mahato et al. [132] Tewin = yfjﬁp + HLﬁ (2.25)
p T
e Meyers et al. [133] Tewin = yfip + % (2.26)
e Urrutia et al. [134] Tewin = % + % (2.27)
e Steinmetz et al. [135] Tewin = ]/357;: 3’2? (2.28)

Where L; is the length of a twin embryo. It is noted that the equations above are

commonly validated only for a single alloy system and have limited predictability
for other alloying systems. Furthermore, the fact that that t;,,;, yl.'gp leads to

erroneous predictions of the trend for z,,,;, in HEAs [136].
2.4.3 Martensitic transformation

The martensitic transformation is a diffusionless phase transformation in the solid
state, where the parent phase (austenite) is transformed by a sequence of shear

and volume expansions into the martensitic child phase. Martensitic
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transformations are considered to be athermal, i.e. the transformation will not
progress at constant temperature and the amount of martensite formed depends
directly on the temperature [137]. Although, recent research by Villa & Somers
[138,139] challenged this assumption and demonstrated that thermally activated

martensite formation is the rule rather than the exception.

Athermal martensite starts to form spontaneously once the driving force

(AGY™e/w = AGY el 4 AG,’;Z;/“') is equal to the critical driving force (AGY/*"),

which is satisfied at the martensite start temperature (M) [140], cf. Figure 2.10. M,

is lower than the equilibrium temperature (T,), for which AGY /' = 0,

a) ¢ b.) ¢
A A

AGYEIM < 0 0 < AGY=e/«

Strain-induced
nucleation

gy

: + >»T
M; Mq To M; Mg M,

Figure 2.10: a.) Gibbs energy curves of austenite and ¢/a’ —martensite as a function of
temperature delineating stable and metastable regions of austenite, b.) Effect of applied
stress on stress-assited and strain-induced martensite formation as a function of
temperature according to [140].

For temperatures M; <T < T,, AGY~¥/% is not sufficient to initiate martensite
formation. Although, according to Patel & Cohen [141] an applied stress provides

additional mechanical driving force (U)
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U= Yo + g&, (229)

where y, and g, are the shear and normal strain, respectively. While, T and ¢ are
the respective shear and normal stress.The additional mechanical driving force can
be sufficient to trigger martensite formation above M, [140] up to a certain
temperature (M;) above a further temperature increase U is no longer sufficient to
form martensite. If the applied stress is below the materials yield strength, Olson &
Cohen [140] consider the formed martensite as stress-assisted (cf. Figure 2.10b),
whereas applied stresses higher than the yield strength result in strain-induced

martensite formation.

For fcc steels and HEAs, austenite transforms either into hexagonal-close packed
(hcp) € —martensite or bcc/body-centered tetragonal (bct) a’ —martensite [137].
Due to the coordinated movement of atoms, lattice planes and directions in
austenite and the respectively formed martensite, exhibit a so-called orientation
relationship (OR), i.e. certain crystallographic planes and directions in austenite

and martensite are parallel [137].

2.4.3.1 The transformation y — austenite - £ — martensite

As discussed in Section 2.4, an intrinsic SF constitutes a two-layer high ¢ —
martensite embryo. If, in contrast to deformation twinning, further SFs form on
every other {111} plane and not on consecutive {111} planes the ¢ — martensite
plate thickens. Lateral growth is accomplished by widening of the SFs, and/or
coalescence of SFs that have formed on the same close-packed plane. For the
transformation y — ¢ — martensite, the commonly observed OR in fcc steels and

HEAs complies with the Shoji-Nishiyama OR [137]:
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{111}, /{001}, & (011),||{112), Shoji-Nishiyama
2.4.3.2 a' — martensite

a' — martensite can form either directly from austenite (y — «'), or via intermediary
¢ — martensite (y - ¢ —» '), that is consumed by ongoing formation of a' —
martensite. Reported nucleation sites for a' — martensite formation range from
intersections of shear bands and & — martensite plates with each other, to
intersections of shear band with twin and grain boundaries [23,85,142,143].
Although, the delineation between, shear band, single SFs, and ¢ — martensite is
often ambiguous as pointed out by Talonen et al. [144]. The first description of the
crystallographic mechanism behind the direct transformation from austenite to o' —

martensite was suggested by Bogers & Burgers [145]. As shown in Figure 2.11,
a' — martensite forms at the intersection of two shear operations (Z—V) and (Z—V). It was
later shown by Olson & Cohen [140] that the shear operations suggested by

Bogers & Burgers correspond to a single SF averaged over two {111} planes (Tz—y)

and a SF averaged over three {111} planes (%). Notably, Tz—y corresponds to the

formation of & — martensite. The model suggested by Schumann [146] to
rationalize the formation of &' — martensite at the intersection of two £ — martensite

plates is similar to the Borgers & Burgers model [145].
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Figure 2.11: Shear operations to form a' — martensite from austenite according to
Bogers & Burgers [145], a.) before intersecting, and b.) after intersecting. Reproduced
with permission of Elsevier from Ref. [147].

Irrespective of a' — martensite formation directly from austenite or via
intermediary € — martensite, it exhibits most commonly either the Kurdjumov-

Sachs [148], or the Nishiyama-Wassermann OR [149] with respect to austenite:
{111}, ||{011},, &(011),||{111),, Kurdjumov-Sachs

{111}, ]|{011},, &(112),|[(110),, Nishiyama-Wassermann

2.4.4 Experimental assessment of the stacking fault energy

Irrespective of the applied technique, measuring the SFE departs from Eq. (2.19),
i.e. the only components considered in the force balance over a SF are the SFE
itself and the elastic interaction between the two Shockley partial dislocations.

Since both u and b, can be measured and/or calculated, the two only unknown

Exp

variables in Eq. (2.19) are y,;;~ and dgr. Hence, by determining dsr the SFE can

be calculated based on Eq. (2.19).
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2.4.41 Transmission electron microscopy

Transmission electron microscopy (TEM) enables the measurement of dsz. Hence,

assessing yii}‘p by TEM is considered a direct method. Apart from determining dg,

yi'gp can be further calculated from the radius of extended dislocation nodes (rgz),

as suggested by Whelan [150]. However as discussed by Gallagher [151], the
determination of rg, is difficult and to a certain degree subjective. Cockayne et al.
[152,153] suggested instead to measure dgr by weak beam dark field imaging
(WBDF). WBDF has the advantage that the positions of partial dislocations can be
determined more accurately as e.g. by regular bright field imaging [153]. Measuring
dgr and plotting it against g, enables to fit the experimental SF-widths with Eq.

X

(2.19) and determine yiifp accordingly, as shown exemplary in Figure 2.12 by

Laplanche et al. [154].
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Figure 2.12: Analysis of dislocation occurrence following compression at 293 Kup to a
true strain of 4% was conducted. (a) An image captured using STEM and utilizing the
diffraction condition depicted in (b) reveals the presence of elongated dislocations
located within the (111) plane, exhibiting a near-parallel alignment with the TEM foil. (b)
The diffraction pattern illustrates that the [111] zone-axis aligns closely with the incident
beam. (c) Micrographs of weak beam g(3g) were obtained from the specific region
marked by a white dashed rectangle in (a). f.) The spacing between Shockley partial
dislocations was examined as a function of the angle formed between the dislocation line
and the Burgers vector of the full dislocation. Reproduced from Ref. [154] with

permission from Elsevier.
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In contrast to bright field imaging, WBDF has the advantage to determine the
position of Shockley partials more accurately, thus enabling the measurement of
narrow SFs (< 80 A) [155]. However as discussed by Cockayne & Vitek [155], for

narrow SFs the core structure of the Shockley partial dislocations is no longer
negligible. Hence, measurements of yii}‘p for high SFE materials, i.e. materials

exhibiting narrow SFs, should be assessed with care [155,156].

2.4.4.2 X-ray and neutron diffraction

On the other hand, X-ray (XRD) and neutron diffraction (ND) cannot measure dgp
or rsr. Instead, Reed & Schramm [157] suggested a method that enables to
determine yii}‘p based on peak broadening and peak shifts induced by dislocations

and SFs. However, this approach relies on calibration with SFE values determined

by TEM (cf. Paragraph 2.4.4.1 ) and is hence considered an indirect method.

The determination of the SFE via XRD and ND is based on the shift and broadening
of the Bragg peak induced by dislocations and the formation of stacking faults. The
method suggested by Reed & Schramm [157] is inspired by Otte [158] and Adler
& Otte [159]. It adopts the relation between stacking fault probability (SFP),

dislocation density (p) and the experimental SFE (yl.i;p) as proposed by Smallmann

& Westmacott [160]

2
yExp _ K111woﬂ111a0A -0.37 <£111'Lf)
isf V31 Z

SFP ’ (2.30)

where a, is the strain free lattice parameter, (81211,Lf) is the mean-square strain,
Ki11wq is a positive proportionality constant with value 6.6, A, is the Zener

anisotropy (Az = 2c¢44/(c11 — ¢12)), and L is the Fourier length. To calculate yiifp
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according to Eq. (2.30) from XRD or ND diffraction patterns, both SFP as well as

(81211,Lf) have to be determined from peak shift and broadening, respectively.

According to Warren [161], the presence of SFs results in a peak shift. The
magnitude of the peak shift is proportional to the amount of SFs in the probed

material volume and therefore also proportional to SFP. Following Warren [161]

90v3SFPtan 8 Yp(+)Lo

A20) = — o (2.31)

where 6 is the diffraction angle, h3 = h%? + k% + 12, while u and b are the
unbroadened and broadened reflections. Further, L, =3N + 1 for reflections

affected by broadening and L, = 3N for reflections not affected by broadening. The

Yp(H)Lo

PrT— for the fcc crystal structure are given in Table 2.1.

values for

: Zp(E)Lo
Table 2.1: Values for P im0

presence of stacking faults according to Warren [161].

2u(£)Lg
h(ug + bg)

describing the peak shift of lattice planes due to the

hki 111 200 220 311 222

+1/4 -1/2 +1/4 -1/11 -1/8

In addition to the peak shift associated with the presence of SFs, peak positions
are affected by long range residual/applied stresses. Hence, if yi'j;p is determined

from in-situ XRD or ND experiments, the effective peak shift has to be considered
as a superposition of the effects of SFs and elastic strains. For a given set of lattice

planes with their plane normal (7) perpendicular to the loading direction, it follows:
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hkl _ diF-alkt g \/_ Zp($)Lo
€17 == =S 0 SEP e (2.32)

where Shkl

is the X-ray diffraction elastic constant for a set of lattice planes. It is
common practice to determine the SFP not from absolute peak positions, but from
relative differences in peak positions of two sets of lattice planes, i.e. {111} and

{222}. This reduces the effects of uncertainties in the determination of absolute

peak positions. Since 511! = §222 it follows

£222 _ g1 = (5222 \/—SFP Yp(H)Lg )—(511110'

h3(ug+bg)
2.33
41T hg(uR+bR) ’
with 111 = §222 it follows
222 _ o111 _ (_V3 Tp(HLe \ (V3 Tp(H)Lo
2% — elth = (- 12SFP ng(uR+bR)) (—3osFP hg(uR+bR))' (2.34)

With the tabulated values from Table 2.1, the differences in lattice strains for the

{111} and {222} sets of lattice planes are relate to SFP as follows

3V3
€222 _ g1l = - SFP. (2.35)

Diffraction peak profiles (I,;) are the sum of the convolution of size (I2,;), strain
(I}, planar fault (IF}), instrumental (I/%$") broadening and the background

(IBackgr)

Init = IR * i * T * Inigo + 159°K9T. (2.36)
To determine <€1211,Lf), Iy has to be deconvoluted into the respective

contributions. Several methods have been suggested for this purpose, such as the

(modified) Williamson-Hall method [162,163], (modified) Warren-Averbach method
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[163,164], and approaches based on whole profile fitting, such as Convolutional
Multiple Whole Profile (CMWP) fitting [165]. The different approaches have in
common that before determining the contributions of 12, I5,,, and It} the
instrumental broadening has to be accounted for, such that only the physical line
profile is considered during further analysis (IS = [P, « I3, = IFL). The Fourier

transform of 1°"S is

Phys __ D S Pl
A - AhklAhklAhkl’

(2.37)
where A3, is
—angzL 2(82 )
Apq = e rety, (2.38)
The mean square strain can be calculated according to Wilkens [166] as
2y PChiab? ¢ (Lf
(egupd = =4  f (R) (2.39)

where f is the Wilkens function, R, is the effective outer dislocation cut-off radius,

Cyi1 is the average dislocation contrast factor [167], which is calculated as

Chia = Croo(1 — qH?), (2.40)

h2k?+ h2124+ 2Kk212 = i
where H = (T Cho = B,and q = —C/B. Both B and C are a function

of the single crystalline constants and the dislocation character [167]. For the

determination of (eﬁ_Lf) by the (modified) Williamson-Hall method and the

(modified) Warren-Averbach method the reader is referred to Refs. [162—164,168].
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2.4.5 Theoretical Assessment

As shown in Figure 2.7b, a single intrinsic stacking fault changes the stacking
sequence locally from (ABCABCABCAB...) to (ABABABABABA...), which
corresponds to a two layer high ¢ —martensite embryo. Based on this insight, Olson

& Cohen [140] suggested that the SFE is linked to the chemical Gibbs energy for

ads

¢ —martensite formation (AG;,_,,

), the strain energy (ES'"), and a surface energy

(e ()

Viss = 1pa((AGl o + ES) + 205/ (n),

(2.41)

where n is the thickness in plates of the ¢ —martensite embryo, for an intrinsic SF
n = 2, and p, is the molar density per unit area of atoms in the close-packed {111}
planes. According to Olson & Cohen [140], ES'" is negligible due to the interface
being coherent, which is in agreement with conclusions from Li et al. [169]. Since

%I cannot be measured, Olson & Cohen [140] suggest to determine it by

Y—e
chem

subtracting p,((AG + EST) from ylijfp. Accordingly determined values for g%/

vary significantly, as shown e.g. by Pierce et al. [170] for the Fe-Mn(-Si-Al-C)

system.
2.4.5.1 Thermodynamic modelling of Gibbs energy

While Olson & Cohen [140] considered solely AG/,.;, to contribute to y;s, it was

later shown that the contribution of magnetism (AG,’,’IZE) has to be taken into account

[171,172]. Hence, Eq. (2.41) becomes

Viss = npa((AG o, + AGyae + EStT) + 205v (n).

(2.42)
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The term AG,’;Z; arises from antiferromagnetic ordering, which occurs for
temperatures below the Néel temperature (Ty) [170,172]. Antiferromagnetism
affects the Gibbs energy of austenite and ¢ —martensite to different extents and
thus influences y;sf [170,172]. Furthermore, for interstitial solid solutions it is
debated, whether interstitials segregate at SFs [173], i.e. the Suzuki effect,

effectively altering AG!,.-, on a local scale [174].

Based on Egs. (2.41) and (2.42), it is apparent that the determination of y;;; by

thermodynamic modelling depends on databases for AG),.. and AG),c, e.g. as

implemented in ThermoCalc [175] or the SGTE database [176]. The issue
associated with these databases is that they only contain limited data for low
temperatures, rendering them unreliable at e.g. room temperature and below

[177,178].
2.4.5.2 Density functional theory

Apart from thermodynamic modelling and experimental investigations, a material’s
SFE can be further calculated using density functional theory (DFT) calculations.
The most widely applied methods to calculate the SFE by DFT are the projector-
augmented wave (PAW) method as implemented in the Vienna ab initio simulation
package (VASP) [179,180] as well as the coherent potential approximation (CPA)
[181,182] as implemented in the exact muffin-tin orbital (EMTO) package
[182,183]. The advantages and disadvantages of the respective methods are

summarized in Table 2.2, cf. Ref. [156].
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Table 2.2: Comparison of capabilities of the Vienna ab initio simulation package (VASP)
with those of the exact muffin-tin orbital (EMTO) package in calculating stacking fault
energies according to Ref. [156]. NM, FM, and PM stand for nonmagnetic,
ferromagnetic, and paramagnetic, respectively.

EMTO VASP
Chemical complexity Approximated Explicit
Atomic relaxations No Yes
Magnetism NM, PM, FM NM, FM
Finite temperature effects Yes Yes
SRO No Yes

Both VASP as well EMTO offer the opportunity to calculate SFE values based on
a supercell approach [184], or the so-called axial-interaction model [185,186]. In
the supercell approach, the SFE is determined by comparing the total energies of
two chemically identical supercells, one corresponding to a perfect fcc lattice, while
the other supercell contains a SF. In contrast, the axial-interaction model is based

on calculating the SFE from the Helmholtz energies of the hcp (Fj,) and fcc (Fr.)

crystal structure

pFT _ Z(chc_icp)
Yisp = Agp ’ (243)

where Agr is the stacking fault area. It is noted that yl@/@T neglects strain energies,

while these are contained in experimental SFE values.
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2.5 Influencing factors on the stacking fault energy

Recalling the definition of the SFE by Olson & Cohen, it is apparent that y;,
depends on a material’'s chemical composition [171,187-189] as well as on
temperature [104,105,108,190—194] and pressure [195,196], since AGY~¢f(p,T).
In addition to the aforementioned influencing factors, the austenite grain size is

further reported to affect ;5 [197-202].

2.5.1 Chemical composition

ads

The chemical composition has a direct influence on AG/, ...

and therefore y;,
which is confirmed by experimental as well as theoretical investigations. However,
whether an alloying element increases or decreases y;;y and to what extent is
especially for interstitial alloying elements of ongoing debate. The following section
focuses on the effect of certain alloying elements on y;f in iron-based fcc steels

as well as fcc high-entropy alloys. For other alloying systems, the effect of these

alloying elements might be significantly different.

The addition of Ni results in an increases in y;sf, which has been proven both by
experiments [188,190,203] and simulations [190,204]. The exact extent by which
Ni increases ;s varies, nevertheless y;;s increases linearly with the Ni-content
[188,190,203,204]. Contrary, Cr-addition is reported to lead to a slight decrease in
Yiss [203]. Co is reported to significantly reduce y;sr [121,206-208], as e.g. in the

case of CrCrFeNiMn HEAs [121,206] . Experiments indicate that the effect of Mn
on the SFE is non-linear [209]. For Mn-contents < 22 wt.%, alloying with Mn leads

to a decrease in y;sf, While for contents exceeding 22 wt. % further Mn-addition is
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reported to increase the SFE [209]. Although, DFT predicts a linear increase in
SFE with increasing Mn-content [172]. In line with the effect of Co, the addition of
Si is reported to lead to a reduction in SFE [171,210-214]. In contrast, Al-alloying
leads to an increase in SFE [212,213]. While the effect of substitutional alloying on
the SFE is mostly consistent in literature, the reported effect of interstitial elements,
such as C and N, on the SFE is inconsistent. In case of N, both a decrease [34,39],
an increase [21,35,41,42], as well as non-linear [33,37,40,43] effects have been
reported for N-alloying. While for C, increases in SFE [21,32,36,38,39], no or little
effect [37], or non-linear trends [215,216] have been reported. However, given the
strong austenite stabilizing effect of N and C [21,217], it is considered likely that N-
and/or C-alloying should result in an increase in the SFE. Consistently, recent DFT

calculations do confirm this [218].

2.5.2 Temperature

In comparison to the influence of the chemical composition, few experimental

studies investigated the effect of temperature on y;;,. However, experimentel as
well as theoretical findings indicate that the effect of temperature on ;s depends

on the material/chemical composition [191]. While for pure fcc metals an increase

in temperature leads to a decrease in y;s [191,193], the SFE of fcc steels and

HEAs is reported to increase with increasing temperature [108,113,190,192].

2.5.3 Pressure

The effect of the pressure on a material’s SFE is proportional to the difference in

atomic volume (AV,_, =V, —V,) between austenite and &—martensite, which
follows from the total differential of the Gibbs energy. For AV,_, < 0, an increase in
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pressure will lead to an increase in SFE, while for AV,_, > 0 increasing pressures
will reduce the SFE. Most studies on the effect of pressure on SFE are theoretical
[195,196], although high-pressure experiments using diamond anvil cells reporting
allotropism in HEAs (e —martensite formation) support theoretical findings that

indicate a reduction in SFE for HEAs [219].
2.5.4 Grain size

The grain size has a significant influence on the stability of austenite, i.e. smaller
grain sizes result in a decrease in the martensite start temperature. Lee & Choi
[201] concluded that grain refinement leads to an excess free energy term (AG,,)

for the transformation

D
MGy = 170.06 exp (=), (2.44)

where D is the grain size. According to Lee & Choi [201], the equation by Olson &

Cohen for y;¢ has to also include AG,,. It follows from Eq. (2.44) and Eq. (2.45)

Visg = 1a((AGGem + DGmag + BGex + E*7) + 2077 (n). (2.45)

Experimental evidence of D having an effect on the SFE is rare, although it was
demonstrated that a decrease in D results in higher SFE values [199,200]. This is
in agreement with studies reporting a decrease in martensite and twin formation

upon deformation for smaller grain sizes [12,134,198,220-224].
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2.6 The principle of alloy design by stacking fault energy

engineering

Synthesizing alloys with high strength and ductility to overcome the strength-
ductility trade-off is the holy grail in designing structural materials [1-3]. For
materials deforming solely by dislocation glide, the introduction of obstacles to
dislocation motion results inevitably in a reduction in ductility. On the contrary, TRIP
and TWIP cause higher work hardening, which delays the occurrence of necking
in uniaxial tension. Hence, why not design materials that either have a small grain
size, contain precipitates, or exhibit a high degree of solid solution hardening and
stil deform by TRIP or TWIP? Certainly, these materials should exhibit

advantageous combinations of strength and ductility.

HEAs and MEAs, such as CoCrFeMnNi and CoCrNi, are examples of alloys that
exhibit high intrinsic strength due to solid solution hardening and can deform
through TWIP or TRIP, depending on the deformation temperature
[109,119,120,154]. These alloys demonstrate superior combinations of strength
and ductility compared to materials that deform primarily by dislocation glide.
Additionally, by alloying TRIP/TWIP materials with interstitial elements, further
improvements in their mechanical properties can be achieved while maintaining a

high ductility [29,225].

Schneider & Laplanche [119] argued that the effect of TWIP/TRIP on the WHR
and, consequently, the delay of necking depends significantly on when twinning or
martensite formation occurs. If twins or martensite form before the onset of cross-
slip, they can lead to a significant increase in WHR and a higher ductility [119,120].

On the other hand, if twinning or martensite formation occurs after the onset of

44



cross-slip, the effect on WHR is lower, and the associated increase in ductility is
less pronounced [120]. Hence, it is essential to not only control whether a material
forms twins or martensite upon plastic deformation, but also the onset of the

TRIP/TWIP effect.

As discussed above, the SFE controls the prevalence of dislocation glide, TWIP
and/or TRIP. Furthermore, at least for twinning the critical resolved shear stress to
form twins appears to depend on the SFE. Hence, by tailoring the SFE to a level
where TWIP/TRIP is favored, while maximizing i.e. solid solution hardening by
interstitial alloying, materials with favorable combinations of strength and ductility
can be synthesized. However, this requires that the effect of alloying on the SFE,

especially with the advent of HEAs, can be accurately described.

2.7 Differences in experimental and theoretical

assessments of the stacking fault energy

As discussed above, the SFE can be assessed both by theoretical/computational
and experimental methods. For pure fcc metals theoretical and experimental SFE
values and their dependence on temperature are in relatively good agreement.
However the situation changes for metastable fcc materials (AG” % < 0) [206]. For
Ni-Co alloys, the theoretical SFE decreases with increasing Co-content and
eventually becomes negative [206,207], while experimental SFE values remain
positive [208]. Similar observations apply to the Cu-Al [169] and Cu-Zn [169]
system and were recently shown to apply also in case of HEAs [226], MEAs [226],
as well as austenitic steels of the Fe-Mn-C-(Al-Si) and Fe-Cr-Ni-(Mn) alloy systems

[170]. Sun et al. [206] reason that the discrepancy between positive experimental
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and negative theoretical SFE values cannot arise solely from an inappropriate
treatment of the temperature effect in ab initio calculations. Instead, Sun et al. [206]
suggest that experimental SFE values are affected by lattice friction which retards
the movement of Shockley partial dislocations and keeps the SFs in metastable
fcc alloys from attaining infinite widths. Similar conclusions were presented by Wei
& Tasan [227] as well as Shih et al. [228]. Accordingly, if experimental SFE values
are affected by lattice friction, experimentally determined SFE values are not
reliable and cannot be used to verify results obtained by computational methods.
This implies that alloy design by tailoring the SFE based on computational methods

remains a trial-and-error approach.
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3 Reassessing the experimental

determination of the stacking fault energy

As discussed in Section 2.4, the current experimental assessment of SFE values
departs from the assumption that Shockley partial dislocations can glide freely in
their glide plane. This assumption is supported by the work from Byun [128], who
concludes that resistance against Shockley partial dislocation movement is
negligible. However, as pointed out by Baudouin et al. [229], Byun assumes that
the dislocation line vector is fixed and that the Burgers vector rotates in the slip
plane. This causes a rotation of the Burgers vector with respect to the applied
stress tensor. Baudouin et al. [229] reason that Byun’s assumption is flawed due

to the following reasons:

i.  The direction of the Burgers vector has to correspond to a close-packed
direction and can therefore not rotate freely
ii. The Burgers vector must be constant along a dislocation loop, while the

dislocation line vector changes
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Figure 3.1: Geometric description of the dissociation of Shockley partial dislocations and
the effect of applied stresses. Reproduced from Ref. [229] with permission from Elsevier.

The dissociation of a perfect dislocation into two Shockley partial dislocations is

shown in Figure 3.1. The glide plane is defined as the x-y plane, with the Burgers
vectors of the perfect b = %[110], leading b, = %[izi], and trailing Shockley partial

ET = %[211], respectively. While an applied stress acting on the dislocations is

described by the stress tensor (') in the defined Cartesian coordinate system
Oxx Txy Txz
7 z)
The force balance of the leading Shockley partial dislocation in is given by
F = F,— Yisf€p + ﬁPK,L + 6Lﬁféﬁv (3.2)
where ﬁel is the elastic interaction between the two Shockley partials, y;s-€; the

force exerted from the SFE on the leading Shockley partial dislocation, F"PK’L the

Peach-Kohler force exerted on the leading partial due to X, ﬁf the friction force
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acting against the movement of the leading Shockley partial dislocation, and 6, is
a sign parameter that depends on the direction of movement of the partial
dislocation. It follows for the trailing Shockley partial dislocation

ﬁT = ﬁel - ylsfé)ﬁ + ﬁPK,T + 6Tﬁféﬁ (33)
Note that it is assumed that the friction forces acting on the trailing and leading

Shockley partial dislocations are equal in magnitude [229]. Projecting F;, and Fy on

és gives, for the leading Shockley partial
FL = ﬁLé/i = Fer = Visg + Fpg,1 + 6LFF, (3.4)
and for the trailing partial
Fr = Frés = —Fo + Yisp + Fpxr + 075, (3.5)
with the Peach-Kohler forces for the leading

a\/E a\/g
FpgrL = Tsz + Tryz (3.6)

and trailing partial dislocations

WP o

Fpgr = 4 Txz — ETyz' (3.7)

respectively. As expected, the only stress components affecting the stacking fault
width are those parallel to components of the respective Burgers vector. In the
case of no externally applied stress, the stacking fault width is determined by the

force balance over the stacking fault neglecting with Fpy ;, = Fpir = 0 . It follows
Inserting Egs. (3.4) and (3.5) into Eq. (3.8)
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For — Visf + 6LFf - (_Fel + Visy T 6TFf) =0 (3.9)
and simplifying Eqg. (3.9) results in

2Fe = 2Yisy + 6,Fy — 67Fp = 0. (3.10)

If the Shockley partial dislocations move away from each other to reach their

equilibrium distance, 6§, = —1 and §; = +1. Therefore, Eq. (3.10) becomes

2Fy — 255 + 2F; = 0, (3.11)

with F,, = 22 (22) (1 22C0) (£q (2.19)) it follows

4mdsp \1-v 2-v

2 _
Visg + F = Kby (—2 V) (1 _ 2vcos(2f) Cos(zﬁ)).

4dgp \1 — v 2—v (3.12)

If we now consider that Fy corresponds to the Peach-Kohler due to critical resolved

shear stress for Shockley partial dislocations (Fy = t,b,), Eq. (3.12) becomes

ubs (2 - v> (1 v cos(2ﬁ)>.

Visr ¥ by = 3 (T3 2—v

(3.13)

Hence, experimentally determined values for the SFE are the sum of a material’s

actual intrinsic SFE and 7, b,

E
yis}cp = Yisr t Tpbp- (3.14)

If it is assumed that the SFE determined by DFT corresponds to a material’s actual

intrinsic SFE. (yisr = vi2;' ), Eq. (3.14) implies that experimental and theoretical
SFE values can only be compared to each other, if the contribution of 7,b,to y,¢;"

is taken into account.
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4 Summary of results

This chapter provides a brief overview of the main results of this Ph.D. project. For
more detailed information the reader is referred to the individual manuscripts in

Chapters 5 - 7.
4.1 Manuscript |

Experimental validation of negative stacking fault energies in metastable face-

centered cubic materials

This study aimed to address the disparity between positive experimental stacking
fault energy (SFE) values and negative SFE values obtained from density
functional theory (DFT) calculations in metastable face-centered cubic alloys. In
summary, the study suggests that that DFT treats the stacking fault energy as a
variable of state and assumes that Shockley partial dislocations can glide freely on
their glide plane, while the resistance against movement of Shockley partial
dislocations affects experimental SFE values. Therefore, experimental SFE data
should be considered as apparent values, which differ from the theoretically
determined SFEs. The apparent SFEs comprise the intrinsic SFE of the material
and an excess SFE resulting from the critical resolved shear stress for twinning.
As a result, experimental SFE values are always positive and dependent on grain
size in a manner similar to the Hall-Petch effect. By correcting the experimental
SFEs accordingly, the study achieves intrinsic SFE values that align remarkably
well with DFT predictions for metastable systems with negative stacking fault

energies.
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4.2 Manuscript Il

Reconciling experimental and theoretical stacking fault energies in face-centered cubic

materials with the experimental twinning stress

The primary objective of this study was to expand upon the proposed correction
method for experimental stacking fault energy (SFE) values in metastable face-
centered cubic materials, as described in Manuscript I. The aim was to apply this
correction to stable alloys and pure metals and to demonstrate the mismatch of
previously suggested models linking the critical resolved shear stress for twinning
and experimental SFE values with experimental observations. There is a widely
accepted belief that stacking fault energy and twinning stress are closely related.
Existing models all predict a decrease in twinning stress as stacking fault energy
decreases, assuming that the intrinsic stacking fault energy possesses a positive
value. However, contrary to these predictions, it has been observed that twinning
stress increases with decreasing SFE in medium- and high-entropy alloys.
Furthermore, while first principles methods predict negative intrinsic stacking fault
energy values for metastable materials, experimental measurements consistently
yield positive values. In this study, it is proposed that scaling the twinning stress by
the Burgers vector can bridge the gap between intrinsic and experimentally
measured stacking fault energy. This hypothesis was tested on Cu-Al alloys, pure
metals, and medium- and high-entropy alloys, providing a consistent and
quantifiable interpretation of data for alloys exhibiting both positive and negative

stacking fault energy for the first time.
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4.3 Manuscript Il

Experimental and computational assessment of the temperature dependency of

the stacking fault energy in face-centered cubic high-entropy alloy

The stacking fault energy is considered and important design criterion in
synthesizing strong and ductile materials. Experimentally determined stacking fault
energy values are considered an inherent materials property and are exclusively
positive. Nevertheless, this assumption is challenged by results obtained from first
principle methods, which show that the intrinsic stacking fault energy of metastable
face-centered cubic is negative. The hypothesis presented in Manuscripts | and Il
appears to reconcile experimental and theoretical stacking fault energies.
Although, the assessment of the critical stress for twinning, which is commonly
done by transmission electron microscopy, is laborious. Instead, the work in this
manuscript explores the opportunity to reconcile experiments and theory based on
single in-situ neutron diffraction experiments, by determining the critical resolved
shear stress for Shockley partial dislocations from stacking fault probability versus
true stress curves in line with the experimental determination of the stacking fault
energy. The presented results showcase that in-situ neutron diffraction offers the
opportunity to determine both these values and thus reconcile theory and

experiments.
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5 Manuscript I:

Experimental validation of negative stacking fault energies in

metastable face-centered cubic materials’

Konstantin V. Werner*, Frank Niessen, Matteo Villa, Marcel A. J. Somers
*Correpsonding author. E-mail address: kviwe@mek.dtu.dk

Department of Mechanical Engineering, Technical University of Denmark,

Produktionstorvet, Building 425, 2800 Kongens Lyngby, Denmark

Keywords: Metastable alloy, Stacking fault energy, Twinning, High-entropy alloy

5.1 Abstract

Stacking fault energy (SFE) is considered an important parameter to predict the
prevalent plastic deformation mechanism in face-centered cubic (fcc) alloys.
Experimental methods for determining SFE presuppose that SFE is positive.
Density functional theory (DFT) is a promising tool to predict alloy compositions
with low SFEs and desirable mechanical properties. For metastable fcc alloys, DFT
predicts negative SFE values, which cannot be validated by the existing
experimental procedures. In this contribution, it is demonstrated that experimental
procedures to assess SFE values only provide an apparent value that needs

correction. The suggested correction relies on the critical resolved shear stress for

1 Published work: Werner, K. V., Niessen, F., Villa, M., Somers, M. A. J., “Experimental validation
of negative stacking fault energies in metastable face-centered cubic materials”, Appl. Phys. Lett.
119, 141902 (2021) https://doi.org/10.1063/5.0063761 [248]. The format of the published article
has been adapted to fit the format of the Ph.D. thesis.
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twinning, which is grain size-dependent, just like the apparent SFE. The correction
provides SFE values that are independent of grain size. Accordingly, negative

SFEs predicted by DFT can be experimentally validated.

5.2 Introduction

Metastable face-centered cubic (fcc) metals and alloys, such as Fe-Cr-Ni and Fe-
Mn-C austenitic steels, high-entropy alloys (HEAs) and medium-entropy alloys
(MEAs), are characterized by an fcc structure that is not in thermodynamic
equilibrium at room temperature. Under the influence of externally applied forces
these metastable alloys can develop deformation-induced martensite and
deformation-induced twins. These deformation mechanisms are commonly
referred to as transformation-induced plasticity (TRIP) and twinning-induced
plasticity (TWIP), respectively. Deformation-induced martensite and deformation-
induced twins can provide additional ductility and strength. As compared to
classical dislocation slip, deformation-induced martensite and deformation-induced
twins play a pivotal role in attempting to overcome the well-known strength-ductility

trade-off in structural materials [1,3].

The current paradigm for tailoring the (combination of) deformation mechanism in
fcc metals is tailoring the intrinsic stacking fault energy (SFE) [15,23], which is the
excess energy associated with a stacking fault suspended between the leading
and trailing Shockley partial dislocations that result from the dissociation of a full
dislocation. The SFE depends on the materials’ chemical composition at given
temperature and pressure [39,187,188,196]. It is considered common knowledge
that, with increasing SFE, the prevalent deformation mechanism changes from
TRIP to TWIP to slip [21,23,117]. For example, austenitic steels with an
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experimental SFE < 20 m] - m™2 are expected to transform into either hexagonal-
close packed (hcp) €-, or body-centered cubic (bcc) o’-martensite (TRIP) [21,22].
For experimental SFEs in the range ~20 —45mJ-m™2, deformation twinning
(TWIP) is preferred [21]. For SFEs > 45 m] - m™2, austenitic steels are expected to

deform by slip [22].

Density functional theory (DFT) is a popular tool to map uncharted composition
spaces and identify the composition range of materials with superior properties
[20]. For thermodynamically stable fcc metals and alloys, DFT calculations can
provide values for the SFE that are in good agreement with experimentally
determined values, without the use of fitting parameters [169,193]. Conversely, for
metastable fcc materials, Sun et al. recently pointed out a severe discrepancy
between experimentally determined and DFT-predicted SFE values [206]. They
identified an incomplete definition of SFE in the currently applied experimental
approaches as the origin of the discrepancy. Specifically, experimental methods
for SFE determination presuppose positive SFE values, while DFT provides
negative SFE values for metastable alloys, consistent with the thermodynamic
definition of a metastable system [206]. Sun et al.”s work implies that theoretical
SFE values for metastable materials cannot be validated and reconciled with the
present consensus on experimental SFE determination [206]. Furthermore, their
work would suggest that tailoring the deformation mechanisms in metastable fcc
materials by compositionally adjusting the experimental SFE, i.e. alloy optimization

by tailoring of the experimental SFE, is a questionable scientific paradigm.

In addition to the invalidating implications of Sun et al.’s work, it is noted that
tailoring the deformation mechanism via the composition-dependent SFE appears

an incomplete concept, because the microstructural features, in particular the grain
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size, are well known to influence a material’s propensity for TRIP and TWIP
[12,134,221]. Fine-grained materials exhibit less pronounced TRIP or TWIP than
coarse-grained materials with identical chemical composition [198,220,223].
Moreover, grain refinement was demonstrated to possibly fully suppress

deformation-induced twinning [222].

In the present communication, the shortcomings of experimental SFE
determination are addressed and a route for experimental evaluation of positive
and negative SFE values is proposed. This method can also account for the effect
of grain size on the observed deformation mechanism. It is demonstrated that
experimentally determined SFE values are apparent values that are not only

determined by the composition, but also by the material’s microstructure.

5.3 Methods

Currently, experimental stacking fault energies are assessed by transmission
electron microscopy (TEM) or by X-ray (XRD) and neutron diffraction (ND). In TEM,

the intrinsic SFE, hereby labelled apparent/experimental (yi‘;jfp), is determined from

the separation distance (d) of isolated corresponding pairs of leading and trailing
partial dislocations. The approach assumes a balance of the excess energy stored
in the stacking fault and the elastic strain energy responsible for mutual repulsion

of leading and trailing partials [230-232]:

app _ b3 2 —1/(1 _ 2vcos ZB)

Visy 8mdl1-—v 2—v (5.1)

where b, is the Burgers vector of the partial dislocation, u is the shear modulus, v

is Poisson’s ratio and B is the angle between the direction of the full dislocation
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and its Burgers vector. It is essential to point out that this approach implicitly
assumes that the partial dislocations can glide freely in their glide plane and that
the only force counteracting the mutual repulsion of the partial dislocations is the
obtained SFE value. SFE determination by XRD and ND is based on the shift and
broadening of the Bragg peak and commonly employs the method by Reed &
Schramm [39,157], which is based on work by Otte et al. and Adler & Otte
[158,159,233] and adopts the relation between stacking fault probability (a),

dislocation density (p) and y;;;” as identified by Smallmann & Westmacott [160]:

app _ K111@0M11100 4037 (f11)
Visy = J3n . (5.2)

where (¢, ) is the mean-square microstrain, K, w, is a positive proportionality
constant with value 6.6 and A is the Zener anisotropy (A = 2c44/(c11 — C22)).
Additionally, Rafaja et al. [234] recently presented a method, based on the work by
Byun [128], which assesses the SFE by determining the critical resolved shear
stress required to create stacking faults (SFs) with an infinitely large separation
distance between the leading and trailing partial dislocations. Despite being
essentially different, both experimental approaches have in common that they

presuppose a positive SFE value (cf. Egs. (5.1 and (5.2).

A single SF is commonly modelled as an inclusion of e-martensite (hcp) with a

thickness of two dense-packed atomic planes [206,235]:
— Y—¢€ y/
Visf - ZpA(AG + Estr) + 20 /¢ (5_3)

where p, is the molar electron density in the close packed {111} planes, AGY ¢ is

the chemical driving force of the y to € transformation, E,;, is the strain energy and

o'/e is the energy associated with a coherent interface between austenite and ¢-
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martensite. E,.,. accounts for the lattice mismatch, i.e. coherency strains, between
fcc and hep and has a magnitude in the range 1 — 4 m] - m™2 [235]. The interfacial
energy cannot be directly assessed experimentally and is generally determined by
subtracting 2p,AGY¢ from the measured SFE and dividing by a factor two, as
suggested by Olson & Cohen [235]. The interfacial energies thus determined are
typically in the range ~10 — 15 mJ - m~2 for common austenitic steels [170,236].
Sun et al. highlighted that the term 2p,AGY~¢ in Eq. (5.3) is equivalent to the
intrinsic SFE from DFT, which is defined as the energy difference between two fcc
supercells with and without a stacking fault [206], respectively. It is apparent that,
for an increasingly negative chemical driving force, AGY™¢, (as for metastable fcc
materials) Eq. (56.3) can yield a negative SFE value, even when strain and
interfacial energies give a positive contribution. This, in turn, is synonymous with
the fact that, in metastable fcc materials, Shockley partial dislocations must
experience an additional excess force (F* in Figure 5.1) that restrains their free
movement within the glide plane to prevent the spontaneous transformation of
metastable austenite into e-martensite. Refs. [206,227] refer to this term as “friction
force” and state that it must counterbalance the repulsive character of the elastic
interaction between the two partial dislocations (F;,,;) and the SFE itself. Otherwise,
experimental observations of SFs with finite widths in metastable materials cannot

be reconciled with negative SFEs values.
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Figure 5.1: Schematic illustration of the force balance of a metastable fcc material with
negative SFE. An additional excess force (F*) balances the repulsive character of the
elastic interaction of the two partial dislocations and the force experienced by the
negative SFE to yield a finite separation distance d.

In contrast, DFT and thermodynamic modelling both treat the SFE as an energy
difference between two equilibrium states, mainly characterized by AGY~¢. These
equations of state accurately describe the change in energy associated with the
formation of a stacking fault, y;,¢, but do not account for the effect of the resistance
against the movement of partial dislocations, i.e. F* in Figure 5.1. As this resistance
to stacking fault formation in metastable materials is inevitably contained in
experimentally determined SFE values, they cannot be directly compared with SFE

values from equations of state.

5.4 Results and Discussion

In an attempt to reconcile positive and negative stacking fault energies with

experimental observations of finite Shockley partial separation, it is proposed that
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the experimentally determined, apparent, SFE (y;5;"), is the sum of the intrinsic

SFE (yisr) and an excess SFE (y”):

Vier, = Visy +V" (5.4)

where Eq. (5.4) eventually links Egs. (5.1) and (5.2) to Eq. (5.3). The excess SFE
stems from the resistance against the movement of partial dislocations, which is
experienced by the moving partial dislocations upon the full dislocation’s
dissociation. Similar to the critical resolved shear stress for slip, this resistance
should be the sum of a grain size-independent term, i.e. the lattice friction
associated with the Peierls potential and solid solution hardening, and a grain size-
dependent term due to the back stress imposed onto the moving partial
dislocations as a consequence of the finite dimensions of their glide plane, as for
example constituted by grain boundaries. Apart from the aforementioned factors,
the interaction of expanding SFs with Shockley partials that bound short SFs as

well as other microstructural features [234] will influence y;;;”. A detailed derivation

will be supplied in a future full-length paper. Moreover, it is well established that
deformation twinning in fcc materials is closely related to the dissociation of
dislocations and the formation of multi-layered stacking faults [126]. In addition,
results by Lu et al. indicate that the effective energy barriers for twinning and the
formation of a stacking fault are similar in magnitude (cf. Fig. 1c in Ref. [19]). While
measuring the resistance against the movement of Shockley partial dislocations
itself would be the ideal measure for the excess SFE, this quantity cannot be
straightforwardly measured. The excess SFE is therefore approximated by the
product of the critical resolved shear stress for twinning (z,:,) and the Burgers

vector of the Shockley partials (y* = b, Tyin ). Hence:
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HP
Visf = y;;jzzp — by (To,twin + :/%n) (5.5)

where 7, i, IS the critical resolved shear stress for twinning of a single crystalline
material due to lattice friction and solid solution hardening, K. is the critical
resolved shear stress’ Hall-Petch slope for twinning and D is the grain size. Eq.

(5.5) allows both positive and negative values of y;s; while y;;?” remains positive.

It has been demonstrated that the prevailing deformation mechanism in fcc metals
may depend on the materials’ microstructure, specifically on the grain size
[200,237]. Given the empirical relation between experimentally determined SFE
and deformation mechanism [21-24], apparent SFE values would similarly depend
on the grain size. The proposed correction for experimentally determined SFEs in

app

Eq. (5.5) implies a Hall-Petch-like dependence of y ;" on the grain size.

Unfortunately, only limited data is available to validate this implication. The SFE
data determined as a function of the grain size for a Fe-24Mn-4Cr-0.5C TWIP [237]

steel is presented in Figure 5.2a. Evidently, y,;” indeed obeys a Hall-Petch-like

dependence on the grain size. According to the interpretation of SFE
measurements suggested above, this would imply easier TWIP for a larger grain

size by an effective reduction in 7,,;, (see Eq. (5.5)).
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Figure 5.2: a.) 57" and y;s; for a Fe-24Mn-4Cr-0.5C TWIP steel in dependence of D.

Visy and the normal twinning stress were taken from Table 2 and Fig. 14 in Ref. [237].

b.) ;)" used for the correction was calculated from the reported normal twinning stress
assuming a Taylor factor of 3.06.

The intercept of the linear fit (red dashed line) with the y;;7” axis represents the

apparent SFE of single crystalline material (infinite grain size), while the slope of
the line yields the Hall-Petch slope for the critical resolved shear stress for twinning

(determined from y,2P”) KHE... The linear fit yields g1 = 21.9 mJ - m~2 for the

infinitely large single crystal and K\P,{‘t’win = 152 MPa - um'/? for the Hall-Petch slope.

Lee et al. also determined the twinning stress experimentally (7 ) as a function

twin

of D for the Fe-24Mn-4Cr-0.5C TWIP steel [237] as shown in Figure 5.2b. The
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twinning stress can be used to evaluate the Hall-Petch slope (K/F. ) independently

from the SFE data and can in principle be used to correct experimentally
determined SFE values for y* (see Eq. (5.5)). Subtracting b,z;;} from the
experimental y;?” values in Figure 5.2a yields the corrected SFE values (green
squares in Figure 5.2a) that are independent of grain size (indicated by the light

green band corresponding to the 95% confidence interval), as required by the

definition of SFE. This indicates that the Hall-Petch slope for twinning (K/F, =

exp
twin

163 MPa - um'/?) determined from z;,” is equal to the Hall-Petch slope (K,'f,;,, =

152 MPa - um'/?) determined from the apparent SFEs. Within this framework, the
blue lines in Figure 5.2a correspond to the grain size-dependent (prt"’,VPinD‘l/z)
and grain size-independent (b,7.yin) contributions to y*, respectively. This
validates Eq. (5.5), at least qualitatively. Quantitatively, the absolute value of y;s¢
is expected to be offset by a value that corresponds to the difference between the

interfacial energy as assumed by Lee et al. [237] (ay/‘g = 9 mJ] - m~?) and the actual

interfacial energy.

Clearly, the question arises, whether a similar correction could be applied to other
systems. In line with the observations made for the TWIP steel, the experimentally
determined SFE data for a Fe-18Mn-3Si-0.6C TRIP steel shown in Figure 5.3
convincingly exhibit a Hall-Petch like dependence on D. Nevertheless, and in
contrast to the data presented for the TWIP steel in Figure 5.2a, 7,,° was not
determined. Hence, 7 1in is Unknown and the overall y* term remains unrevealed
for this material. It is therefore uncertain, whether the critical resolved shear stress
for twinning is an adequate approximation of the resistance against the movement

of partial dislocations in metastable fcc materials that deform by TRIP.
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Nevertheless, the need for a correction for this resistance against the movement
of partial dislocations in line with Eq. (5.5) is eminent from the SFE values [200]

shown in Figure 5.3.
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Figure 5.3: yi‘gp plotted as a function of D for a Fe-18Mn-3Si-0.6C TRIP steel. Data
extracted from Fig. 8b in Ref. [200].

Evidently, the validation of Eq. (5.5) requires very specific experimental data that
is available only for a limited set of materials. Nevertheless, in several cases of
metastable fcc materials that deform by TWIP, part of such data is available and
can be used for an approximate evaluation of this quantity. Experimentally
determined SFEs for selected MEAs and HEAs are given in Figure 5.4 (full
symbols) and compared with SFEs predicted by DFT along the horizontal axis.

Clearly, the values for y;3i” deviate significantly from those predicted by DFT:

experimental values are positive, while the DFT values are negative. It was
attempted to correct the experimental values in accordance with Eq. (5.5). The
values shown in Figure 5.4 and used for the correction are collected in Table 5.1.
The Hall-Petch slope for twinning could not be determined for any of the materials

included in Figure 5.4, because data is lacking. Consequently, the exact grain-size-
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dependent term of the excess SFE remains undetermined. Nevertheless, as
conceivable from Figure 5.2a, the excess SFE is dominated by a grain-size
independent term, provided that the grain size is not excessively small. The data,
which was determined on polycrystalline specimens with different grain sizes, was
corrected with

twinning shear stresses experimentally determined on

polycrystalline materials (see Table 5.1). The corrected SFE values y;,, are indeed
negative and in excellent agreement with the DFT results, despite the unknown
grain size dependence. Consequently, the corrected SFEs may be off by some

m]J - m~? from the actual values.

The agreement between corrected experimental SFEs and predicted DFT SFEs is

most encouraging. Note that y2;" was calculated at T = 300 K [206], which is in

accordance with the temperature for the experimental SFEs, i.e. T =293K

[113,154,238-240].

exp

win coOrrected y;;r of MEAs and HEAs. Theoretically
predicted twinning stresses (t£2L,) given as comparison to t/,” . D given in ym for

Table 5.1: y.‘;}’p, yif" and for T

L

twin
polycrystalline materials if known, unknown grain size denoted by unk. Single crystalline
materials are denoted by sx.

Alloy A 4 Vis a Ty T D
N-mm~ N-mm-
at% mJ-m?2 mJ-m?2 mJ-m2 A ) ) pm
18+4 3.529
-19.5+4 unk.
-21 [238] [238] ~260 291
CoCrNi
[206] 22+4 3.567 [154] [241] 16
-15.8+4
[154] [154] [154]
325 05 3.604 35
-1 [113] ' [113] ~238 274 [113]
CoCrFeNi
[206] 27 +4 3.565 [113] [241]
764 unk.
[238] [238]
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30+5

435 unk.
-5 [239] 3.576 ~235 236
CoCrFeMnNi
[206] 26.5% [238] [120] [241]
-7.8+4 unk.
4 [238]
-3 13+4 3.610 ~116 SX.
Fe4oMn4oCo010Crqg -4.1+4 -
[206]  [240] [240] [242] [240]
40 s
| isf
30 %% B CoCri 1522
* FT | @ cocrremnni 282
. 20r " | @ Fe,Mn, Co,Cr,, 20
e B " | A coCrren 1oz
S 10F I,
-2 v Wit
E ol 17| 'O CoCrNi
- TIA
5 1O CoCrFeMnNi
o0} ’ O FeyoMnyoCoyoCryg
e éy// . LA CoCrFeNi
T 20 L ’ |
0L 4 |
ol .
40 30 20 -10 0 10 20 30 40
Yot (mdm?)

Figure 5.4: ;7" and y;s; of HEAs and MEAs [113,154,238-240] corrected via Eq. (5.5)

versus yi;" [206

]

Furthermore, the SFE and the twinning shear stress for FesoMn40Co10Crio were

determined on single crystals [240,242]. The experimentally determined SFE is

hence independent of grain size and the corrected y;;s of the FesaoMn4oCo10Cr1o

requires no further correction for the effect of the grain size and can be regarded

as the “actual” experimental SFE for an “infinitely” large crystal. Certainly, for this

alloy excellent correspondence is obtained between the corrected experimental

SFE and the DFT-predicted SFE.

Owing to the limited availability of room temperature SFE values predicted by DFT,

it remains to be verified, whether the critical resolved shear stress for twining can

adequately describe the resistance against movement of partial dislocations for fcc
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materials that deform by TRIP and slip. Nevertheless, since Vi‘;,’ip is the sum of y;f

and a grain-size dependent y*, it is recommended that reviews [243] on the
influence of alloying elements on the SFE of alloys are carefully reevaluated. It
needs to be ascertained that the reported influences of alloying elements on the
SFE are indeed related to the chemical composition and do not originate from

grain-size dependent variations in y*.

The present findings suggest that a concerted approach of adjusting SFE and grain
size appears necessary rather than tailoring the (combination of) deformation
mechanism(s) in fcc materials merely by adjusting the composition. Moreover,
thermodynamics represents only a part of the chemical composition’s influence on
the apparent SFE of a material, and information on the influence of the alloying
elements on the grain size independent excess energy should be included to arrive

at reliable tailoring of the (combination of) deformation mechanism(s).
5.5 Conclusions

Summarizing, experimental SFE data should be regarded as apparent SFE values,
which deviates from theoretically determined SFEs. Apparent SFEs are the sum of
a material’s intrinsic SFE and an excess SFE that appears to arise from the critical
resolved shear stress for twinning, which is always positive and depends on grain
size according to a Hall-Petch like dependence. Correcting experimental SFEs
accordingly, yields intrinsic SFEs that are in excellent agreement with DFT-

predictions also for metastable systems with negative stacking fault energies.
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6.1 Abstract

Stacking fault energy and twinning stress are thought to be closely correlated. All
currently available models predict a monotonous decrease in twinning stress with

decreasing stacking fault energy and depart from the assumption that the intrinsic

2 Published work: Werner, K. V., Niessen, F., Li, W., Lu, S., Vitos, L., Villa, M., Somers, M. A. J.,
“Reconciling experimental and theoretical stacking fault energies in face-centered cubic materials
with the experimental twinning stress”, Materialia, Vol. 27, 2023,
https://doi.org/10.1016/j.mtla.2023.101708 [301]. The format of the published article has been
adapted to fit the format of the Ph.D. thesis.
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stacking fault energy has a positive value. Opposite to this prediction, for medium-
and high-entropy alloys the twinning stress was shown to increase with decreasing
SFE. Additionally, for metastable materials, first principles methods predict
negative intrinsic stacking fault energy values, whilst experimentally determined
values are always positive. In the present communication, it is postulated that the
twinning stress scaled by the Burgers vector bridges the difference between
intrinsic and experimentally measured stacking fault energy. The assumption is
tested for Cu-Al alloys, for pure metals and for medium- and high-entropy alloys
and, for the first time, provides a consistent quantitative interpretation of data for

both alloys with positive and negative stacking fault energy.

Keywords: Metastable phases, Stacking fault energy, Twinning, Density functional theory

6.2 Introduction

The stacking fault energy (SFE) is the energy associated with a stacking fault (SF)
bounded by a leading and a trailing Shockley partial dislocation, that result from
the dissociation of a full dislocation. In face-centered cubic (fcc) alloys, SFE is
assumed to determine the predominant plastic deformation mechanism. In
dependence on temperature and pressure, the SFE of alloys can be tailored by
changing the chemical composition [39,187,188,196]. For increasing SFE, the
prevalent deformation mechanism changes from martensite formation to

deformation twinning to, exclusively, dislocation slip [21,23,117].

Experimentally, SFE values are assessed from transmission electron microscopy

(TEM) observations of Shockley partial dislocation configurations, e.g. in extended
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dislocation nodes [150], SF tetrahedra [244], and from the separation between two
Shockley partial dislocations, i.e. the SF width, by strong beam [245] and weak
beam dark-field imaging (WBDF) [152]. Occasionally, high-resolution transmission
electron microscopy (HRTEM) is applied [246]. Other frequently applied methods,
e.g. X-ray and neutron diffraction do not enable direct assessment of SFE values

[157], but are calibrated relying on TEM results.

Following the correlation of SFE and prevalent deformation mechanisms in fcc
materials, Egs. (6.1 — (6.4 in Table 6.1 were proposed to interrelate experimentally
determined SFE values and the experimentally determined critical resolved shear
stress for twinning (z;,.:,). Models proposed by Narita & Takamura [130] and Byun
[128] conceive the experimentally determined SFE as an intrinsic materials
property and predict a monotonous decrease of <, with decreasing SFE. The
tendency of a material to undergo deformation twinning is also influenced by the
microstructure. Smaller grains require a higher critical resolved shear stress to form
deformation twins [198,220], while in ultra-fine grains twinning is fully suppressed
[222]. Accordingly, Gutierrez-Urrutia et al. [134] and Meyers et al. [133] extended

Byun’s work to include the influence of grain size (Egs. (6.3 and (6.4 in Table 6.1).

Table 6.1: Models describing the relation of the critical resolved shear stress for twinning
with the SFE obtained via experiments

Reference Critical resolved shear stress for twinning, t1,,in

Grain size independent models

exp

Narita & Takamura [130] i = ’gsTf (6.1)
p
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exp

2y;

Byun [128] Trwin = ;f (6.2)
1
Grain size dependent models

exp

; b
Gutierrez-Urrutia et al. [134] Trwin = sz + % (6.3)

14

Vi?;p Kfiin

Meyers et al. [133] =1+ (6.4)

TTwin bp \/E

Saka et al. and Lee & Choi pointed out previously that experimentally determined
SFE values should be considered “apparent” as they may be affected by other
factors than chemical composition [104,105,201]. Mullner & Ferreira [247] ascribed
the differences between experimentally determined and intrinsic (as modelled
based on composition) SFE values to strain energy from a difference in specific
volume between fcc and the double-layer hcp, accounting to 1-4 mJ-m-2. However,
results by Pierce et al. [170] show that strain energy alone cannot account for the
observed discrepancy. Also Sun et al. [206] observed that the strain energy
contribution is negligible compared to the observed discrepancies and suggested
that these originate from a frictional force experienced by moving Shockley partial
dislocations, thereby effectively altering the force balance over the stacking fault
during its formation. Molecular dynamics simulations by Shih et al. [228] confirmed
that solute-dislocation interactions result in a frictional force that is contained in
experimental SFE values but is not accounted for in SFE values determined by

applying Density Functional Theory (DFT).

We recently demonstrated for metastable fcc alloys, that satisfactory consistency

is obtained between theoretical intrinsic and experimentally determined SFE

74



values after proper correction [248]. Experimental SFE values do not represent an
intrinsic materials property, as presupposed by the models in Table 1; the
established theories thus need re-evaluation. In the present communication, it is

postulated that the difference between experimental SFE values, y;;;”, and SFE

values predicted with DFT, y25", is proportional to z,,,,. Accordingly, the resistance

experienced by moving Shockley partials that is omitted in a theoretical evaluation,

is pragmatically accounted for.
6.3 Methodology

SFE values for fcc metals and Cu,y,_,AL, binary alloys were calculated at room
temperature with DFT [249,250] using the coherent potential approximation
[181,182] as implemented in the exact muffin-tin orbitals package [182,251]. The
fce lattice was modelled using nine (111) layers containing one atom each and
stacked in the standard sequence ABCABCABC. The lattice vectors of the fcc cell
were a; = ay{(101)/2, a, = a,(011)/2 and a; = ay,v/3(111)/3, where a, is the fcc
lattice parameter. Shifting a; by ao(llf)/6 introduced an intrinsic stacking fault via
the periodic boundary condition, resulting in the new stacking sequence
ABCABCABC | BCABC ... [189]. The interplanar distance at the stacking fault

interface was relaxed along a;. The stacking fault energy was obtained by:

Vg, = (Fsp = Frec)/A (6.5)

where Fy.. and Fgr are the Helmholtz energies of the supercells before and after
introducing an SF of area A. The Helmholtz energies at room temperature were
approximated by the total energies from first-principles calculations for atomic
volumes derived from the experimental lattice parameters at room temperature.
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Unit cell volumes of the Cu,4y_,AL, binary alloys were determined using Végard’s
law [252]. For Ni, spin-polarized calculations were performed [253]. The exchange-
correlation functional was approximated using the Perdew, Burke, and Ernzerhof
generalized gradient approximation [254]. The resolution of the k-point mesh was
tested for energy convergence and consisted of 10556 uniformly distributed points
with an error of < 0.1 mJ-m=2 in SFE. DFT does not account for the strain fields

associated with the Shockley partials.

6.4 Results and Discussion

SFE values for pure Ag, Au, Cu, Al, and Ni at 293 K as calculated with DFT (y3")
are given in Table 6.2 and are compared to calculated values reported in literature
[169,193,255-258]. Only for Ni, a significant variation is observed among the
calculated values, depending on how (well) ferromagnetism is accounted for.

Table 6.2: DFT calculated SFE values for pure Ag, Au, Cu, Al and Ni in comparison with

calculated literature values [169,193,255-258].

YiEr mJ-m?2
Reference
Ag Au Cu Al Ni

This work 25.0 40.0 48.8 116.5 155.7
Li et al. [255] 17.3 32.7 47.5 117.5 153.6
Zhang et al. [193] - - 38 110 110
Li et al. [169] 17 31 47 107 153
Kibey et al. [256] 18 33 41 130 110
Liu et al. [257] - - 38 134 120
Jin et al. [258] 16 25 36 112 133
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Mean value 18.7+3.6 32.3+54 42.3+53 118.1 £10.2 133.6 £20.7

Figure 6.1 shows that experimentally determined SFE values, (y;;)

[151,153,231,244-246,259-274] are systematically higher than DFT predicted
values, with exception of the values determined by WBDF imaging for Cu [153]
and Ni [231]. In these cases, good agreement is observed, despite the dependence

of y;;; values derived from WBDF images on the description of the dislocation

core [153]. In particular for high-SFE materials such as Cu and Ni, where the
separation distance between the two Shockley partial dislocations is small, SFE
values derived from WBDF images are subject to systematic errors
[153,155,275,276]. The results in Figure 6.1 suggest that the applicability of WBDF

imaging for SFE determination, is sensitive to the materials SFE itself.

200
o
O 7,Eq.6.8
v
160 - O Nodes
[ O Tetrahedra
WBDF
Strong beam

Vi / MJ-m2
o
(@)

% HRTEM

Eo
o}.? 80 | g
5;_@ g
40 F *
o w
<4
0 | | | 1 |
Al Ni Cu Ag Au

Figure 6.1: Experimental SFE values, yfs’}p averaged over the respective techniques for

pure Ag [151,153,245,259-262,271-274], Au [244,245,260,274] Cu
[153,245,260,263,264,274,277], Al [246,274], Ni [245,269,270], in comparison with the
mean DFT based SFE values [169,193,255-258], y3;", and the SFE values, y;sy,
calculated according to Eq. (6.8). Presentation in order of atomic number.
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The difference between DFT and experimental SFE values was previously
addressed for metastable fcc materials and ascribed to an incomplete definition of
the force balance over a SF, as it assumes that Shockley partial dislocations can
move freely in their glide plane [206,227,248]. The results presented in Figure 6.1
suggest that the incomplete definition of the force balance also applies for stable

fcc materials.

Experimental SFE values, y;;;", for a series of Cu-Al alloys are collected in Figure

6.2a. For the compositional range considered, the alloy stability ranges from stable

to metastable. Up to approximately 8 at.% Al, yé’}” decreases almost linearly with

Al-content and, eventually, asymptotically approaches 5 mJ-m-2. For relatively low
Al-contents, SFE values from WBDF are systematically lower than experimental
SFE values from other techniques, analogous to pure metals. For higher Al-
contents, experimental SFE values determined with WBDF coincide with SFE

values determined from SF nodes and tetrahedra.

The critical resolved shear stress for twinning, 1., was calculated in dependence
of the Al-content with the models in Eq. (6.1) and Eq. (6.2) and is compared with

experimental values from Refs. [278-281] in Figure 2b3. Neither Eq. (6.1) nor Eq.

3 Note that the reported values for 7r,,;,, in Fig. 7.2b differ from the values reported by Venables (cf.
Table 1 in Ref. [278]) due to the following reasons. At first, Venables established the observation
of twins in TEM micrographs as a criterion to determine the twinning stress and calculated t,,;, as
the average of the lowest stress at which twins could be observed and the highest stress at which
twins were still absent. For the Cu-Al alloy with 4,7 at. % Venables calculated 7,,;, as the average
of data point showing small amounts of twins and twinning with load drops, whereas for alloys with
8.9 and 14.9 at. % Al Venables calculated t,,;, as the average stress of the lowest stress at which
stacking faults could be observed and the highest stress at which no stacking faults were observed.
However, Tian et al. [280] have shown that in a Cu-15Al alloy stacking faults could already be
observed at a plastic strain of 2 %, while twins were first discernable in TEM micrographs at
significantly higher strains/stresses. This illustrates that at least in the case of Cu-Al alloys of low
SFE, the twinning stress should not be determined based on the observation of stacking faults.
Instead, as done in this work, the actual necessary shear stress for the formation of twins should
be approximated by taking the mean value of the lowest stress values in Figure 3 in Ref. [278] for
which twinning is observed. Accordingly determined twinning stresses coincide with results from
Szczerba & Szczerba [279] and Mori et al. [281] (cf. Figure 3).
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(6.2) can accurately describe the dependence of experimental 7r,,;, data on Al-
content, indicating that y;;;” alone is insufficient to describe the critical resolved

shear stress for twinning 77,7,

a.) 80 O Nodes b.) 280 — Eq 6.1
'9\ O Tetrahedra Eq. 6.2
80 [ o 20 g
\ O Ref. [280]
40 K AS 200 | A Ref. [281]
t\,lE | \% g oo\
s 20 TH = 160 —% \
=
E B i" - ~ o \
o OF "L £120 - N\ - o
88 : iy L \
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-40 40 | ~ .
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ClUooAly ClUgox-Aly

Figure 6.2: a.) Experimental SFE values as a function of the Al-content in Cu-Al alloys
determined from nodes [264,265,277,282-285], tetrahedra [244,260,274], WBDF
[152,231] and strong beam [245] imaging, b.) Experimental critical resolved shear

stresses for twinning [278-281] compared with tr,,;,, predicted by the models by Narita &
Takamura (Eq. (6.1)) and Byun (Eq. (6.2)). Note that the experimental t,,;, values are,
apart from the value by Tian et al. [280], determined on single crystalline alloys.
As recently demonstrated, experimentally determined SFE values consist of a

material’s intrinsic SFE,yisf, and an excess term, y*, which accounts for the

resistance experienced by moving Shockley partials in their common glide plane

[248]:

Yii'yfc‘p = yiSf + V* (66)

y* was previously introduced by Sun et al. [206] to represent the discrepancy

between the SFE determined by DFT, ", and y,;;”, suggesting that y;, directly

DFT

corresponds to y;r within computational accuracy. Including y* in the energy
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balance over a SF reconciles experimental SFE values, y;;;”, for metastable alloys

with negative SFE values from DFT [248]. Recognizing that a Shockley partial in
fcc is equivalent to a coherent twin boundary, the resistance experienced by
moving Shockley partial dislocations was pragmatically postulated to be

proportional to the critical resolved shear stress for twinning, 7., [248]:
]/* = prTWin (67)

with b, the length of the Burgers vector of the partial dislocations. Rearranging

Egs. (6.6 and (6.7, 77, relates to the SFE as:

A O
Twin — bp - bp (6.8)

Evidently, instead of proportional to y;;;” as in Egs. (6.1~(6.4 in Table 6.1, it is

argued that 7;,,;, is proportional to the excess term y*, which also accounts for
grain size dependence [19]. Experimental SFE values of Cu-Al alloys (Figure 6.2a)
are compared with DFT values in Figure 6.3a. Instead of the asymptotic approach
to 5 mJ.m2 observed for the experimental values, DFT predicts a continuous
reduction in SFE with Al-content, from a positive to a negative value, in agreement

exp

with Ref. [169]. Accordingly, the observed asymptotic behavior of y,;" is
interpreted as caused by the bias that experimental SFE values are always
positive, owing to an incomplete definition of the energy balance over a SF
[206,227,248]. Applying Eq. (6.8) and assuming y; =y . the difference
between the fitted (dashed) lines, as marked by the shaded area in Figure 6.3a,
divided by the Burgers vector b, = 0.149 nm yields 7r,,, in dependence of Al-
content. The critical resolved shear stress for twinning calculated with Eq. (6.8) is

compared with experimental data for the twinning shear stress in Figure 6.3b.
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Evidently, the calculated values for t;,,;,, describe the dependence of independent
experimental values for t;,;, on Al-content with unprecedented quantitative

accuracy. The systematic underestimate of 7, could be as a result of a slight

DFT

overestimation of y;g,

in this work. In this respect, it is noted that y2;" values for

Cu-Al alloys reported by Li et al. [169] are systematically 3-5 mJ-m-2 lower, which

corresponds, according to Eq. (6.8), to a difference of 20-30 MPa in the twinning

DFT

stress. The calculated y;;;* values in Figure 6.3a provide an explanation as to why

Eq. (6.1) provides reasonable t,,;, values for Al-contents in the range 8-10 at.%
ex

(see Figure 6.2b). For y;5; ~ 0 mJ-m2, the experimental SFE value yisf” becomes

equal to y* (see Eq. (6.7)). Accordingly, for materials with a small, positive or

negative y;sy it may appear that tr,,, correlates with y7”.
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Figure 6.3: a.) Experimental SFE values (y;;;")
[152,231,244,245,260,264,265,274,277,282-285], and SFE values predicted by DFT
(viar") as a function of the Al-content in Cu-Al alloys, b.) Experimentally determined
critical resolved shear stresses for twinning [278-281] and the predicted trend of Ty, in

Cu-Al alloys according to Eq. (6.8). Note that the experimental t,,;,, values are, apart
from the value by Tian et al. [280], determined on single crystalline alloys.
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The trends in Figure 6.3b are confirmed by the results of Tranchant et al. [286],
who reported that the dependence of t,,;, on Al-content can be divided into two
subranges: i) for 5 >17 mJm?2, ie. < 9 at. % Al, 77, decreases with

decreasing y;;;"; ii) for yg” > 17 mJ-m?2, i.e. > 9 at. % Al, 77y, increases with

decreasing SFE. The non-monotonic dependence of 71, on ;" is explained

from the transition from nucleation-controlled twinning for y;;;” > 17 mJ:m?2 to
propagation controlled twinning for y;;?” <17 mJ-m2 Twinning controlled by

nucleation and growth/propagation is consistent with the current opinion on
deformation twinning [133,287]. In the Cu-Al system the transition coincides with a

change from positive to negative yj;" values, i.e. transition from stable to

metastable fcc. From a thermodynamics point of view the transition is logical. For
a positive SFE, additional driving force by mechanical work must be introduced to
nucleate twins in the stable fcc matrix. Once formed, these twins can easily extend
by the propagation of Shockley partial dislocations. For negative SFE, the
nucleation of SFs and twins in the metastable fcc matrix is thermodynamically
favorable. Nevertheless, twins and wide SFs are first observed above 77,
indicating that the propagation of Shockley partial dislocations is hindered. If
twinning or SF formation would be nucleation-controlled, metastable fcc materials
would readily twin or transform into martensite and thus be unstable, which,

inherent to their metastability, is not observed.

In Figure 6.4, Eq. (6.8) is applied to various stable and metastable fcc alloys to test
general applicability. Convincingly, a linear relationship between t;,,;, and excess
SFE y* is obtained over a wide range of 7,,;, values, consistent with Eq. (6.8). Li

et al. [288] previously observed that the established models in Table 6.1 cannot be
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used to predict the trend of 7,,;,, for fcc medium- (MEAs) and high-entropy alloys
(HEAS). Notably, Eq. (6.8) consistently predicts that 7;,,,,, decreases in the order

CoCrNi, CoCrFeNi to CoCrFeMnNi with increasing y;;;”, whilst Egs. (6.1)~(6.4)

predict the opposite order.

O Cu-Al i
300 O Cu-Zn 7/
i CoCrNi ,’
CoCrFeNi =
- 250 - CoCrFeMnNi| —~
o
= 200 |
‘_TQ::.
*. 150 |-
1
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Figure 6.4: Twinning stress values calculated according to Eq. (6.8) from apparent SFE
values and SFE values predicted by DFT for Cu-Al (inferred from Fig. 3a), Cu-Zn
[169,277], CoCrNi [154,206,238], CoCrFeNi [113,206,238] and CoCrFeMnNi
[206,238,239] alloys as a function of the experimental twinning stress (77,;,) Cu-Al
[278-281], Cu-Zn [289,290], CoCrNi [154], CoCrFeNi[113] and CoCrFeMnNi [120].

In the presented framework, Eq. (6.8) enables calculation of the twinning stress

from y* which requires that values for y;.;” and y2; " are available. Alternatively, the

experimental SFE value can be calculated if 77, and yhi' are known. Thus,

based on the average ypt' values in Table 6.1 and the twinning stress values in
Table 6.3, the “experimental” SFE values of pure metals were calculated with Eq.
(6.8) and are given in Table 6.3. These predicted SFE values are also given in

Figure 6.1 and are in excellent agreement with the average experimentally
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X

determined v;.;” data. The consistency between predicted and experimental y;’

isf
values strongly supports the applicability of the postulate formulated in Eq. (6.8).
Table 6.3: Twinning stress 74, Of pure Ag, Au, Cu, Al and Ni together with apparent

experimental SFE values predicted based on the average Daft values in Table 6.1
according to Eq. (6.8).

Metal
Ag Au Cu Al Ni
Trwin [MPa] 545+ 16.5 925+75 147 £23.5
[131] [131] [278] 220 [256] 250 [256]
Vier [m]
-m™2] 154.4 + 169.6+
278+3.6 476+54 64.0+5.3 10.2 20.7

Finally, for most alloy systems, y;;;” is reported to be temperature-dependent and

decreases with decreasing temperature [108,191]. Consequently, Egs. (6.1)—(6.4)
would predict that 7r,,;, decreases with decreasing temperature [119], which is in
disagreement with experimental observations of a nearly temperature-independent
Trwin [119,120,130,131,133,154]. Neding et al. [190] demonstrated that y,;;”and
yi‘;ﬁT have the same temperature dependence within experimental and
computational accuracy. Hence, the difference between experimental and
theoretical SFE values, y*, is in this case constant. Thus, 74, calculated
according to Eq. (6.8) is temperature independent, in agreement with experimental

observations.
Recently, a systematic discrepancy of =42 mJ-m2 (y; ;" =35 +7 mJ-m2 and

vy’ = —7 mJ-m2) was reported between the experimental and DFT assessed

SFE values for the equiatomic CrMnFeCoNi HEA [156]. Applying Eq. (6.8), using

Trwin = 235 £20 MPa [120] and b, = 1.47 nm [156], shows that y* ~ 35+ 2
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mJ-m-2. Following the sum rule of uncertainties, Eq. (6.8) yields y;sr = 0 £ 9 mJ-m-
2 exemplifying that experimental and DFT assessed SFE values can be reconciled
within experimental and computational accuracy. Further improvement of the
agreement between experimental and theoretical SFE values could be achieved if,
as suggested by Wagner et al. [156] (i) vibrational, electronic, and magnetic
excitations; (ii) atomic relaxations, were included in the calculations. Nevertheless,
the discrepancy between experimental and theoretical SFE values appears to be
largely bridged by the resistance experienced by moving Shockley partial

dislocations y* = b, Tryin-

6.5 Conclusions

The discrepancy between DFT and experimental SFE values for pure metals as
well as stable and metastable fcc alloys is reconciled by accounting for the critical

resolved shear stress for twinning:

Yisf = Yisf + DpTruin

The equation expresses that experimentally determined SFE values are not an
intrinsic materials property but depend on the path followed to introduce the
stacking fault before observation. This path involves the movement of partial
dislocations under the influence of a resolved shear stress and adds to the

thermodynamically defined intrinsic stacking fault energy as calculated with DFT.

Applying the postulated equation to calculate the twinning stress for fcc metals as
well as for stable and metastable fcc alloy systems from experimental and DFT
SFE values, unprecedented quantitative agreement with experimentally

determined twinning stresses is obtained. Furthermore, the calculated twinning
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stress is independent of temperature, consistent with experimental twinning

stresses.
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7.1 Abstract

The stacking fault energy and deformation mechanisms in face-centered cubic
materials are considered closely related. Experimentally determined stacking fault
energy values are exclusively positive. However, recent results obtained by first
principle methods predict that the intrinsic stacking fault energy of metastable face-
centered cubic is negative. This implies that deformation twinning and martensite
formation, which rely on the formation of stacking faults, are not only influenced by
the SFE, but also depend on the resolved shear stress for Shockley partial
dislocations. It was previously shown that SFE values from first principle methods

and experiments can be reconciled, when taking the resolved shear stress for
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Shockley partial dislocations into account. Nevertheless, the determination of the
resolved shear stress for Shockley partial dislocations is experimentally
challenging and reconciling experimental and theoretical SFE values is thus
laborious. In the present communication, the possibility to determine the critical
resolved shear stress for Shockley partial dislocations based on in-situ neutron
diffraction experiments is evaluated. The determined values enable the
reconciliation of experimental and theoretical SFE values based on a single
experiment. Accordingly, the experimental effort to validate stacking fault energies

from first principle methods is reduced significantly.

Keywords: Stacking fault energy, Twinning, Density functional theory, Deformation mode

7.2 Introduction

High- and medium-entropy alloys, HEAs and MEAs, respectively, have attracted
considerable research interest due to their promising combination of strength and
ductility, even at cryogenic temperatures [154,291-294]. The high intrinsic strength
of HEAs and MEAs results from an increase in average atomic misfit and
associated lattice strains of the 3 kind, as compared to traditional structural
materials such as e.g. steels [81,295], and is not, as initially thought, related to a
relatively high configurational entropy [291,296]. In contrast, the high ductility of
HEAs and MEAs is associated with twinning induced plasticity (TWIP) and
transformation induced plasticity (TRIP) effects [120,293,297], which provide more
pronounced work hardening than pure dislocation slip and therefore delay the
occurrence of necking. The reason for the increase in the work hardening rate
associated with the TWIP and TRIP effect is considered to be the continuous

refinement of the microstructure due to the formation of twin boundaries and
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martensite/austenite phase boundaries, which constitute obstacles for dislocation

movement by the dynamic Hall-Petch effect [118,298].

Whether a material deforms by a combination of dislocation slip and TRIP/TWIP or
by dislocation slip alone is thought to be governed by the stacking fault energy
(SFE) [23,24]. The SFE is the energy associated with the presence of a stacking
fault (SF) that forms in a face-centered cubic (fcc) matrix and is terminated by a
pair of Shockley partial dislocations. Thermodynamically, the SFE is considered to
be a two-atomic layer thick high e—martensite embryo [235]. Experimentally,
stacking faults are created by plastic deformation. According to the current
paradigm, low experimental SFE values (<20 mJ-m?2) favor TRIP, while
intermediate SFE values (20 — 40 mJ-m-2) lead to TWIP and materials with even
higher SFE values deform exclusively by dislocation slip (>40 mJ-m-2) [24,299].
The SFE is commonly considered an intrinsic materials property, irrespective of
whether it is experimental or thermodynamic, and depends on chemical
composition, temperature and pressure [39,187,188,196]. Within this paradigm, a
material’'s mechanical properties, and hence the combination of prevalent

deformation mechanisms, can be tailored by adjusting its SFE.

Recent advances in first principle calculations challenge the assumption that
plastic deformation of fcc metals and alloys is governed alone by their respective
intrinsic SFE [256,300]. Instead, it appears that plastic deformation and the
prevalence of certain deformation mechanisms is governed by the generalized
stacking fault energy surface (GSFE) [256,300]. Furthermore, theoretical
(thermodynamic) SFE values determined by applying density functional theory
(DFT) are systematically lower than SFE values determined by experiments.
Moreover, thermodynamic SFE values become negative for metastable materials,
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which is incommensurate with experimental SFE values, which are positive by
definition [206,227,248,301]. Wei & Tasan [227] as well as Sun et al. [206]
suggested that the experimental SFE determination neglects the resistance
against the movement of Shockley partial dislocations, which would alter the force
balance acting on the Shockley partials. Molecular dynamics simulations by Shih
et al. [228] confirmed that the solute drag experienced by Shockley partial
dislocations has an effect on the stacking fault width and, therefore, on the
experimentally determined SFE. Recently, it was demonstrated by Werner et al.
[248,301] that the systematic gap between theoretical and experimental SFE
values can be bridged by considering the resistance against the movement of
Shockley partials (tfs) in the force balance over a stacking fault. Pragmatically,
this resistance was postulated to be proportional to the critical resolved shear
stress (CRSS) for twinning (tZge#). This approach yielded unprecedented
quantitative agreement between theoretical and experimental SFE values for
stable as well as metastable fcc materials (including HEAs and MEAs). However,
this puts forward the following question: How can t£¢s be assessed reliably for a

vast compositional space as constituted by HEAs and MEAs?

Transmission electron microscopy (TEM) is commonly used to determine T2yt
from the onset of deformation. The latter is applied ex-situ or in-situ [120,154]. The
experimental work associated with determining 7% after ex-situ loading is
laborious and the accuracy of the determined values for T2%% is directly related to
the chosen stress/strain intervals. On the other hand, in-situ TEM provides the
opportunity to observe the motion of isolated Shockley partial dislocations and
therefore the determination of 7l¥i%/rh..c. However, investigating a vast

compositional space with in-situ TEM is certainly not possible and findings indicate

90



that the mechanical behavior of a thin foil cannot be translated easily to that of a
bulk material [302]. Wang et al. [113] pointed out an alternative path to determine
1frss DY probing the stacking fault probability (SFP) in-situ with X-ray or neutron
diffraction during plastic deformation and infer z%, . from the relation between SFP

and true stress.

In this work, the experimental assessment of the temperature dependency of the
SFE for FeCoCrNi is coupled with first principles calculations and the prevalent
deformation mechanism. Furthermore, the proposal by Wang et al. [113] to
determine the critical resolved shear stress for Shockley partials from SFP vs. true
stress curves is explored in an attempt to bridge the gap between negative SFE

values from DFT and positive SFE values from experiments.

7.3 Experimental methods

7.3.1 Material

The FeCoCrNi samples were prepared from pure metals by arc-melting. To ensure
chemical homogeneity, the materials were re-melted several times and
subsequently cast into Cu-molds. Homogenization was performed in an argon
atmosphere for 24 h at 1200 °C with subsequent quenching into water. The
samples were cold-rolled up to a thickness reduction of ~80% and afterwards
annealed at 800 °C for 1 h to achieve full recrystallization, which resulted in an
average grain size of approximately ~5 upm. Tensile specimens with gauge
dimensions of 25 mm x 4 mm x 3 mm were machined by wire electrical discharge

machining from the as-recrystallized material.

91



7.3.2 Neutron diffraction and analysis of diffraction data

The in-situ neutron diffraction experiments were performed at the TAKUMI
Engineering Materials Diffractometer, beamline-19 of the Materials and Life
Science Experimental Facility at the Japan Proton Accelerator Research Complex.
Low-temperature experiments were carried out with the cryogenic loading machine
[303]. The tensile direction was inclined 45° relative to the incident neutron beam.
Accordingly, diffractograms were acquired with scattering vectors parallel to and
normal to the tensile direction on the two detector banks, which are installed at —
90 ° and +90 ° with respect to the incident neutron beam, respectively. Thus, during
the in-situ tensile tests data was acquired both along the loading and in the
transverse direction. Temperatures were monitored with a Chromel/AuFe0.07%
thermocouple that was attached to the samples. Prior to loading, the samples were
held for ~1 h at low temperatures (25 K, 40 K and 140 K). Tensile loading

experiments were carried out at a strain rate of 2.67 x 10 5> s -1,

Rietveld refinement of the diffractograms was performed with the Z-Rietveld
software [304]. The strain for individual lattice planes ¢;,;; was obtained from:

(dnr — dpgr)

Enkl =
dO
hkl

(7.1)

where dy,; is the lattice spacing of the {hkl} family of lattice planes upon loading
and dY,, is the strain-free lattice spacing. The SFP was determined based on

Warren’s method [161]:

srp =225 )
= 33 €222 — €111 (7.2)

with &,,, and &,,, the lattice strains for {111} and {222}, respectively.
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7.3.3 Materials characterization

The microstructure of the as fractured specimens was investigated with TEM on a
JEOL JEM-2100F transmission electron microscope. TEM samples were prepared
by focused ion beam (FIB) milling, using an FEI Scios DualBeam SEM/FIB system.
To prevent beam damage the FIB lamellae were capped with a protective platinum
(Pt) deposit. Gallium (Ga*) ion beams of 30 kV per 5 nA and 30 kV per 0.1 nA were
used for sample-cutting and early-stage milling, respectively. Finally, Ga*-ion
beams of 16 kV per 23 pA and 2 kV per 4.3 pA were employed to achieve the final

milling and to minimize any amorphous and damaged layers.
7.3.4 Computational methods

The SFE values for the FeCoCrNi alloy at the four test temperatures were
calculated using Density Functional Theory (DFT) modeling and the Coherent
Potential Approximation (CPA) [181,182] as implemented in the exact muffin-tin
orbitals (EMTO) package [182,251]. The fcc lattice was modelled for a stack of nine
(111) planes consisting of one atom each and stacked in the standard sequence
ABCABCABC. The lattice vectors of the fcc cell were a; = ay(101) / 2,a, =
ay(011) / 2and az = a, V3(111) / 3, with a, the fcc lattice parameter. Shifting a; by
a, (112)/6 introduced an intrinsic stacking fault via the periodic boundary condition
to produce the new stacking sequence ABCABCABC | BCABC .... The stacking

fault energy was then obtained by:

VizjliT = (FSF - chc)/A (7.3)

with Fr.. and Fg the Helmholtz energies of the supercells before and after

introducing an SF of area A. The Helmholtz energies consisted of the DFT total
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energy and the magnetic entropy contribution as applied in Ref. [189]. First-
principles calculations were conducted at the atomic volumes derived from the
experimental lattice parameters at the test temperatures to partially account for the
effect of a finite temperature. The exchange-correlation functional was
approximated using the Perdew, Burke, and Ernzerhof (PBE) generalized gradient
approximation [254]. The resolution of the k-point mesh was tested for energy
convergence and consisted of 10556 uniformly distributed points with an error of <

0.1 mJ-m=2in SFE.

7.4 Results

7.4.1 Mechanical properties

The mechanical properties of the FeCoCrNi HEA tested at four different
temperatures were reported and evaluated elsewhere in detail [109]. Key
mechanical parameters as well as the lattice parameter of the undeformed HEA

are given in Table 7.1 for the four test temperatures.

Table 7.1: Mechanical properties of the FeCoCrNi alloy for the four test temperaturs 25
K, 40 K, 140 K, and 295 K. Yield strength (o)), ultimate tensile strength (oyrs), strain till

failure (sf), contribution of work hardening (8), and the stress free lattice parameter (a,)

[109].
Temperature [K] g, [MPa] oyrs [MPA] gr [%] 0 [MPa] a, [A]
295 331 1009 45.0 678 3.5723
140 502 1886 58.7 1384 3.5644
40 637 2377 58.9 1740 3.5637
25 676 2396 58.4 1720 3.5636
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It is apparent that lowering the deformation temperature enhances the mechanical

properties of the FeCoCrNi HEA significantly; yield strength (o) and ultimate

tensile strength (o 1s) increase by a factor of 2 and 2.4, respectively, upon lowering
the deformation temperature from 295 K to 25 K. In addition, the strain to failure
(¢r) increases from 45.0 % at 295 K to 58.7 % at 140 K and remains unchanged at
40 K and 25 K. The observed improvement in mechanical properties of the
FeCoCrNi HEA at cryogenic temperatures agrees with the correlation of
deformation temperature and mechanical properties of HEAs reported in the
literature [154,293]. Lowering the deformation temperature is considered to result
in a drastically higher thermal contribution to the Peierls stress, hence rendering
solid solution strengthening more potent at low temperatures [109]. Below room
temperature, the Hall-Petch coefficient depends only weakly on temperature, such
that its contribution is negligible as compared to the Peierls stress contribution [64].
The improved ductility of HEAs and MEAs at low temperatures is commonly
attributed to a more pronounced contribution of the TWIP effect [305], which
increases the work hardening rate as a result of the dynamic Hall-Petch effect

[119,120].

7.4.2 Microstructural evolution upon plastic deformation

Diffractograms of the undeformed HEA and upon reaching the UTS for the four
temperatures are given in Figure 7.1a—d. Prior to deformation the HEA is single-

phase fcc, irrespective of temperature.
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Figure 7.1: Normalized diffractograms of the FeCoCrNi HEA in the undeformed state,
and upon reaching the ultimate tensile strength —a. 25 K, b. 40 K, c. 140 K and d. 295 K.

The diffractograms of the specimens upon reaching UTS do not reveal additional
peaks, indicating that the fcc lattice of FeCoCrNi HEA is stable and does not
transform martensitically upon deformation. This is in line with previous
investigations that confirm the absence of deformation-induced martensite (DIM)
in FeCoCrNi deformed at cryogenic temperatures [109,113]. The bright field

images in Figure 7.2 confirm that FeCoCrNi does not form DIM at cryogenic
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temperature, but forms deformation twins instead. In contrast to the findings by
Wang et al. [113], the sample deformed at 295 K did not show signs of deformation
twinning. It is reasoned that this absence is related to the smaller grain size of the
FeCoCrNi HEA in this work as compared to the FeCoCrNi samples investigated by
Wang et al. [113]. A smaller grain size has been demonstrated to reduce the
propensity for, and eventually fully suppress, twinning [134,198,220-222], because

the CRSS for twinning increases with decreasing grain size [134,306].
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Figure 7.2: Bright field images obtained by transmission electron microscopy of the as-
fractured FeCoCrNi HEA samples deformed at —a.) 25 K, c.) 140 K and e.) 295 K. As
well as the respective dark field images and the corresponding selected area diffraction
patterns deformed at — b.) 25 K and d.) 140 K.

7.4.3 Evolution of the stacking fault probability with true stress

The evolution of the stacking fault probability for the four test temperatures,
determined according to Eqgs. (7.1) and (7.2), is given in Figure 7.3 a— d as a

function of the true stress. Comparing the SFP vs. true stress curves, reveals three
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distinctive aspects: i) the achievable magnitude of the SFP is temperature
dependent, such that a lower deformation temperature results in a higher SFP, ii)
at first the SFP remains approximately zero, but starts to increase upon surpassing
a threshold stress, iii) the rate of increase upon surpassing the threshold stress is

temperature dependent.
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Figure 7.3: Stacking fault probability (SFP) determined according to Eq. (7.2) as a
function of the true stress for the four different deformation temperatures —a.) 25 K, b.)
40 K, c.) 140 Kand d.) 295 K.
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In line with the trends reported in the literature [112,113,307], the SFP attained at
fracture decreases with increasing temperature from approx. 45 - 10~3 at 25 K and
40 K to 5-1073 at 295 K. Evidently, lowering the deformation temperature
increases the ease of stacking fault and twin formation, as corroborated by TEM
(cf. Figure 7.2) and thus increases their respective contribution to strain hardening
[109,307]. Intriguingly, in the temperature range 25 K to 140 K the SFP increases
at 0.028 MPa-! with true stress at virtually the same rate, while at 295 K it is only
one third of this rate: 0.009 MPa-'. Certainly, this indicates that lowering the
deformation temperature promotes SF formation. However, if the deformation
temperature has a direct effect on SF-formation, the observed constant rate of SF-
formation at cryogenic temperatures cannot be explained. Instead, the difference
in the SFP’s rate may be correlated with the effect of thermal activation on the

movement of full and Shockley partial dislocations.

The threshold stress beyond which SFP increases was determined from Figure 7.3
and is taken as the critical stress for widening of the SFs (0p). The determined
values for g, are compared with the yield stress g, in Figure 7.4. Clearly, the
difference between o, and o, becomes smaller with decreasing temperature, in
agreement with findings by Kireeva et al. [242,308-310] and Abuzaid & Sehitoglu
[311], who stated that lowering the deformation temperature shifts the onset of

twinning to lower plastic strains and higher stresses.
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Figure 7.4: Yield strength (ay) and critical stress for widening of stacking faults (op) as a
function of the deformation temperature. The dashed lines are given to guide the eye.

7.4.4 Stacking fault energy as a function of temperature

Experimental stacking fault energies (yiijfp) were calculated with the equation

proposed by Reed and Schramm [157]:

Exp _ 0:6a0G111 (51211)A—o.37
Vst =3 SFP o

where G111 is the shear modulus in the {111} plane, q, is the lattice parameter and

A is the Zener anisotropy.

The determined SFE values for the four test temperatures asymptotically approach
a constant value with increasing true stress (Figure 7.5 a—d). A similar dependence

of yli;p on the true stress has been reported previously for HEAs/ MEAs and for

stainless steels [112,113,307]. In line with the literature, the average values for the

steady state regimes are taken as the experimental SFE values (see the horizontal
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dashed lines in Figure 7.5 [112,113,307]). Evidently, the steady state regime is not
yet reached at 295 K (Figure 7.5d). Therefore, the lowest SFE value is taken as
the experimental SFE. It is reasoned that the absence of a plateau for 295 K is
linked to the limited strain hardening at this temperature, which prevents wide
stacking faults from forming in grains oriented less favorable for SF-

formation/twinning with respect to the tensile axis.
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Figure 7.5: Stacking fault energy (yg}‘p) determined according to Eq. (7.4) as a function

of the true stress for the four different deformation temperatures — a.) 25 K, b.) 40 K, c.)
140 K and d.) 295 K.
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The experimental SFE values in Figure 7.6 show a non-linear dependence on
temperature and approach a constant value, for temperatures up to (at least) 140
K. This behavior resembles the experimental SFE values of Cu-Al alloys that
exhibit an asymptotic trend towards a constant, positive value for increasing Al-
content. This asymptotic behavior was demonstrated to be a consequence of the
aforementioned, incomplete force balance over a stacking fault that biases positive
experimental SFE values [206,301]. So far, no SFE values for the FeCoCrNi have
been reported at temperatures as low as 25 K and 40 K. However, the SFE value
of 36 mJ-m=2 at 295 K (cf. Table 7.2) is close to the values reported earlier in the
literature, i.e. 27 — 32.5 mJ-m2 [113,238,312], albeit slightly higher. The current,
slightly higher SFE value is attributed to the small grain size in the samples
investigated here. It was previously demonstrated that experimentally determined
SFE values depend on grain size by a Hall-Petch type dependence, implying that

smaller grains have a higher experimental SFE value [198,200,248].
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Figure 7.6: Experimental (yi}‘p) and theoretical stacking fault energy (y3") of the
FeCoCrNi samples as a function of temperature.
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Table 7.2: Stacking fault energy values of the FeCoCrCni specimens determined by DFT

(y2ET) and neutron diffraction (ygfp).

Temperature [K]

25 40 140 295
viyy [md-m?] 75 -12.6 -13.9 14
Yief [mJ-m?] 36 125 10.5 10.8

In contrast to the experimental values, the theoretical DFT values are negative and
depend linearly on temperature and increase with 0.025 mJ-m=2 per K. This value
is commensurate with the temperature dependence of SFE reported for stainless
steels and HEAs [192,313]. The negative theoretical SFE values obtained from
DFT illustrate that experimental validation of DFT simulations is not
straightforward. The DFT values calculated for the SFE at 25 K and 40 K are higher
than the typical values reported in the literature for 0 K [206]. In this respect it is
recognized that 0 K SFE values reported in the literature rely on a lattice parameter
value obtained with DFT, which is an underestimate of the actual lattice parameter
[156,206]. For the room temperature sample investigated here, taking the lattice

parameter as 3.577 A instead of 3.5723 A, results in a change in y;" from -7.5

mJ-m-2to -1 mJ-m-2. Analogously, results by Niessen et al. [218] demonstrate that
the value for the lattice parameter has a significant influence on the SFE values
calculated with DFT. It is therefore essential that experimental SFE values are
compared to theoretical SFE values for the same (experimental) lattice parameter

rather than for the value calculated with DFT.
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7.5 Discussion

7.5.1 Critical resolved shear stress for twinning as a function of

temperature

George et al. [314] thoroughly addressed the effect of temperature on the twinning
stress in their review on the mechanical properties of HEAs and MEAs. Basically,
the literature on this topic reports two irreconcilable observations. Certain
investigations claim an increase in twinning stress with decreasing deformation
temperature [242,308-311], while others report that the twinning stress is
insensitive to temperature, or decreases with decreasing deformation temperature

[112,113,119,120,154].

Generally, the observations of insensitivity or decreasing twinning stress upon
lowering the deformation temperature in HEAs and MEAs rely on ex-situ TEM
investigations of polycrystalline materials [119,120,154]. This approach has two
sources of uncertainty. Firstly, the accuracy with which the onset of twinning can
be detected with this method depends on the stress/strain intervals at which the
ex-situ TEM characterization is performed. This becomes especially critical when
the work hardening rate increases at a lower deformation temperature.
Consequently, the stress/strain intervals should be selected along with the
deformation temperature, meaning that for a lower temperature the interval
between successive measurements should be reduced to guarantee an accurate
critical twinning stress. Secondly, since deformation twinning is orientation
dependent, the Schmid factor of the active/observed twin system is required to

determine the twinning stress unambiguously. In ex-situ TEM, relating the crystal
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orientation under investigation to the loading direction is challenging and far from
straightforward. Therefore, the CRSS is often obtained from dividing the applied
stress by the Taylor factor [119,120,154]. This may contribute to uncertainty in the
determined twinning stress, despite preparation of TEM foils with a surface normal

inclined 45 degrees relative to the loading direction as by Laplanche et al. [154].

Claims of an increasing twinning stress upon lowering the deformation temperature
are often derived from ex-situ TEM observations of twinning in single crystals
[242,308-311]. For single crystals the orientation dependence of twinning can be
properly accounted for, but the selected stress/strain intervals in relation to

temperature are still a source of uncertainty.

As noted by George et al. [314], in addition to the conflicting groups of experimental
results, none of the models presented to date correctly describes the twinning
stress for a variety of different fcc materials. The only hypothesis, which describes
the twinning stress for fcc materials seemingly correctly, was previously presented
in [248,301]. Herein it is postulated and quantitatively validated that the twinning
stress multiplied by the Burgers vector of Shockley partial dislocations reconciles

experimental and theoretical SFE values:

E
Vis}m = yig}:T + prTwin (7.5)
E
e
Twin — 5 7.6
5, (7.6)

The hypothesis departs from the assumption that the twinning stress is equal to

the stress required to separate two Shockley partial dislocations. According to Eq.

(7.6), Trwin Can be calculated if yii}‘p and y3;" are known. The values for 77,,;,, thus

obtained are given for the leading partial dislocation in Figure 7.7a together with
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the twinning stress determined from the threshold stress values in Figure 7.3 under
the assumption that the Schmid factor is 0.47 (corresponding to a tensile direction
parallel to (110)). The CRSS values determined with the independent procedures
more or less coincide for the specimen deformed at 295 K, but a major discrepancy
occurs at 140 K, 40 K and 25 K. Values obtained through Eq. (7.6) appear to be
constant up to 140 K, thereafter the twinning stress increases with temperature.
On the other side, the values determined from threshold values in Figure 7.3

decrease with increasing temperature.
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Figure 7.7: a.) Critical resolved shear stress for Shockley partial movement (7p) and for
twinning (trin) determined from Eq. (7.6) and from Fig. 7.3 under the assumption of a
Schmid factor of 0.47, b.) Critical resolved shear stress for Shockley partial movement
(tp), given with the values for 7, determined from Egs. (7.6) and (7.7), as well as the
contributions determined from Eq. (7.11), determined according to Egs. (7.13), and
(7.14).

Steinmetz et al. [135] presented a model for deformation twinning:

E.
B Vier N 3Gb,

Trwin = 3bp L (7-7)
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where L is the twin embryo length. In Steinmetz’ model [135] deformation twinning
is nucleation controlled, so 7., in EQ. (7.7) solely accounts for the nucleation
barrier of twin formation. Assuming L = 260 nm, the values determined for 71,
(the blue circles in Figure 7.7b) agree excellently with the values determined
according to Eq. (7.6) in the temperature range up to (at least) 140 K. This excellent

DFT

agreement strongly suggests that the difference between y;5" and yif;p

arises

from the nucleation barrier for wide SF/ twin formation.

Kubilay & Curtin [315] reason that the critical resolved shear stress for twinning

consists of a nucleation (zy,,.) and a growth/propagation contribution (zp,p):

Trwin = Tnuc T Tprop (7.8)

According to Kubilay & Curtin [315], the nucleation and propagation terms are:

Exp
— 1SS Visr
TNuc = ThNuc + nbp (7.9)
— 5SS
Tprop = Tprop (7.10)

where 73, and 733, are the contributions of solute strengthening to 7r7,,;,, and n =

3 for the Mahajan & Chin [126] model as well as the Steinmetz et al. [135] model
(Eq. (7.7)), which was demonstrated to apply for twinning in HEAs [25].
Considering that the Warren model [161] for determining SFP and, thus, SFE from
X-ray and neutron diffraction data assumes the formation of “infinitely” wide
stacking faults, implying nucleation and growth, and assuming tr,i, = Tp, it

follows:
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Vii}cp
3b

Tp = Thye + + Tprop (7.11)

p

Obviously, 33, = % in Eq. (7.7). Following Eq. (7.11), the sum of 135, and t37,,

Exp
. Vi
corresponds to the difference between % and 1p
D

Exp
Vis f

e + Throp = Tp T T (7.12)

Kubilay & Curtin [315] argued that for twinning T3y, = T37,p. This contradicts the
opinion by Christian & Mahajan [287], who stated that an increase in deformation
temperature and SFE may change the ratio of nucleation to propagation stress.
Their claim concurs with observations reported by Tranchant et al. [286] that the
rate controlling step for twinning in Cu-Al alloys changes from nucleation to
propagation for an Al-content of approximately 8 — 10 at.%. This composition

interval corresponds to a change in y@,@T from a positive (for lower contents) to a

negative value [301]. Recognizing that yi@? attains negative values for metastable

materials, while yiijfp is positive by default, it is reasoned that the ratio of 735,. and

Thyop CaN change with temperature and composition. Pragmatically, y2;" and yi'gp

can be used for scaling the contributions of nucleation and propagation in twinning.

DFT

For a stable material, both y3f" and n’iﬁ”

are positive and 3" < yl.i;p; for a

metastable material y2;"<0 and yiifpis positive but small and, generally, |y25"| <

yi}“”. Then, under the condition that Eq. (7.12) prevails, the contributions of

nucleation and propagation can be scaled as follows:
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Exp Exp
SS Visy Yisy
TNue = | TP = Exp DFT (7.13)
3bp yisf + |yisf | '

E.
. — (T st;p ) ( |V£J€T| )
Prop — P E
3bp yis}cp + |yiz;]5T| (7.14)

Exp

Using Egs. (7.13 and (7.14, the values obtained for L
p

, Thtue> @nd T35, are given

in Figure 7.7b by the shaded areas. It is apparent that, the contribution of the

Exp
nucleation term (Y;STf + 13, ) to 7p coincides with Eq. (7.7) and with 77,
D

evaluated with Eq. (7.6) (apart from the value at 295 K; see below). Accordingly,

DFT X

the difference between y;;;" and ylifp correlates with the stress necessary for the

nucleation of SFs. It is noted that the methods for determining SFE values by
means of XRD and ND techniques (Egs. 2 and 4) are calibrated on SFE values as
originally experimentally determined with TEM techniques. Thus, the calibration is
based on dissociated dislocations rather than on infinitely wide stacking faults. The
values for 7, comprise both nucleation and propagation contributions, because in
Warren’s assumption SFs can only be detected once they have an “infinite” width,
implying that the resolved shear stress must have overcome both nucleation and

propagation barriers.

Possible explanations for the lack of agreement between the three independent
methods in the case of the room temperature sample (cf. Figure 7.7b) are the
Exp

following. Firstly, the y,;;” versus true stress curve displayed in Figure 7.6 does not

reach a stable plateau, and the actual value for y;;” might be lower than 36 mJ-m-

2. According to Eq. (7.6), a discrepancy of e.g. 3 mJ-m2 corresponds to a variation

of 20 MPa in t,;,. Secondly, the uncertainty of g,, as established from the
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piecewise linear fit, is greater for the 295 K specimen than for the specimens tested
at cryogenic temperatures (cf. Figure 7.3). Thirdly, the DFT calculations are
expected to have a higher level of uncertainty at elevated temperatures compared

to calculations close to 0 K.

7.5.2 Deformation twinning as a function of deformation

temperature

Deformation of the FeCoCrNi HEA at cryogenic temperatures leads to the
formation of deformation twins (cf. Figure 7.2), while no deformation twins were
observed in the specimen deformed at room temperature. Interpreting deformation
twins in terms of the Mahajan & Chin [126] model (cf. Figure 7.8), the rate
determining step for twinning is the convergence of the trailing partial dislocations

on two co-planar slip systems.

B
o LA
Extrinsic stacking fault
. C

BA—By +~vA "

Increasing stress

Figure 7.8: Schematic of the Mahajan & Chin [126] model for twinning.
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Considering that the values for 7, in Figure 7.7a determined from the SFP vs. true
stress curves in Figure 7.3 are calculated for the leading Shockley partial
dislocation, they do not correspond to the onset of twinning. Instead, twinning is
expected when the resolved shear stress for the trailing partial dislocation exceeds
the critical resolved shear stress, i.e. 7. For a tensile direction along <110>, the
Schmid factor for the trailing partial dislocation is (0.235), i.e., half that of the
leading Shockley partial dislocation (0.47). Hence, deformation twins are expected
to form at a true stress that is twice that of the values determined for o, from the
SFE vs. true stress curves. For specimens deformed at cryogenic temperatures
the applied stress does exceed the stress necessary to form deformation twins.
However, the true stress for the onset of twinning at room temperature would be
1126 MPa. This value is higher than the UTS at room temperature, so deformation

twins are not expected to form, in agreement with the observations (Figure 7.2).

Exp
Further, the nucleation stress (V;Tf + 135.) is reached for the trailing partial
p

dislocation at an applied stress of 991 MPa, which is only 18 MPa lower than the
UTS of the 295 K specimen. Hence, the absence of deformation twins in the 295
K specimen is thought to be linked to the fact that the nucleation stress is only
slightly exceeded and overcoming 7, would require an applied stress higher than

the UTS.

7.5.3 Correlation between stacking fault energy and prevailing

deformation mechanism(s)

According to the DFT calculations, fcc FeCoCrNi is metastable (y;" < 0) for all

four deformation temperatures and should, according to Olson & Cohen [235],
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have a driving force to form martensite upon deformation. However, the
diffractograms in Figure 7.1 show that the material remains fcc during deformation,
irrespective of the deformation temperature. The absence of DIM was also
observed in other metastable HEAs and MEAs, such as CoCrFeMnNi [294],
FeMn4oCo10Cri0 [240]. The presented results indicate that the predominant
deformation mechanism of metastable fcc materials may not be described alone in

relation to their intrinsic SFE.

Recently, Lu et al. [136] pointed out that for slightly negative y2;" values, fcc

materials may deform by transformation-mediated twinning (TMT). First, wide SFs
and fine & —martensite platelets form during deformation, as the latter is
energetically favorable (y3;" < 0). On continued deformation, SFs start to form on
the basal plane of ¢ —martensite, which eventually reverts to fcc austenite, where
the reverted austenite exhibits a twin orientation with respect to the matrix
austenite. The formation of SFs in ¢ —martensite upon deformation has been
corroborated for a metastable FeMnC steel by Pramanik et al. [316]. Furthermore,
Wei et al. [317] confirmed via in-situ SEM/EBSD experiments that reverted
austenite forms from ¢ —martensite via the formation of basal stacking faults in a

FeMnCo MEA. Since the y3" values of the investigated FeCoCrNi HEA fall within
the y52" —range, which according to Lu et al. can lead to TMT, cf. Fig. 4a in Ref.

[136], it is considered likely that the absence of diffraction peaks corresponding to

& —martensite is related to the occurrence of TMT.
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7.6 Conclusions

The present study investigated the relation between deformation temperature,

experimental as well theoretical SFE values, and the occurrence of deformation

twinning in an fcc FeCoCrNi HEA by neutron diffraction, transmission electron

microscopy and DFT modelling. The conclusions are:

Experimentally determined SFE values are positive and exhibit an
asymptotic behavior upon lowering the deformation temperature. In
contrast, SFE values determined from DFT are negative and exhibit a linear
dependence on temperature.

The critical resolved shear stress for Shockley partial dislocations can be
inferred from SFP vs. true stress plots and increases with decreasing
deformation temperature.

Contributions of nucleation and propagation to the critical resolved shear
stress for Shockley partial dislocations can be identified based on the ratio
of experimental and theoretical SFE values.

Correcting experimental SFE values for the contribution of nucleation to the
critical resolved shear stress for Shockley partial dislocations vyields

negative SFE values, which coincide with values predicted by DFT.
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8 Summary and Conclusions

The primary conclusion that can be drawn from the work presented in this Ph.D.
thesis is that experimental and theoretical stacking fault energy values differ for
both metastable and stable face-centered cubic alloys, as well as pure face-
centered cubic metals. The discrepancy arises from the resistance against the
movement of Shockley partial dislocations, which has been so far neglected in the
experimental determination of the stacking fault energy. For detailed conclusions,

the reader is referred to the individual manuscripts in Chapters 5 — 7.
Nevertheless, some general conclusions can be drawn.

First, experimental stacking fault energy values should be regarded as apparent
values and do not correspond to an intrinsic materials property. Instead, they are
influenced by a materials microstructure, as shown for the example of the grain
size dependence, which may explain the reduction in propensity for twin and

martensite formation upon grain refinement.

Second, experimental stacking fault energies can be reconciled with theoretical
stacking fault energy values by considering the resistance against the movement
of Shockley partial dislocations in the force balance over a stacking fault, which the
experimental SFE assessment departs from. Accordingly, corrected experimental
SFE values of metastable face-centered cubic materials are negative and

correspond well to SFE values predicted by density functional theory calculations.

Third, models predicting the critical resolved shear stress for twinning based on

experimental SFE values rely on (arbitrary) fitting parameters and are commonly
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solely applicable to specific alloy systems and/or narrow compositional spaces.
Furthermore, the hitherto available models predict the twinning stress for high- and
medium-entropy alloys incorrectly. On the contrary, the proposed hypothesis that
the difference between experimental and theoretical SFE values depends on the
twinning stress, provides a consistent quantitative interpretation of data for both

alloys with positive and negative stacking fault energy.

Fourth, the suggested correction for experimental SFE values relies on the
accurate assessment of the critical resolved shear stress for twinning, which is not
straightforward to assess experimentally. Ex-situ transmission mission electron
microscopy of specimens strained to different plastic strains enables the
assessment, but is labor intensive. Instead, it is suggested that the resistance
against the movement of Shockley partial dislocations can be inferred from
stacking fault probabilities vs. true stress curves obtained by in-situ neutron or X-

ray diffraction, which shows promising results.
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9 Further work

The current Ph.D. project revealed an opportunity to reconcile the discrepancy
between experimental and theoretical stacking fault energy values, which arises
from the negligence of the resistance against Shockley partial dislocation
movement in the experimental assessment of the stacking fault energy. The
chapter comprises suggestions for further research topics that were not covered in

the submitted Ph.D. thesis and deserve further research.

9.1 The effect of interstitials on the stacking fault energy

The effect of interstitial elements such as nitrogen and carbon on the stacking fault
energy is still a matter of ongoing debate. It is suggested that the effect of interstitial
elements on the stacking fault energy should be investigated in light of the findings
presented in this Ph.D. thesis. It may be that some of the disagreement on the
effect of interstitials originates from the effect of N-/C-addition on the excess
stacking fault energy arising from the critical resolved shear stress for twinning. It
could be that in alloys with contents of Cr, V, Mo, i.e. elements with a high affinity
for N and C, interstitial alloying may have a more marked effect on the excess SFE
than in alloys with low contents of these high-affinity elements, e.g. the Fe-Mn-C
system. Furthermore, on comparing results regarding the effect of interstitial
elements on the experimental SFE, it is crucial to take the effect of the grain size
into account, or exclude grain size effects by solely comparing materials with
similar grain size. Here, preliminary results obtained on AISI 347 loaded with

different nitrogen contents are presented.
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The following sections comprises preliminary results on the effect of nitrogen on

the stacking fault energy and the deformation mechanisms in metastable AISI 347.

9.1.1 Experimental methods

The chemical composition of the as-nitrided AISI 347 specimens is given in Table
9. Prior to high-temperature solution nitriding (HTSN), tensile specimens with
gauge dimensions of 25 mm x 4 mm x 3 mm were machined by wire electrical
discharge machining from the as-annealed material. HTSN was performed in a
custom-build horizontal Kanthal tube furnace at 1150 °C (1423 K) for 22 h at 13
mbar, 35 mbar, and 105 mbar N2 partial pressure. High-pressure gas quenching
was applied to avoid nitride formation during cooling. The N-content of the as-
nitrided specimens was determined by Instrumental Gas Analysis on a LECO

TC500 and corresponds to an average of three measurements.

Table 3: Chemical composition of the as-nitrided AlSI 347 specimens.

Chemical composition in wt %

Specimen Fe C N Cr Ni Mn Mo Nb.
13 mbar Bal. 0.03 0.09 1756 9.00 148 0.02 0.59
35 mbar Bal. 0.03 0.12 17.75 912 151 0.01 0.59

105 mbar Bal. 0.03 0.18 17.76  9.05 160 0.01 0.59
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The in-situ neutron diffraction experiments were performed at the TAKUMI
Engineering Materials Diffractometer, beamline-19 of the Materials and Life
Science Experimental Facility at the Japan Proton Accelerator Research Complex.
The tensile direction was inclined 45 ° relative to the incident neutron beam.
Diffractograms were thus acquired with scattering vectors parallel to and normal to
the tensile direction on the two detector banks, which are installed at =90 ° and +90
° with respect to the incident neutron beam, respectively. Thus, during the in-situ
tensile tests data was acquired both along loading and transverse direction. Tensile
loading experiments were carried out at a strain rate of 2.67 x 10 ° s -'. Data

analysis was carried out as mentioned in Manuscript Il (Chapter 7).

9.1.2 Preliminary experimental results

The stress strain curves of the as-nitrided AISI 347 specimens are shown in Figure
9.1. Itis apparent that N-alloying leads to an increase in yield strength and ultimate

tensile strength, while maintaining the ductility.
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Figure 9.1: a.) Engineering stress strain curves of the nitrided AlSI 347 specimens, b.)
True stress strain curves of the nitrided AlISI 347 specimens.
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Prior to loading, the specimens consisted of face-centered cubic austenite and

Nb(C,N), cf.

Figure 9.2 a.) — f.). The diffractograms for specimens 1N (13 mbar) and the 2N (35
mbar) at higher strains showed peaks corresponding to the 110 reflection of
a’' —martensite at d spacing of approx. 1.95 A. On the other hand, specimen 3N

(105 mbar) exhibited no signs of strain-induced martensite formation.
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Figure 9.2: a.) Diffractograms of the 1N specimen upon loading, b.) Detailed view of the
1N specimen diffractograms, c.) Diffractograms of the 2N specimen upon loading, d.)
Detailed view of the 2N specimen diffractograms, c.) Diffractograms of the 3N specimen
upon loading, d.) Detailed view of the 3N specimen diffractograms.

The observation of diffraction peaks from a’ —martensite upon loading in the 1N
and 2N specimen, is corroborated by corresponding phase maps of as-fractured
specimens in Figure 9.3 a.) and c.), respectively. In addition to a’ —martensite, it is
apparent that a high density of deformation twins has formed. In contrast to the 1N
and 2N specimens, the 3N specimen exhibits no signs of @’ —martensite formation.
Instead, deformation twinning in conjunction with dislocation glide appears to be
the prevalent deformation mechanisms for 3N. Apparently, the addition of 0.18 wt

% N is sufficient to stabilize austenite and prevent strain-induced martensite

formation upon tensile loading.
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m-3m

Figure 9.3: Loading direction for all specimens parallel to the horizontal axis. Austenite
red and ' —martensite blue. a.) Phase map of 1N specimen, b.) Orientation map of 1N
specimen, c.) Phase map of 2N specimen, d.) Orientation map of 2N specimen, e.)
Phase map of 3N specimen, and f.) Orientation map of 3N specimen.

The lattice strain evolution of the 111 and 222 reflections as a function of the true
stress of the 1N, 2N and 3N specimens are given in Figure 9.4a. It is apparent that

upon surpassing a stress threshold, the lattice strains diverges for the two sets of
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lattice planes, which indicates the formation of wide stacking faults. The stacking
fault probabilities determined from the divergence (cf. Eq. (7.2)) are given in Figure
9.4b for the three specimens. Apparently, the threshold stresses for stacking fault
formation in specimens 1N and 2N are equal; for the 3N specimen the necessary
stress to form wide stacking faults is higher. This may be caused by a higher
stacking fault energy for the 3N specimen (cf. Figure 9.4c), as well as the increase
in the nucleation and propagation stress for Shockley partial dislocations as

discussed in Manuscript Ill.
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Figure 9.4: a.) Lattice strain evolution for the 111 and 222 reflection along the loading
direction, b.) Evolution of the stacking fault probability versus true, and c.) Evolution of
the experimental stacking fault energy versus true stress for the 1N, 2N, and 3N
specimens, respectively.
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Although, the difference in the experimental stacking fault energies is small
(approx. 3-5 mJ-m2), the transition from martensite formation to deformation in the
composition range 0.12 — 0.18 wt.% N corresponds very well with the DFT
predictions presented in Niessen et al. [218] for AISI 3044, where a transition from

negative to positive stacking fault energy at approx. 0.1 wt.% N.

Despite being preliminary, the presented results indicate that N-addition to AISI
347 leads to an increase in the material’s stacking fault energy, which is
accompanied by a transition from martensite formation to deformation twinning.
Furthermore, the results show that higher strength at maintained ductility can be

achieved by targeted interstitial alloying.

9.2 Considering the critical resolved shear stress for

twinning in alloy design

As discussed in Chapter 2.7, the point of onset of twinning and/or martensite
formation affects the magnitude of work hardening strongly. It appears that an
earlier onset, at least of deformation twinning, leads to higher work hardening by
suppressing cross slip and therefore dislocation annihilation. This implies that in
order to design alloys with excellent combinations of high strength and high ductility
it is essential to not only tailor a material’'s SFE, but also to control the onset of
twinning/martensite formation by controlling the mobility of Shockley partial
dislocations. As such, it is desirable to develop a method that can predict the critical

resolved shear stress for twinning in a more straightforward manner than by density

4 It noted that the substitutional compositions of AISI 347 and AlSI 304 are almost identical. The
only difference is the presence of Nb, which was deliberately chosen, because NbC strongly retards
grain growth during high temperature solution nitriding for controlled nitrogen dissolution.
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functional theory calculations and that also includes the effects of the
microstructure. In light of this research it is recommended that the formation of
deformation twins and deformation induced martensite should be regarded as
being governed by thermodynamics, i.e. the intrinsic SFE, and kinetics, i.e. the

resistance against Shockley partial movement.

9.3 Effect of precipitates on the stacking fault energy and
deformation mechanisms

If, as herein suggested, the experimental SFE depends on a material's

microstructure, it is of potential interest to investigate the influence of precipitates

on experimental SFE values. To this extent, both coherent as well as incoherent

precipitates should be investigated with respect to their effect on the SFE and

linked to the propensity for twinning and martensite formation.
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