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Preface
The present Ph.D. thesis is submitted in candidacy for a Ph.D. degree from the Technical University of
Denmark (DTU). The work presented in this thesis was carried out during the period November 2012 to
December 2015 at the Department of Mechanical Engineering – Section for Materials and Surface
Engineering under the supervision of Associate Professor Grethe Winther, Senior Researcher Thomas L.
Christiansen and Professor Marcel A.J. Somers.
The project was part of the “PressPerfect” project and partly financed by the “Research Fund for Coal and
Steel”. The main goal of the “PressPerfect” project was to create a methodology to predict the performance
of high quality stainless steels after forming and finishing treatments.
The different tasks in the projected were divided among the different project partners. In particular Sandvik
materials technology and CENIM were involved in the material’s characterization and study of the
precipitation and transformation kinetics; M2i, Philips, University of Twente and Luleå university carried
out a study on the simulation of the forming operations and prediction of the material properties and DTU
was involved in the study of low-temperature thermochemical processing of various stainless steel classes
after forming and finishing operations.

Kgs. Lyngby, December 2015
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Abstract

Low-temperature thermochemical surface hardening by nitriding, carburizing and nitrocarburizing is used
to improve the performance of stainless steels with respect to wear, fatigue and corrosion resistance.
The dissolution of nitrogen and/or carbon atoms in the materials surface leads to the formation of a
supersaturated solid solution known as expanded austenite, or S-Phase.
Expanded austenite is characterized by high hardness, up to 1400 Vickers, and high compressive stresses in
the surface region, which result in improved wear and fatigue resistance of the components.
Along with the improvement of these properties, the corrosion resistance of the stainless steel is fully
maintained or even enhanced.
Despite low-temperature thermochemical processing of austenitic stainless steels has been widely studied in
literature, other stainless steel classes and the influence of steel´s initial condition, such as phase
composition and/or plastic deformation, have not received the same attention.
The topic of this Ph.D. thesis is the study of the influence of the material’s initial phase composition and
the presence of plastic deformation on the properties of the surface layers obtained through lowtemperature thermochemical processes of austenitic, precipitation hardening and martensitic stainless
steels.
Parts of the work presented in this Ph.D. project were implemented in the European project
“”PressPerfect”, wherein several industrial and university partners were involved. The main goal of the
“PressPerfect” Project was to create a methodology to predict the performance of high quality stainless
steels after forming and finishing treatments.
The Ph.D. Project focused on the optimization of low-temperature thermochemical processes on several
stainless steel classes used for the surface treatment of industrial products.
The activities carried out encompass the study and the characterization of the following aspects:
‐

Influence of plastic deformation prior to the low-temperature thermochemical process

‐

Influence of initial phase composition on the properties and morphology of the
nitrided/nitrocarburized surface layer

‐

Influence of interstitial alloying on the mechanical properties of stainless steels

‐

Study of the corrosion performance of expanded austenite layer.

‐

Study of compressive residual stresses in expanded austenite and the influence of the material
condition prior to nitriding/nitrocarburizing on the stress distribution.

The experimental techniques applied entail X-ray diffraction (XRD), Glow Discharge Optical Emission
Spectroscopy (GD-OES), Scanning electron microscopy (SEM), light optical microscopy (LOM) and
hardness measurement.
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Resumé

Lav-temperatur termokemisk overfladehærdning i form af nitrering, karburering og nitrokarburering
anvendes til at forbedre egenskaberne af rustfri ståltyper mht. slid, udmattelse og korrosionsbeskyttelse.
Opløsning af nitrogen- og/eller karbonatomer i materialets overflade fører til dannelse af en overmættet
fast opløsning kaldet expanderet austenit eller S-fase.
Expanderet austenit er kendetegnet ved stor hårdhed, optil 1400 Vickers, og høje trykspændinger i
overfladen, som resulterer i øget modstandsdygtighed mod slid og udmattelse.
Samtidigt med forbedringen af disse egenskaber bibeholdes eller forbedres korrosionsbeskyttelsen af det
rustfri stål.
På trods af at lav-temperatur termokemiske processer på austenitiske rustfri ståltyper er rigt beskrevet i
litteraturen, har andre klasser af rustfrit stål og betydningen af materialets begyndelsestilstand, som f.eks.
fasesammensætningen og/eller plastisk deformation ikke fået samme opmærksomhed.
Emnet for denne Ph.D afhandling er at studere betydningen af materialets initiale fasesammensætning og
plastiske deformationstilstand for egenskaberne af overfladelag opnået gennem lav-temperatur
termokemiske processer.
Dele af dette Ph.D. projekt er udført i forbindelse med det europæiske projekt “PressPerfect”, hvori
adskillige industrielle og universitetspartnere er involveret. Hovedformålet med ”PressPerfect” projektet var
at finde en metode til at forudsige effektiviteten af høj-kvalitets rustfri ståltyper efter formgivnings- og
færdigbehandlingsprocesser. Ph.D. projektet fokuserer på optimering af lav-temperatur termokemiske
processer for adskillige klasser af rustfrit stål som anvendes i industriel produktion.
De udførte aktiviteter omfatter undersøgelser og karakterisering af følgende aspekter:
‐

Betydningen af plastisk deformation forud for lav-temperatur termokemiske processer

‐

Betydningen af materialets initiale fasesammensætning for egenskaberne og morfologien af det
nitrerede/nitrokarburerede overfladelag

‐

Betydningen af legering med indskudsatomer på de mekaniske egenskaber af rustfrit stål

‐

Undersøge korrosionsegenskaberne af lag af ekspanderet austenit

‐

Undersøge residuale trykspændinger i ekspanderet austenit og effekten af materialets tilstand forud
for nitrering/nitrokarburering på spændingsfordelingen

De anvendte eksperimentelle teknikker omfatter Røntgendiffraktion (XRD), Glow Discharge optisk
emissions spektroskopi (GD-OES), skanning elektron mikroskopi (SEM), lysoptisk mikroskopi (LOM) og
hårdhedsmålinger.
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Low-Temperature Surface Hardening of Steels

1.1 Introduction
Nitriding and/or nitrocarburizing have been, and still are, widely used technique for surface hardening of
iron alloys and steels. The processes are carried out at a temperature usually lower than 590°C and lead to
the formation of a compound layer of -Fe2(N/C)1-z and ’-Fe4N1-x at the materials surface followed by a
diffusion zone underneath it [1].
However, these processes, when applied to austenitic stainless steels lead to the formation of nitrides and
/or carbides due to the presence of Cr, which significantly impair the corrosion resistance of these classes
of materials.
In the middle of the 1980s, low-temperature thermochemical processes demonstrated that it was possible to
improve surface properties of stainless steels, with respect to wear and hardness, without impairing their
corrosion resistance [2–4]. Low-temperature nitriding and/or carburizing allow the formation of a
metastable, precipitate-free, supersaturated solid solution at the materials surface.
XRD characterization carried out after low-temperature thermochemical process revealed the formation of
peaks which could not be associated to any material listed in the ASTM index, therefore Ichii et al. [5]
named these peaks S1-S5 and used the term S-Phase to describe the layer created at the materials surface.
Since then, low-temperature thermochemical treatments have received great scientific interest and
extensive research has been carried out in order to characterize and understand the nature of this “new
phase”.

1.2 Structure of Expanded Austenite
Expanded austenite is not a “new phase”, as the name S-phase would suggest. It’s merely a metastable
supersaturated solid solution of nitrogen or carbon in which the precipitation of nitrides and/or carbides is
avoided if the processing temperature is lower than 450°C (723K) for nitriding and 550°C (823K) for
carburizing. Depending on the interstitial element dissolved in the metal matrix, it is possible to distinguish
two different kinds of expanded austenite: nitrogen expanded austenite (N) and carbon expanded austenite
(C).
The nitrogen and carbon atoms dissolved in the stainless steel matrix are accommodated in the octahedral
sites of the f.c.c. stainless steel crystal structure and provoke an expansion of the lattice parameter which is
a function of the concentration and type of interstitial atom. Nitrogen expanded austenite has a higher
concentration of interstitials , typically in the range of 20-38 at% [6–10] while concentrations ranging from
5% to 12 at% are usually found for carbon expanded austenite [6,11–13]. These concentrations are
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significantly higher than the maximum solid solubility [14,15] and lead to a substantial increase in the
stainless steel lattice parameter (Fig. 1.1)

Figure 1.1: Lattice parameter expansion as function of the interstitial atoms dissolved during lowtemperature thermochemical processes [16]

1.2.1 Crystallography of expanded austenite
The early XRD diffractograms collected on expanded austenite revealed the formation of peaks which were
not be listed in any ASTM standard, leading to the hypothesis of the formation of a new phase, from which
the name S-Phase. However, the diffraction pattern produced, resembled the one of an f.c.c. crystal
structure although all the identified peaks were boarder and shifted to lower angles compared to a
conventional f.c.c. crystal structure [10,13,17–19].
Initially the crystal structure of expanded austenite was defined as a compound layer having a M4N
(M=Fe, Cr, Ni) structure [5] or as a combination of austenite and’ [(Fe,Cr,Ni)4M ] [2]. Later observations
suggested that the shift in the peak position was connected to the lattice expansion and the characteristic
diffraction lines could originate from an f.c.c. type structure [20] or from a face centred tetragonal
structure, analogous to the one of martensite, called M-Phase [21].
The controversial interpretation on the crystal structure of expanded austenite was mainly due to the peak
position, which is dependent on the lattice expansion and due to the fact that the a111/a200 ratio shifts from
the one of a perfect f.c.c. structure [22–24].
Further studies [13] revealed that this anomalous behaviour in the hkl-dependent shift and peak shape
could be largely attributed to the presence of staking faults and residual stresses in the investigated layer
which are accountable for a significant hkl-dependent shift from the expected lattice parameter (a0). By
taking into account these influences, it was possible to calculate theoretically with the Warren´s theory the
expected peak shift for the various hkl reflections in expanded austenite.

4

he experimen
ntally measuured lattice parameters
Howeverr, the theorettically calculated peak poosition and th
showed a significantt scatter therreby leading to the concclusion that the crystal sstructure of expanded
austenitee could not bee an ideal f.c.c..
This wro
ong interpretaation can be essentially aattributed to the investiga
ation of inhoomogeneous expanded
austenitee layers in wh
hich steep con
ncentration prrofiles and hiigh residual compressive sttresses are prresent.
In this rrespect, Chriistiansen and
d Somers [199] succeeded
d in the syntthesis of sam
mples of hom
mogenous
expanded
d austenite po
owder in whiich the effectss of gradientss in the comp
position profille and residua
al stresses
were min
nimized. For these homogeneous strress free pow
wders it was possible to observe the excellent
agreemen
nt between th
he theoretica
al peak shift ddue to the prresence of sta
acking faults and the exp
perimental
peak possition (Fig. 1.2
2).

Figurre 1.2: Compaarison of experimental andd predicted peak
p
shift from
m an ideal f.cc.c. structure due
d to
presence of stacking fa
aults [25].
These reesults explain
ned the natu
ure of the sysstematic shifft of the reflection peakss from the id
deal f.c.c.
structuree and clearly proved
p
that expanded
e
ausstenite has a face centred cubic structuure. Howeverr, it has to
be taken into accountt that the desccription of W
Warren is an ov
versimplification and thatt only the 111
1, 200 and
220 refleections were considered. Recent expperiments hav
ve demonstrrated that thhe crystal strructure of
expanded
d austenite is still not fully
y understood [26].

1.2.2 S
Structure of
o expanded austenitee
Expandeed austenite consists of a precipitate--free, metasta
able supersatturated solidd solution off nitrogen
and/or ccarbon and it appears as a bright featurreless layer att the material´s surface aft
fter optical microscopy
m
investigaation (Fig. 1.3
3).
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Figure1.3: Light-optical micrograph of low-temperature gas nitrided AISI 316; Nitriding conditions:
T=445ºC, t=22h, kN=2.49Bar-1 [25].
The layer morphology is mainly related to the steep compositional gradient and the response to the etching
agent differs from the one of the underlying substrate due to the increased corrosion potential after the
thermochemical low-temperature treatment [27,28].
It is possible to observe that the grain boundaries, clearly visible in the substrate, continue into the
expanded austenite zone hereby confirming that the formation of expanded austenite is purely a diffusion
process and doesn’t involve any nucleation and growth of a new phase. Therefore the size and shape of the
grains of expanded austenite are the same as the untreated material.
Scanning and transmission electron microscopy investigation at high magnification revealed other
interesting features in the expanded austenite layer [29]. It was in fact possible to identify parallel microtwins (Fig 1.4a.), slip bands and dislocations (Fig 1.4b.) suggesting that plastic deformation may have
occurred during the low-temperature thermochemical process.
Upon nitriding nitrogen dissolution results in the introduction of huge lattice strains corresponding to very
large compressive stresses. Initially these strains are accommodated elastically and, along with an increase
in interstitial content, the (expanded) austenite is strengthened.
Above a certain interstitial content, the lattice expansion cannot be accommodated elastically any further
and leads to a residual stress increase that exceeds the additional yield strength. The stresses above the yield
strength (which is composition dependent) results in plastic deformation occurring by slip.
Such plastic deformation has been observed for nitriding in the form of a nitrogen dissolution-induced
lattice rotation, depending on the initial grain orientation [30–32]. The crystal rotation effect produced
upon nitriding has many similarities [32] with the grain orientation dependent lattice rotations of
individual bulk grains measured in monotonic tensile tests in a number of materials [33–35].
The plasticity and damage found in the expanded austenite layer is a direct consequence of the enormous
expansion of the crystal lattice as a result of the supersaturation of N and/or C interstitial atoms [36,37].
The plastic deformation results in a roughening of the surface and a lattice rotation which is function of the
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mount of interstitial dissoolved during the lowinitial crrystallographiic texture off the materiaal and the am
temperatture nitriding process [30–
–32]

a.

b.

Figurre 1.4: Defectts in expandeed austenite (aa.) SEM imag
ges showing the
t presence oof twins; (b.) TEM
images show
wing the presence of microotwins and diislocations in
n expanded auustenite [38]

1.3 T
Types off expand
ded austtenite
The prop
perties and morphology of the expaanded austen
nite layer dep
pend significcantly on thee type of
interstitiaal dissolved (N
( and/or C),
C the techniqque and the process para
ameters used.. The techniq
ques most
common
nly used for the formatio
on of an exppanded austenite surface
e layer are ggas processess, plasma
processess and ion imp
plantation tecchnologies.
Diffusion
n of nitrogen
n in the stain
nless steel maatrix leads to
o the formatio
on of nitrogeen expanded austenite
(N). Thee lattice exp
pansion due to N incorpporation in nitrogen
n
exp
panded austeenite ranges from 6%
to11% [[7,10,19,39]; it depends strongly on tthe processin
ng condition and it is a ffunction of the depth,
meaningg that the lattiice parameterr is not consttant but decreeases with th
he decreasing N concentra
ation with
increasin
ng layer depth
h. At the inteerface between
n the layer an
nd the substrrate it is possiible to observ
ve a sharp
transition
n due to the locally steep diffusion proofile of nitrog
gen (cf. Fig. 1.3).
1
The harrdness profilee obtained
for N is strongly depeendent on thee processing ccondition and thus on the
e amount of iinterstitial disssolved in
the stainlless steel mattrix; howeverr, in all casess it´s possiblee to identify a plateau likee region, charracterized
by high h
hardness, followed by a sh
harp drop in ttransition regiion (Fig. 1.5)
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Figurre 1.5: Hardn
ness depth pro
ofiles after low
w-temperaturre gas nitridin
ng, carburizinng and a com
mbined
process (carbburizing and nitriding). [6]]

nificant latticce expansion due to N ddissolution in
n N is consttrained by thhe austenite substrate,
The sign
thereforee very high residual stressses, in the order of GP
Pa, have bee
en reported iin nitrogen expanded
austenitee [16,40,41]. The real mag
gnitude of thee compressivee residual stre
esses is howevver still debatted [42].
Carbon eexpanded ausstenite (C) is formed when
n alloying wiith carbon thrrough carburiizing or throu
ugh C ion
implantaation (Fig. 1.6
6).

Figure 1..6: Light optiical micrograp
ph of carburizzed AISI 316
6 at 420ºC (69
93K) for 67h in a 48%C2H2-48%H24%N
N2 atmospheree [25].

The max
ximum conttent of interrstitial carbon
n in expand
ded austenite
e is significaantly lower than for
nitrogen [43–46] and
d therefore a smaller latttice expansio
on (1.4-3%) is found for  C [7,11,13,1
19,47,48];
however, a thicker case can be
b obtained through low
w-temperature
e carburizing
ng compared
d to lowtemperatture nitridingg. Even in this
t
case thee hardness profile
p
obtain
ned is stronggly dependen
nt on the
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processing parameters, but, compared to the one of N, a maximum hardness value is reached at the surface
and then it progressively decreases with the increasing layer depth until the substrate is reached (Fig. 1.5)
The lattice expansion provoked by the carbon dissolution is not as significant as for nitrogen, however,
even in the C, the austenite substrate constrains the expansion thus generating high compressive residual
stresses in the low-temperature surface treated layer.
Eventually, it was shown for the first time by Leyland et al [20], that is possible to obtain simultaneous
dissolution of nitrogen and carbon thereby forming a dual layer characterized by nitrogen expanded
austenite in the outermost region followed by carbon expanded austenite in the inner zone [8,9] (Fig. 1.7).

Figure 1.7: Light optical micrograph of AISI 304 gas nitrocarburized in an atmosphere 14%C3H6-54%NH322%H2-10%Ar at 420°C for 19h [25].

The properties of this layer are a combination of the two types of expanded austenite. The hardness profile
obtained for nitrocarburized stainless steels is in fact characterized by a high hardness at the surface, due to
N, and a smooth transition in the C region to the bulk hardness value.
As for the hardness profiles, the residual stress profile is a superposition of the N and C profiles. The high
residual stresses in the nitrogen expanded region are followed by lower magnitude residual stresses in the
inner carbon expanded region, thus a smoother transition of the stress profile is obtained for this case.
Due to the combination of the interesting properties of both types of the expanded austenite,
nitrocarburizing is receiving a great interest in research and industrial applications [9,25,38,49].

1.4 Thermal stability of expanded austenite
Due to its supersaturated nature, expanded austenite is metastable and therefore it decomposes into stable
phases if it is exposed to temperatures above a certain value [50–52]. The thermal stability of expanded
austenite depends strongly on the type and amount of interstitials (N or C) as well as on the chemical
composition of the stainless steel (substitutional elements) [38,52].
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Since decomposition of expanded austenite is a diffusion controlled process, the incubation time is
temperature dependent and, in particular, it decreases for higher temperatures [50,52].
Li et al. studied the decomposition of N and C in AISI 316 upon isothermal annealing, in a range of
temperatures from 300ºC to 600ºC [50]. They showed that decomposition of the expanded phase occurs
above a certain temperature, under which the expanded phase is stable. This threshold temperature was
found to be 400 ºC for C and 350 ºC for N. In that study it was found that AISI 316 decomposes into CrN
and austenite or CrN and ferrite depending on the annealing temperature. Above 500 ºC ferrite is formed,
below this temperature austenite forms (Fig. 1.8). The formation of CrN starts as precipitation of very
disperse laminar particles spaced few nanometres to each other and coherent with the expanded austenite
structure. In later stages of the precipitation, the coherency is lost and the nitrogen content in the “former”
expanded austenite drops to its nominal maximum concentration in austenite [50].

a.

b.

Figure 1.8: a. TEM microstructure of decomposed expanded austenite, b. selected area diffraction pattern
revealing the presence of CrN and ferrite.
Christiansen et al. [52] investigated the decomposition of nitrogen expanded austenite in AISI 316L and
AISI 304L by isothermal annealing and found a marked difference between the two studied alloys. The Xray diffraction analysis on the decomposition product revealed the formation of CrN and austenite for AISI
316L and CrN and ferrite for AISI 304L. The thermogravimetric analysis on the decomposition kinetics of
these two alloys revealed a significant difference which could be directly related to the mechanism of the
formation of the decomposition products. The activation energy for the process was in fact lower for AISI
304L (128±9.9 kJ·mol-1) than for 316L (187±17.7 kJ·mol-1). In AISI 304L the precipitation of CrN and
ferrite occurs simultaneously and the more favourable orientation relationship existing between b.c.c. iron
and chromium nitride, {001}b.c.c.//{001}CrN and <100>b.c.c.//<001>CrN, is responsible for lowering the
activation energy. While the mechanism of decomposition in AISI 316L was explained as a discontinuous
process, thus requiring a higher energy for its activation.
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Decomposition upon annealing of carbon expanded austenite has not received the same attention as
nitrogen expanded austenite. Ernst et al. [53,54] reported the presence of M5C2 and M7C3 carbides at the
surface of the treated material after carburizing for 44h and TEM investigation suggested the presence of
preferential orientation relationship between the carbide and austenite, lowering the energy barrier for
nucleation and growth [54].
However, studies on isochronal annealing of C powders supported by thermodynamic equilibrium
predictions [25], reported that in expanded austenite with a high carbon content (4 wt%) M7C3 is formed
while in low-carbon C (1 wt%) M23C6 develops.
Precipitation of nitrides and carbides in expanded austenite has to be avoided because, despite it doesn’t
compromise the hardness in the layer, it significantly impairs its corrosion resistance because of the Cr
depletion in the stainless steel matrix.

1.5 Diffusion coefficient
The diffusivity of interstitials in austenite and expanded austenite has been widely studied in literature and
plays a major role on the morphology and thickness of the expanded austenite layers produced [55–60].
It has been shown that the diffusion coefficient of the interstitial species is strongly dependent on the
chemical composition, nitrogen concentration and the presence of large residual stresses at the surface.
In particular, the diffusion coefficient is strongly affected by the strong interaction of the interstitial atoms
(especially N) with the Cr present in the steel matrix (trapping model), therefore the interstitial will
contribute in a different extent to the layer growth [61].
Early models for the determination of the diffusion coefficient of nitrogen in expanded austenite were
calculated based on the concentration-depth profiles measured with GD-OES techniques [57,58] without
taking into account the effect of the trapping of nitrogen atoms by the chromium and molybdenum present
in the alloy. Furthermore these models have been determined for layers produced with plasma or
implantation based techniques in which a certain unknown degree of sputtering at the surface occurs and
therefore no direct correlation between the concentration and the diffusion coefficient can be extracted.
Christiansen and Somers [59] studied the diffusion coefficients of nitrogen in expanded austenite from
stepwise denitriding experiments from fully nitrided samples and showed clearly that the diffusion
coefficient is strongly depending on the nitrogen concentration in N (Fig. 1.9).
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Figure 1.9: Diffusion coefficient of N in expanded austenite as function of the nitrogen content in the steel
matrix for two nitriding conditions 420°C (AISI 304-AISI 316) and 445°C (AISI 316) [25].
The diffusion coefficient in expanded austenite, as depicted in Fig. 1.9 increases with the nitrogen content
up to a maximum value after which a decrease is observed.
The trend of the diffusion coefficient was explained as follows: the nitrogen atoms diffused in the metal
matrix are accommodated preferentially in the octahedral sites of the f.c.c structure and provoke an
expansion of the crystal lattice. The dilatation of the crystal lattice will increase the size of the octahedral
and tetrahedral interstices, thus lowering the activation energy for diffusion of the incoming nitrogen.
This behaviour is responsible for the increase in diffusion coefficient with the increasing nitrogen content in
expanded austenite up to a point where the probability of finding an empty octahedral or tetrahedral
interstice is low. At this point, after a maximum value is obtained, the diffusion coefficient decreases until
maximum occupancy is reached.
However in this model, the huge compressive stresses building up at the surface [62], and their effect on
the diffusion coefficient are not taken into account. Recent work in fact has shown that, together with the
composition gradient, the presence of compressive stresses has a non-negligible effect on the diffusion
kinetics [63].
So far, no systematic study of the diffusion coefficient of carbon in austenite or nitrogen in other phases
(ferrite and martensite) has been carried out; however, it has been shown that the activation energy for
carbon diffusion in austenite decreases as the carbon content in austenite increases [64].
Eventually, it was observed that the thickness of the nitrided layer was not homogenous but it changed in
the different grains according to their specific crystallographic orientation. In particular it was observed that
N diffuses deeper into 200 oriented grains than into 111 oriented grains [60,65–69].
Initially this behaviour was interpreted as different orientation dependent diffusion coefficients [66],
however the different in diffusivity in the different crystallographic direction is believed to be related to the
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different elastic residual stress for the specific crystal orientations [60]. The elastic young modulus changes
according to the different crystallographic direction, therefore it will be easier for nitrogen to be
accommodated along weakest direction. Since residual elastic stresses influences greatly the diffusion
coefficient of nitrogen in expanded austenite, the different degree of expansion due to different nitrogen
accommodation along the different crystallographic directions is held responsible for the different
diffusivity [60].

1.6 Properties of expanded austenite
As mentioned above, expanded austenite possesses a series of extremely attractive properties which make
low-temperature surface treated components suitable in many industrial applications where wear, corrosion
and fatigue resistance are issues.

1.6.1 Hardness and wear resistance
Expanded austenite is characterized by an extremely high hardness. The maximum hardness achieved in
an expanded austenite layer depends significantly on the processing parameters and the type and amount of
interstitials dissolved in the surface. Typical ranges of hardness are reported as 1300-1500HV for N and
700-1000HV for C [70].
This difference can be related to the different amounts of dissolved interstitials and the different degree of
lattice expansion in the stainless steel matrix. The N interstitial content is ranging from 20 to 38 at% [6–10]
while C concentrations ranging from 5% to 12 at% are usually found for carbon expanded austenite [6,11–
13].
The hardness profile measured over the cross section in the N and C expanded austenite is also different.
Nitrogen expanded austenite is characterized by a plateau with very high hardness followed by a sharp
drop in the bulk hardness value. This drop occurs within few μm in the N- transition region (cf. Fig. 1.4).
The hardness profile measured over the cross section in C is significantly different, with the highest
hardness at the material´s surface and a gradual decrease to the bulk hardness value over the whole
thickness of the treated layer (cf. Fig. 1.4).
The extreme hardness of expanded austenite and the compressive residual stresses parallel to the surface,
are responsible for the excellent wear resistance of low-temperature surface treated steels [24,27,28,71–74].
Extensive research on the wear behaviour of low-temperature nitrided steels, proved an improvement of the
wear properties and a considerable reduction of the weight loss during the tests compared to an untreated
material [71,73] (Fig. 1.10).
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1.6.2 Residual stresses and fatigue resistance
The crystal lattice expansion in the case, due to the incorporation of the interstitial N and C, is (partially)
constrained by the underlying austenite substrate and results in residual compressive stresses of several GPa
at the material´s surface. The magnitude of the residual stresses created after the low-temperature surface
engineering process is a function of the expansion of the crystal lattice and therefore is dependent on the
type of interstitial and on the processing conditions.
The evaluation of residual stresses in expanded austenite has been mainly carried out with X-ray diffraction
techniques [16,41,42,75,76] using the so-called sin2 method [77,78]. Due to the presence of stress and
compositional gradients, dedicated evaluation procedures have to be adopted in order to avoid erroneous
results and limit the occurrence of so-called ghost stresses [42,76].
A detailed description of the residuals stress measurement with XRD and the evaluation method for
expanded austenite will be given in Chapter 3.
Figure 1.12 depicts the stress profiles obtained for samples after gas carburizing and gas nitriding with
different gas compositions [79]. The graphs clearly show how, in both cases, the processing parameters
influence the obtained distribution of the residual stresses. Higher processing temperatures result in a
higher dissolution of interstitial atoms and therefore in stresses of a higher magnitude. These findings
confirm that the residual compressive stresses in expanded austenite are largely composition induced [62].

a.

b.

Figure 1.12: Stress profiles for AISI 316 low-temperature gas carburized (a.) and nitrided (b.) [79]
However some differences can be found in the carbon and nitrogen expanded austenite residual stress
profiles. In C the maximum compressive stresses are significantly lower than inN and they can be found at
the material surface while in N, the highest compressive stresses are found few μm below the surface.
The first effect is due to the lower expansion of the crystal lattice caused by carbon insertion compared to
nitrogen, while the second one is believed to be due to stress relaxation at the material surface as a
consequence of plastic deformation induced by the huge compressive stresses [62,79].
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In addition to this, a sharp transition of the stresses from N to  can be found in nitrogen expanded
austenite layers. This is due to the steeper composition gradients observed in nitrogen expanded austenite
layer compared to carbon expanded austenite.
The residual stress profile obtained for nitrocarburizing is depicted in Fig. 1.13. As it could be observed in
the hardness profile of a nitrocarburized sample, the residual stress profile is a superposition of the profiles
obtained during nitriding and carburizing. The nitrocarburized layer is characterized by high residual
stresses in the nitrogen expanded region and lower entity stresses in the carbon expanded austenite, and as
a result of this, no sharp drop in the compressive stresses is observed when approaching the untreated
substrate.
Carbon expanded austenite in a nitrocarburized layer allows a smoother transition to the untreated core
and it allows to bridge more effectively the lattice parameter mismatch between N and .

Figure 1.13: Stress profile for nitrided, carburized and carburized+nitrided samples [79]
The high residual stresses developed as a consequence of low-temperature surface engineered stainless
steels have a positive effect on the fatigue behaviour of treated components [73,80–82].
Menthe et al. [73] studied the fatigue life of nitrided components in a cyclic fatigue test and proved that a
significant improvement of the fatigue life is observed for the high cycle range (low cyclic loads) but no
significant difference could be noticed in the low cycle range (high cyclic loads) (Fig. 1.14). They attributed
this behaviour to the fact that at high cycles most of the fatigue life is associated with the crack initiation
process, while at low cycles the crack growth in the bulk, unaffected by the treatment, controls the fatigue
life.
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Figure 1.15: Comparison of polarisation curves of

Figure 1.16: Polarisation curves for the untreated and

the low temperature AS plasma nitrided (AS420

500°C AS plasma nitrided 316 steels. [65]

series) and untreated 316 steel in 3.5% NaCl water
solution. [84]
In the same study [84], it was shown how the precipitation of nitrides during the process, leads to a
significant increase of the corrosion rate of the sample compared to an untreated stainless steel (Fig. 1.16).
The beneficial effect of dissolved nitrogen on the corrosion behaviour was subject of extensive literature
study in both high nitrogen steels and expanded austenite layers [86–92] and proved that nitrogen
influences the mechanism of repassivation kinetic. The improvement in pitting corrosion was attributed to
the nitrogen dissolving during the process which consumes the acid in the pit and leads to a more alkaline
solution, thus stopping the pit growth rate [84,93–96].
Normand et al. [92] found high concentration of NH3 and NH4+ at the surface of the passive film through
XPS investigation and they related the improvement of corrosion resistance to the breakdown of the CrN
bond which leaves more Cr available for the oxide formation and more N for the protonation of NH3 and
NH4+.
Despite an improvement of the corrosion performance in chloride containing solutions, a reduction of the
corrosion resistance was observed in acid environments. Lei at al. [97], carried out a study of the
properties of nitrided layer in Ringer´s solution at different pH and observed occurrence of pitting at pH =
3.5.
A deterioration of the corrosion properties of nitrided steels in acid environments was also observed by
Gontijo et al. [98] who showed the occurrence of localized corrosion in H2SO4 solution at pH 3.
The reduction of the corrosion resistance in acid environments is attributed to the presence of a high
concentration of defects, such as slip bands, stacking faults and micro-twins in expanded austenite, which
act as more favourable sites for the nucleation of precipitates [99].
Carbon expanded austenite was also reported not to be sensitive to pitting corrosion [13,100] but the
mechanism of protection is still under investigation.

18

1.7 Role of alloying elements
The chemical composition of the alloy treated by low-temperature thermochemical processes has a
substantial influence on the properties and morphology of the expanded austenite layer formed.
In particular, many researchers have pointed out that the presence of strong nitrides forming elements such
as Mo, Cr, Ti, V, Nb and Mg is necessary for the formation of and stabilization of expanded austenite.
These elements increase the diffusivity and solubility of the interstitial N and C, hence contributing to the
supersaturation of the austenite matrix [101–106].
The absence of Cr [106,107] and Mo [103] in Ni-based alloys leads to very low interstitial concentration
(1%) or no expansion of the f.c.c. crystal lattice and instead causes the precipitation of nitrides or carbides.
It is reported that low-temperature surface engineering of Fe-Ni and Fe-Mn alloys doesn’t allow the
formation of any expanded phase [108]. This effect is due to the very low solubility of the interstitial N and
C in Ni and Mn and confirms how the presence of nitride-forming elements is a necessary prerequisite for
the formation of expanded austenite. On the other hand, presence of Ni and Mn in stainless steel doesn’t
have a negative influence on the formation of expanded austenite.

1.8 Techniques
The first indication of the synthesis of expanded austenite can be tracked back to the early 1960s where a
thin carbon saturated layer was formed as a “corrosion product” in stainless steels used in nuclear power
production. Stainless steel was used to manufacture liquid-metal fast-breeder reactors (LMFBR) and the
carbon impurities contained in the liquid sodium, used a cooling agent, were responsible for the unwanted
carburizing reaction [1].
The first indication of nitrogen expanded austenite as a very thin transition zone between a chromium
nitride zone and austenite was reported by Lebrun et al [109] in 1972 as the a results of plasma nitriding at
temperatures above 500 °C.
After this, Zhang and Bell succeeded in the synthesis of a 20μm thick layer through plasma processes [2].
In the following decades several other processing techniques, such as gas processes, magnetron sputtering,
ion implantation and liquid thermochemical treatments proved to be successful methods for the formation
of expanded austenite.
In the following sections, a brief description of the most used processes will be given.

1.8.1 Plasma process
Plasma processes are widely used since the mid-1980s for the formation of expanded austenite [2,4,5].
Among the processes most frequently used for low-temperature thermochemical engineering, it is possible
to find direct current plasma (DC) [110], pulsed plasma [73,98] and radio frequency plasma [111–113].
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The main advantage of plasma processes is related to the sputtering effect, which removes the passive oxide
layer present at the surface of stainless steel and allows the insertion of the active interstitial N and/or
C [114].
Direct current plasma is the most used of the plasma processes; however, there are some limitations to its
widespread industrial application mainly related to the non-uniform temperature distribution in the
chamber and non-uniform electric discharge which then results in an inhomogeneous expanded austenite
layer [113].
The treatment of complex geometries is also an issue in DC plasma processes; in fact, due to the
inhomogeneous temperature and glow discharge it is possible to reach temperatures higher than the
processing temperature in proximity of sharp edges, thus provoking precipitation of nitrides and/or
carbides which impair the corrosion resistance of the component [115,116]
More recent plasma techniques such as pulsed DC, Plasma RF and in particular active screen plasma
thanks to the use of an applied cathodic potential in the metallic mesh, hollow cathodes and cathodic
heaters, allows to limit plasma disturbances and temperature gradients, thus producing a more
homogenous surface layer [84,117] (Fig. 1.17).

Figure 1.17: schematic of active plasma unit [38].

1.8.2 Ion implantation
Ion implantation technologies have been used for the production of expanded austenite layers at the surface
of stainless steels, however the maximum thickness obtained with this processes is limited compared to
plasma and gas processes.
In this technology, used from the 1970s, high-energy ions are implanted below the materials’
surface [118,119]. The energy of the ions is significantly higher than the one used in the plasma processes
and ranges from tens of KeV to several hundreds of KeV depending on the process used [38].
Conventional ion implantation processes on stainless steels allow the formation of a layer of expanded
austenite with a thickness of 100-200 nm only [120]; whilst if the process is carried out at higher
temperatures (400°C), the interstitial atom diffusivity is increased and a thicker expanded austenite layer is
obtained [106].
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A combination of ion implantation and plasma thermochemical alloys proved to increase the effectiveness
of the ion implantation technology [27,121,122] but the thickness of the layer is still very limited compared
to other processes.

1.8.3 Gas process
Gaseous nitriding carburizing and nitrocarburizing have been extensively used for low-temperature surface
engineering of stainless steels and proved to offer several advantages compared to plasma and ionimplantation techniques in particular with respect to process control, materials handling and geometrical
constraints.
Gaseous processes do not introduce additional surface defects such as, self-interstitials, vacancies and
redisposition of sputtered atoms and, by controlling the nitriding potential, it is possible to control the
amount of interstitials dissolved at the material´s surface (Fig. 1.18).

Figure 1.18: GDOES profiles on nitrided AISI 316 at different nitriding potentials [25].
The gas mixtures commonly used for the low-temperature gaseous processes are NH3/H2 for nitriding and
CO/H2(/H2O) or C2H2/H2 for carburizing. The gas partial pressures, which are directly connected to the
gas activities, define the so-called nitriding and carburizing potentials. These potentials are expressed as
/

/

for nitriding and

∙

/

or

/

for carburizing.

So far, the major limitation to the application of these gasses processes is related to the presence of a
passive oxide layer at the material´s surface which hiders the dissociation of the gasses and prevents the
insertion of the active species; therefore a pretreatment to remove this passive layer and activate the
stainless steel surface is necessary prior to gas nitriding and/or carburizing.
Several methods have been developed for surface activation of stainless steels including pretreatment in
halogen containing atmospheres [123,124], HCl gas at 250°C [125] and Plasma sputtering [126].
In 1999 Somers et al. developed a method for surface activation which involves chemical (Wood´s Ni-bath)
or electrochemical (NiCl2 electrolyte bath) stripping of the passive film and the subsequent
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electrodeposition of a thin (20nm) layer of nickel. The electrodeposited nickel layer prevents the formation
of the passive chromium oxide and catalyzes the dissociation of the gas into active species.
Subsequently Somers and Christiansen developed and patented a method for simultaneous activation and
low-temperature carburizing through the use of unsaturated hydrocarbons and hydrogen (C2H2/ H2) [127].
This method proved extremely efficient in the removal and breakdown of the oxide layer present at the
material´s surface thanks to the formation of radicals. By controlling the gas mixtures it was possible to
control the carburizing potential (

/

) and therefore activate the surface of the material; this

allows to tailor the properties of the resulting case in one operating step.
More recently, they developed a method for in situ-surface activation also for nitriding processes; these
proprietary procedures, owned by Expanite A/S, allow simultaneous activation and surface treatment with
no need for any material pre-treatment.

1.9 Low-temperature surface engineering of different stainless
steel classes
The excellent results and properties obtained through low-temperature nitriding of austenitic stainless steels
had encouraged the scientific community in investigating the formation of an expanded phase in other steel
classes such as precipitation hardening, martensitic and duplex stainless steels. In particular precipitation
hardening stainless steels offer the possibility of simultaneous bulk and surface hardening because of the
precipitation of hard phases occurring during the nitriding process [128].
However, no extensive research in the field has been carried out so far and the nature of the expanded
phases formed after the thermochemical process is still under discussion.
Kochmanski et al. [129,130] observed the development of  and ’ nitrides in PH 17-4 stainless steel after
gaseous nitriding at 410°C whereas Kim at al. [111] recorded the formation of an expanded phase after
nitriding a martensitic AISI 420 stainless steel for 4 hours at 400°C. The XRD analysis revealed a peak shift
to lower angles but the absence of the 200 peak suggested that this phase could not be expanded austenite
but rather expanded martensite formed during the process.
Light optical microscopy analysis revealed the formation of a layer with a significantly higher thickness
than the layer created in a conventional austenitic stainless steel (AISI 304) treated with the same
processing parameters; this effect is ascribed to the higher diffusion coefficient of nitrogen in martensite
than in austenite [46].
Dong et al. [131] performed a SEM and TEM investigation of the layer produced in PH 17-4 SS after
nitriding at various temperatures and their results show that the composition and properties of the nitrided
layer is highly dependent on the processing temperature. For temperatures lower that 420°C they recorded
the formation of a layer of both expanded martensite and expanded austenite. The expanded austenite
present in the layer is generated from the retained austenite present in the steel matrix prior to lowtemperature nitriding.
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1.10 Influence of plastic deformation and residual stress state on
the nitriding process
It is recognized that in industrial practice the nitriding of components with plastic deformation in the
surface region is the rule rather than the exception. As frequently observed in industrial practice, (severe)
plastic deformation leads to early development of CrN during nitriding (and, analogously, Cr-carbides
during carburizing); however, until now, no systematic study on the influence of plastic deformation and
residual stresses on low-temperature nitriding have been carried out.
To the current authors knowledge the influence of plastic deformation at the materials’ surface was only
studied by Thiriet et al. [67]. In this investigation it was shown that plasma nitriding at 350°C for 8 hours
on Inconel and AISI 316L leads to a significant increase in the layer thickness if severe plastic deformation
by ultrasonic shot peening is applied to the material surface prior to nitriding. The reported thickness
increase as consequence of shot peening prior to nitriding was from 1.7μm to 4μm for the AISI316L and
from 1.3 to 3.1 for Inconel. However, no explanation has been given for the observed phenomenon.
Furthermore no presence of CrN was detected for these nitriding conditions by XRD phase analysis.
Li et al. [134] investigated the influence of elastic tensile stresses on plasma carburizing on AISI 316 in a
range of temperatures form 400°C to 450°C. The tensile strain applied in situ during the carburizing
process was demonstrated to have a measurable influence on the layer thickness and properties, in
particular, an increasing thickness with the increasing applied load was observed for the carburized
samples.
However, the authors calculated the activation energy through Fick’s second law, assuming a constant
diffusion coefficient throughout the layer and without taking into account the effect of stresses and
trapping, and found that it decreases with increasing applied tensile load.
The external uniaxial tensile stresses applied to the samples during the carburizing process are believed to
be responsible for cancelling partially the compressive residual stresses introduced in the crystal lattice as a
consequence of the carbon dissolution and thus accelerating the diffusion kinetic of the interstadials in the
alloy.
However, they also observed that beyond a certain value of tensile stress, precipitation of CrC and M23C6
type carbides occurs in the carbon expanded austenite and grain boundaries, respectively. This effect is
ascribed to the activation energy for precipitation which is inversely proportional to the diffusion
coefficient.
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2.1 Introduction
Austenitic stainless steels are widely used in several industrial applications due to their excellent
mechanical and corrosion properties [1-3].The stability of the austenite phase is strongly dependent on the
material´s chemical composition.
The alloying elements used in stainless steels have specific influences on the final microstructure and phase
composition [3]. Depending on their effect, the various alloying elements are grouped into two main
categories: austenite stabilizing elements and ferrite stabilizing elements. The former is usually expressed in
terms of Ni-equivalent and the latter is described by a Cr-equivalent. Hence, by knowing the exact chemical
composition, it is possible to predict the final phase composition of the stainless steel (Fig. 2.1).

Figure 2.1: Modified Schaeffler diagram for high chromium steels. The diagram allows the predition of the
phase composition as fucntion of the Cr and Ni equivalent for stainless steels [4].
Ni is extensively used for the production of austenitic stainless steels, but in the past decades, due to its
high price, a general tendency for its substitution with other, less expensive, austenite stabilizers has been
recorded [5–7]. In this respect, it can be mentioned that nitrogen is a very potent austenite stabilizer and its
addition to the melt could lead to an important reduction of nickel content required for the production of
austenitic stainless steels [8].
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The effects of nitrogen as alloying element in stainless steel have been studied since the beginning of the
20th century [9] and, especially in the past decades, attempts were made to replace the expensive nickelbased stainless steels with high nitrogen steels [10,11].
Nitrogen decreases the tendency for the formation of martensite upon cooling and strain-induced
martensite upon deformation [12]

and offers many unique advantages compared to other alloying

elements in terms of mechanical properties and corrosion resistance. Nitrogen is a stronger solid-solution
strengthener than carbon or boron and enhances grain size strengthening [7,13]. Its addition in solid
solution allows a remarkable increase of the yield and tensile strength, up to 350% in the annealed
condition, compared to stainless steels of the AISI 200 and 300 series [12,14–16]. From a corrosion point
of view, it has been shown that nitrogen brings about an improvement of the pitting and corrosion
resistance [17,18].
Because of the above-mentioned favourable properties of nitrogen alloying, high nitrogen steels are
becoming an important class of engineering materials and are considered as suitable substitute for Ni-based
stainless steel in various industries where corrosion resistance and good mechanical properties are
required [10,11,19].
However, the main limitation to their use in industry is related to their production. The solubility of
nitrogen in liquid Fe and Fe-based alloys is extremely low at atmospheric pressure and therefore it is
difficult to obtain high nitrogen concentrations in the melt and maintain them in solution during
solidification [20,21].
Because of the challenges of nitrogen alloying, high melting pressure or powder metallurgy technologies
are often used for the production of high nitrogen steels (HSN).
In the following sections an overview of the properties of HNS and the most common production routes
for their production will be given.

2.2 Solubility of nitrogen
Solubility of gaseous nitrogen in liquid iron and iron-based alloys is the main obstacle for the production of
high nitrogen steels [14]. In general the nitrogen solubility is a function of the temperature and pressure of
the melt, and the alloy composition [20,22].
The solubility of nitrogen in liquid iron is 0.045% at 1600C at atmospheric pressure, but it increases at
higher pressure [20] (Figs. 2.2-2.3).
At low pressures, the nitrogen solubility follows Sievert’s law; i.e. the solubility is proportional to the
square root of the pressure. For high-pressures, there is a deviation from Sievert’s law, and the solubility
increases with the increasing pressure with a power less than ½ [20,22–24] (Fig. 2.3).
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Figure 22.2: Influencee of the pressu
ure on solubil
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An equation (Eq. 2.1) for the prediction on nitrogen solubility in wt%, as a function of the composition was
found by Speidel [5], showing excellent agreement with experimental data and empirical equation.
%N

0.067%Cr

0.02%Mn

0.04%Mo

0.01Ni

1

Equation 2.1

The addition of strong nitride-forming elements to the melt to increase the solubility of nitrogen, results in a
high-risk for precipitation of nitrides upon solidification. Chromium, abundantly present in the stainless
steel composition, shows a less pronounced tendency for nitride formation compared to elements such as
Ti, Zr, V and Nb but Cr2N grain boundary precipitation was observed in Fe-Cr-Ni and Fe-Cr-Mn alloys
during cooling or when the material is exposed to temperatures between 600C and 1050 C [8,25–27] .
However, in a Fe-Cr-Mn alloy, the precipitation kinetics of this type of nitrides is approximately ten times
slower compared to Ni-containing alloys. This effect is mainly related to the fact that nickel decreases
nitrogen solubility whereas manganese increases it [21]. For this reason, Ni is usually partially or entirely
replaced by manganese for the production of high nitrogen steel alloys.
The precipitation of secondary phases is highly undesirable as it impairs the mechanical and corrosion
properties of the steel, therefore it should be avoided or minimized. To this end rapid quenching is usually
employed during production of HNS in order to avoid precipitation of second phases.
Hence, the knowledge of the thermodynamics of the multicomponent system and the transformation
kinetics for the various chemical compositions of the alloys are a necessary prerequisite for the production
of high nitrogen steels.

2.3 Production techniques
2.3.1 High-pressure melting
The solubility of nitrogen can be increased by increasing the pressure of the melt and controlling the alloy´s
chemical composition. Nitrogen is usually inserted in the liquid melt in two different ways: (1)
decomposition of N2 gas at the gas-liquid interface and dissolution of atomic N or (2) addition and
remelting of stable nitrides to the melt.
Various high-pressure melting techniques have been developed through the years operating according to
these different mechanisms [10,19,28,29].
Hot-isostatic pressure (HIP) and pressurized induction furnace operate according to the first mechanism.
Through the reaction of nitrogen gas at the gas-liquid interface, atomic nitrogen is dissolved in the melt and
the maximum concentration obtained in the liquid alloy is a function of the operating pressure above the
melt. Because of the high concern for safety related to the very high operating pressure (up to 200MPa),
other techniques operating at lower pressures are usually preferred in industrial production.
Pressurized electro-slag remelting (PESR) is usually the most used technique for industrial production of
HNS. Nitrogen is dissolved in the melt by adding high-nitrogen additives such as FeCrN, CrN and Si3N4
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into the slag. It operates at lower pressures (42 MPa) compared to other processes and in this case the
pressure above the melt serves exclusively to keep the nitrogen in solution in the molten metal.

2.3.2 Powder metallurgy
Through powder metallurgy techniques it is possible to produce alloys with supersaturated levels of
interstitial nitrogen. Because of the higher solubility of nitrogen in the solid state than in the liquid state, it
is possible to obtain higher nitrogen levels compared to high pressure melting techniques [21]
The most common techniques for production of HNS with powder metallurgy methods are high-pressurehigh-temperature diffusion and pressurized gas atomization [14].
In high-pressure-high-temperature diffusion processes a hot-isostatic pressure furnace is used for the
diffusion of nitrogen in stainless steel powders. The amount of nitrogen dissolved is a function of the
operating pressure and temperature as well as the time and chemical composition of the initial alloys.
Stainless steel powders with a nitrogen level of 6wt% in solid solution were obtained through the use of this
technique in a Fe-18Cr-18Ni stainless steel [30].
For the gas atomization process, nitrogen is used as backfilling gas in the melt chamber and it is possible to
produce stainless steel powders with high nitrogen concentrations [14].

2.3.3 Solution nitriding
So far, high temperature solution nitriding is mainly used as a surface engineering process for the
dissolution of high nitrogen contents at the surface of martensitic, ferritic and duplex stainless steels.
This allows the creation of a nitrogen martensite case which is characterized by high hardness and excellent
wear resistance [19,31].
The dissolution of N through high temperature solution nitriding is also used for the thin-walled
component for the conversion of commercially available stainless steels into high nitrogen steels and can be
applied to several stainless steel classes.
As for the powder metallurgy process, the dissolution of nitrogen occurs in the solid state, where the
solubility is higher.
The annealing procedure is performed in a nitrogen gas atmosphere and followed by inert gas quench to
room temperature in order to maintain the dissolved nitrogen in solid solution and avoid formation of
nitrides.
The amount of nitrogen that can be dissolved in the alloys is a function of several parameters including
time, temperature, partial pressure of N2 gas and chemical composition of the alloys.
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2.4 Properties of HNS
2.4.1 Stabilization of austenite
Nitrogen is a very effective austenite stabilizer and it increases the austenite stability more effectively than
other substitutional elements such as nickel or manganese. The effect of nitrogen on the formation of
martensite upon cooling and deformation has been widely investigated in the literature [12].
In all the expressions to calculate the martensitic start temperature and the strain-induced martensite
temperature, the nitrogen contribution is significantly higher than other alloying elements [5].
In this respect, the martensite start temperature is reported to decrease more than 1500C while the straininduced martensite temperature is also reduced about 250C for nitrogen addition of 1 %wt [32].

2.4.2 Yield strength
The influence of substitutional elements on the yield strength (YS) of stainless steels is usually negligible or
in some cases even negative (e.g. Ni). However the presence of interstitials such as C, B and in particular N
allows a considerable increase of the yield strength [12].
Nitrogen is the most effective solid solution strenghtener of all the interstitial atoms used for stainless steel
alloying [16] because it locks dislocations more efficiently than other interstitial elements, thus resulting
into a greater obstacle for dislocation slip [33].
Its contribution to the marked increase in the flow stress is mainly due to two effects: solid-solution
strengthening and grain-size strengthening.
The YS and ultimate tensile strength (UTS) at room temperature increase linearly with the increasing
nitrogen content (Fig. 2.5) without compromising the steel ductility [15].

Figure 2.5: Increase of YS and UTS as function of the dissolved nitrogen [14]

In HNS the grain-size hardening effect (Hall-Petch slope) increases proportionally to the nitrogen content.
Werner et al. [7] found that an increase of 400 MPa in the YS is obtained in a steel with 0.6 wt% N when
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decreasing the grain size from 100μm to 10μm, whereas a much less pronounced increase (100Mpa) is
found for 0.6 wt% C.
Because of the reasons listed above, the yield strength of HNS could be significantly augmented by cold
deformation [34]. The presence of nitrogen increases the ability of austenite to be strengthened by
deformation and it causes an increase of the strain hardening rate and strength coefficient, whereas no
significant variation of the strain-hardening exponent was found [35].
Since heat-treatment cannot be applied in single phase materials, cold working is a very efficient way to
obtain high YS materials and it is a widely used technique for hardening of HSN [14].
A marked increase in the yield strength with the increasing nitrogen content is also observed at cryogenic
temperatures, however, if Mo and Ni are not present in the alloy, a significant embrittlement and thus a
ductile-to-brittle transition is observed [36–38].
The strengthening effect of nitrogen is lost at higher temperatures; HNS in fact exhibits a decrease in the
YS in the range of temperatures from 250C to 600C Fig. 2.6 [13].

Figure 2.6: Dependence of the YS as function of temperature and nitrogen content [14].
The high strain hardening effect observed in HNS can be related to the dislocation structure produced upon
plastic deformation. The dislocation structure created in high nitrogen steels differs greatly from the one
observed in stainless steels not containing nitrogen. In the austenitic stainless steel of the 300 series a
homogenous cellular dislocation structure as a result of plastic deformation is usually observed [39,40].
In HNS however, planar dislocation structures are observed [39,40]. This type of dislocation favours
planar slip over cross-slip and thus leads to an enhanced strain hardening effect.
The preferential dislocation structure formed upon straining in HNS material is a direct consequence of: (1)
lower stacking fault energy due to addition of nitrogen which reduces the tendency for cross-slip and
climbing of dislocation and (2) short range atomic ordering occurring between Cr and N atoms [39–42].
In particular this second effect is due to the fact that the stronger Cr-N bond as compared to Fe-N and Ni-N
bonds, therefore nitrogen resides preferentially in proximity of a Cr atom. Short range ordering increases
the flow-stress due to the disruption of the local ordered structure.
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2.4.3 Creep and fatigue
So far, the influence of nitrogen addition on the fatigue and creep resistance has been studied for nitrogen
contents lower than 0.4 wt%; no data on HNS (N>0.4 wt%) could be found [14].
However, it has been demonstrated that even small nitrogen additions have a beneficial effect on both the
creep behaviour and fatigue resistance [43–47].
For nitrogen-alloyed steels, it was possible to observe a decrease of the minimum creep rate and an increase
of the rupture strength with increasing nitrogen contents even for high creep temperatures (1000 °C) [43].
At the investigated nitrogen concentrations, the increase of the creep resistance was attributed to the
presence of nitrogen that inhibits carbide precipitation and favours planar slip. The suppression of cross-slip
prevents subgrain formation, thus leading to a more homogeneous dislocation distribution.
Despite the results on stainless steel containing nitrogen up to 0.4wt% show the positive effect of nitrogen
addition in creep resistance, the creep behaviour of HNS steels has not been investigated in detail.
However, it is believed that the higher tendency for nitrides formation in HNS at the creep temperatures
may affect the material´s performance. The stability of the alloy, and the effect of nitrides formation on the
strength and flow properties will then determine the creep behaviour of the steel [14].
The more homogenous dislocation structure developed upon deformation is also believed to be responsible
for the improved fatigue life compared to austenitic stainless steels not containing nitrogen [45].
The probability for strain localization and crack initiation is lowered. In addition greater slip reversibility is
promoted, thus preventing the formation of persistent slip bands which will favour crack growth.

2.4.4 Corrosion properties
Austenitic stainless steels are well known for their excellent corrosion resistance due to the formation of a
dense chromium oxide layer at the surface of the material [48]. However, it is sensitive for localized
corrosion attacks such as pitting and crevice corrosion. In general the resistance of stainless steels to
localized corrosion can be increased with the addition of elements such as Mo and N. In this respect,
nitrogen is more efficient than the other substitutional elements and has been proven to increase
significantly the resistance to localized attacks.
The steel resistance to localized attacks is usually measured with an index known as PREN (pitting
resistance equivalent number). This index is a function of the weight % of the alloying elements present in
the alloy and it expressed as follows:
PREN

%Cr

3.3%Mo

x%N

Equation 2.2

with x ranging from 13 to 30 [17,49]. In general the factor for nitrogen contribution is set to 16 and in the
plot of the pitting potential as function of the PREN number, a plateau maximum is reached for PREN
number higher than 33 [48,49].
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Another index used for the prediction of resistance of stainless steels to localized corrosion is the MARC
index; compared to the PREN number, the MARC index takes into account the influence of more alloying
elements such as carbon, manganese and nickel [50–52]. The expression for the MARC number is the sum
of the various contributions in weight % and is expressed as follows:
MARC

%Cr

3.3%Mo

20%N

20%C

0.5Mn

0.25Ni

Equation 2.3

In both cases, it is possible to observe that nitrogen addition has a significant effect on the resistance to
localized corrosion.
The influence of nitrogen addition on the corrosion properties of several stainless steel grades in various
acidic and Cl--containing solutions has been widely instigated in the literature [53–57].
The effect on the critical current density (icrit) has not been fully understood since some researchers claim
that nitrogen lowers the critical current density whereas others state that it has a negative or no effect.
However a systematic increase in the pitting potential has been observed with increasing nitrogen content
in the alloy [53,58–64].
Speidel performed a series of tests on the critical pitting corrosion temperature in a 22wt% NaCl solution
for various alloys [65]. The results of the potentiodynamic measurements confirmed that the critical
temperature, defined as the temperature at which the localized attack is observed, increases with the
increasing nitrogen content, thus confirming the strong effect of nitrogen on improving the steel´s pitting
resistance (Fig. 2.7)

Figure 2.7: Critical pitting potential temperature for various alloys with increasing nitrogen content [66].
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Furthermore, a study of the crevice corrosion behavior of HNS carried out with immersion tests at various
temperatures in a 6% FeCl3 solution showed an increase of the resistance to crevice corrosion with
increasing nitrogen content in the alloy.
These experimental results enable the authors to find a good correlation between the MARC index and the
critical pitting and corrosion temperatures (Fig. 2.8). The relationships for the calculation of these critical
temperatures with the MARC index are expressed as follows:
3.5 ∙

65

in °C

Equation 2.4

3.5 ∙

112

in °C

Equation 2.5

Where TCCC and TCPC are respectively the crevice and pitting critical temperatures.

Figure 2.8: TCCC and TCPC for various stainless steels as function of the MARC index [66]
Several theories have been proposed to explain the increased resistance to localized corrosion: (1) Presence
of high concentration of nitrogen at the steel/passive film surface stabilizing the passive film and
suppressing dissolution [67–71]; (2) formation of NH4+ ions at the film/solution interface, neutralizing the
acidity in the pit and thus promoting repassivation [54,72]; (3) formation of NO3- (nitrate) ions that allow
an improvement in the pitting resistance [73]; (4) austenite-stabilizing effect of nitrogen [12,14].
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XPS and AES measurements confirmed a high nitrogen concentration at the interface between the
passivation film and the metal [67–69] and also the presence of NH4+ ions in the pits [74].
The research on the influence of nitrogen in stainless steels in non-pitting environments has not received
the same attention. It has been reported that nitrogen addition does not have a significant effect on the
material´s performance and corrosion rate.
Kearns et al. [75] found that nitrogen addition allows a slight decrease of the corrosion rate in various
acidic solutions (nitric acid, phosphoric acid, acetic acid, formic acid, oxalic acid) but in sulfuric acid the
corrosion attack is more pronounced as the nitrogen concentration in the steel increases.
However, Sakamoto et al. [76] investigated the corrosion behaviour of stainless steels containing 2325%Cr-7-14%Ni-0.5-1.5%Mo with 0.1%N and 0.38%N and found that the corrosion rate in boiling sulfuric
acid solution (5%) is reduced for higher nitrogen content.
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Residual Stresses and Stress Analysis by X-Ray Diffraction

3.1 Introduction on Residual Stresses
Residual stresses are defined as stresses present in a material independently from the outside forces and
whose average, taken over the material´s cross section, is zero. These stresses are usually generated in a
material as a consequence of elastic or plastic deformation due to incompatibilities in the state of
deformation [1].
It is well established that residual stresses are present in every material component or structure, as a
consequence of the various technological treatments and manufacturing processes [2,3]. These residual
stresses can be deliberately introduced in the material, or can be a direct consequence of the material
processing. Usually, their presence can have significant consequences on the behaviour of the final
component.
Residual stress (RS) can be classified into three different families: stresses of 1st, 2nd and 3rd kind [1,4] (Fig.
3.1). RS of 1st kind are also referred as to as macrostresses (RS-macro) and stresses of 2nd and 3rd kind are
denoted as microstresses (micro-RS).
RS of 1st kind () are defined as nearly homogenous across large areas and in general can be in equilibrium
over the total material volume (V). An alteration or release of the residual stresses of 1st kind can cause
variations in the material geometry.
1

Equation 3.1

RS of 2nd () kind are homogenous over a microscopic area and can be defined as the mean deviation
from the macro stress level. Its average values taken over all crystallites domain is zero.
1

Equation 3.2

RS of 3rd () are position dependent deviations from the average stress within a crystal and in general can
be defined as inhomogeneous over sub-microscopic areas i.e. within a single grain. The average of III over
all the crystallites is zero.
Equation 3.3
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The diagonal components, ii and ii, represents the normal stresses and strains respectively and they act
perpendicularly to the faces. The non-diagonal components of the matrixes, ij andij, where i≠j, act
parallel to the face and are shear stresses and shear strains respectively. Because of the symmetry in a cubic
system ij=ji and ij=ji, only 6 of the 9 components are independent and therefore sufficient to describe
the stress and strain at point in the material.
When certain stresses are applied to a material, the strains are a function of the material´s elastic properties.
The total strain experienced by a material can be described as the sum of the elastic and plastic component
Equation 3.5
From sufficiently small elastic stresses a linear dependence between stresses and strains can be found.
~

Equation 3.6

This relationship is commonly described by the Hooke’s law and in the one-dimensional case the
proportionality factor is the Young´s modulus E. In general, the relationship between the stresses and
strains matrix is described by a 4th rank tensor of elastic stiffnesses. This matrix consists of 34=81
components cikjl.
Equation 3.7
Because of several symmetry elements, the number of independent components in the stiffness matrix in an
isotropic material in a cubic system is reduced from 81 to 3. The inversion of this equation (Eq. 3.7) yields
the generalized Hooke’s law in the form, where s is the elastic compliance tensor and is the inverse of the
stiffness tensor.
Equation 3.8

3.3 Elastically isotropic material
X-ray measurements allow the determination of lattice strains in a crystalline material by measuring the
interplanar spacing in the different directions. In general, according to Bragg’s law, it is possible to observe
interferences in those directions where the scattering vector coincides with a vector of the reciprocal
lattice [7].
2

sin

Equation 3.9

where d is the interplanar spacing; hkl the Miller´s indices; 2 is the Bragg angle and n is the order of the
interference, which is directly connected to the specific Miller´s indices. Therefore by measuring the d
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spacing at the specific 2angle and by knowing the position of the stress-free lattice spacing, d=0, it is
possible to calculate the strain as:
Equation 3.10

Figure 3.3: diffraction of the X-rays at the lattice plane of the crystallite [3].
In polycrystalline materials, several crystallites will contribute to the interference line depending on the
specific hkl plane and only the crystallites whose orientation is perpendicular to the measurement direction
will diffract. Furthermore the contribution of the crystallites to the interference line depends on their depth
below the material´s surface: the crystallites closer to the surface have the stronger contribution while the
ones deeper in the material will contribute to a lesser extent to the diffracted intensity.
Therefore, the position of the diffracting line is a function of the average d spacing value over a certain
measurement volume.
exp
exp

Equation 3.11

XRD measurements are commonly performed in the laboratory system (L1, L2, L3) while the stresses are
described in the specimen system. The transformation from one system to the other is described by a matrix
with the direction cosines of the 2 angles (between the axes of the new and old axes system.
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Figure 3.4: Position of the laboratory system relative to the specimen system [3].
Therefore, the strain measured in the direction m that in the specimen system is given by the two
anglesand correspond to the ’33 of the laboratory system.

〈

′〉

Equation 3.12

 can be expressed as the projection of the strain tensor in the measurement direction within the specimen
system:
〈

〈

〉
〈

〉

〈

〉

2

〈

〉

〈

〉

〉

〈
2

〈

〉

Equation 3.13
2

〉 represents the average strain component of the different crystalline domains contributing to the

specific hkl interference line. Assuming that the material is elastically isotropic and that the strain ij is
homogenous in the region of penetration of the x-rays, Hooke´s law can be applied:
1

Equation 3.14

where E is the Young´s modulus, is the Poisson’s ration and ij is the Kronecker delta
The relationship between

and

can be now described as follows:

½
½

2

2

2

With the macroscopic elastic constants, ½
½

1
0

and
,

]

Equation 3.15

, defined as:
Equation 3.16
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The equation defines the stress-strain relationship for an elastically isotropic body. However, as stated
before in the section, the interference line is the result of the contribution of several crystalline domains.
Therefore the elastic behaviour of the crystals, due to the anisotropy, may differ from the macroscopic
elastic behaviour. The macroscopic elastic constants are replaced by x-ray elastic constants, depending on
the specific {hkl} plane [8]. On these assumptions the equation becomes:

½
½

2

2

Equation 3.17

2
]

3.4 Biaxial Stress State
In the case of elastically isotropic surface engineered materials, it is common practice to assume a state as
rotationally symmetric biaxial stress. Therefore the stress components normal to the surface can be
assumed as zero [9].
0,

Equation 3.18

//

Under these conditions Equation 3.17 can be rewritten as follows:
½

2

//

Equation 3.19

//

Or, in terms of lattice spacings as:
½

2

//

Equation 3.20

//

, the so called strain free lattice spacing is obtained by equating Equation 3.19 to zero. The lattice
strain-free spacing is found in the direction

from:
2
½

Equation 3.21

For a rotationally symmetric biaxial stress state, it is possible to apply the sin2 method and obtain the
value of the residual stresses present in the material. By plotting the d-spacing d as function of different
sin2angles (Equation 3.20), and by knowing the right X-ray elastic constants (XEC), it is possible to
extrapolate the value of the stress from the slope of a linear dependence of
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on

.

3.5 Information Depth
Thermochemical surface engineering processes for surface modification introduce residual surface stresses
which are generally associated with the introduction of a stress and a composition gradient. The presence
of gradients has to be taken into account in the stress quantification method else it will lead to a wrong
estimation of the stress state.
〉 determined with the x-ray diffraction experiments is the diffracted intensity-

In fact, the lattice spacing 〈

weighted average over a depth z

〈

〉

Equation 3.22

where t is the layer thickness, (E) is the linear absorption coefficient and k is the absorption factor. The
formula for the absorption factor K is dependent on the diffraction geometry, the Bragg angle 2θ and the tilt
angle 
Hence the lattice strain calculated over the diffracting volume is obtained as follows:

〈

〉

〈

〉

〈

〉

1

1

Equation 3.23

This lattice strain, which is calculated from the strain and unstrained lattice spacing over a defined depth, is
often attributed to apply at a certain depth1, defined as:

〈 〉

∙

1
1

Equation 3.24

This so-called information depth in a symmetric geometry configuration is strongly dependent on the Bragg
angle θ and the tilt angle  This significant variation in the presence of steep composition and/or stress
gradients can lead to a wrong estimation of the real stress state over the investigated depth. However, by
applying the grazing incidence mode (asymmetric geometry) it is possible to limit the penetration depth to
a shallow region at the material´s surface and hence limit the mistake made.
The application of a fixed shallow grazing incidence angle limits significantly the information depth, while
by tailored variation of the incidence angle with the tilt angle a constant information depth can in principle
be achieved.
When applying grazing incidence mode, it has to be taken into account that the lattice planes are probed in
a direction that is tilted with respect to the surface normal even for no actual  tilt. The effective tilt angle
therefore is given by:
1

Note that it does not generally hold that the absolute value of strain obtained in Eq. 3.24 exists at the
information depth.
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cos

Equation 3.25

Where  is the tilt angle in the laboratory frame of reference. Hence, asymmetric geometry setup does not
require correction procedures, which would have been the case for measurement in symmetric geometry
mode, where gradients may strongly affect the obtained lattice spacings.
However, investigation of the ghost stresses in expanded austenite [10] proved that, even for this
evaluation method and for this shallow penetration depths, ghost stresses can exceed 1GPa due to the
presence of very steep concentration gradients.

3.6 X-Ray Elastic Constants
For any practical applications of diffraction stress analysis, the knowledge of the X-ray elastic constants is a
prerequisite for the determination of the stress-state of the material. Generally the X-ray elastic constants
(XEC) can be quantified by measuring in a diffractometer the lattice parameter variation with an applied
known load stress. This technique provides a direct estimation of the X-ray elastic constant of the material,
but due to the great difficulties in the experimental procedure it is rarely used. Generally the materials XEC
can be extrapolated from a single-crystal elastic constant through the use of grain interaction models
(GIM).
Several grain interaction models have been proposed in literature [11] . The Voigt [12] and Reuss [13]
grain interaction models are considered the two extremes. The first one assumes that the strain distribution
is homogenous in the specimen while the latter assumes that the stress tensor is equal for all crystallites.
The two extreme cases of the grain interaction model in polycrystals were proven by Hill to set the upper
and lower bounds for the mechanical elastic constants. The Neerfeld-Hill model [14,15] suggests that the
arithmetic average of the Voigt and Reuss models is in better agreement with the experimental data.
The Vook-Witt and the inverse Vook-Witt models [16] include extreme grain interaction assumptions
along the two considered principal directions. For special conditions at the free surface the Vook-Witt
model assumes equal strains in the surface plane and zero stress perpendicular to the surface while the
inverse Vook-Witt model assumes equal strain perpendicular to the surface and equal stresses in the surface
plane.
Eventually in the Eshelby-Kröner model [17,18] the crystallites surrounding an individual crystallite are
conceived as an elastically homogenous matrix with the elastic properties of the entire polycrystal.
The values of the single crystal elastic constants are therefore essential for the calculation of the X-ray
elastic constants for polycrystals irrespective of the grain interaction model adopted.
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3.6.1 XEC and GIM for Expanded austenite
So far, single crystal elastic constants have not been determined for expanded austenite; therefore, the
elastic constants reported for stainless steel Fe-12%Cr-12%Ni are often used [10,19,20]. This limits
significantly the accuracy of the residual stress state calculated in the expanded austenite case.
It has been proved that the presence and the amount of interstitial atoms in solid solution has an enormous
influence on the X-ray elastic constants. In nitrogen free austenite E200<E111, while for nitrogen expanded
austenite it has been found that the elastic modulus for the 200 reflection is higher than the one of the 111.
Furthermore, the ratio between the elastic modulus of the different reflections (E200/E111) grows
substantially with the growing content of dissolved atoms [10]. These results strongly indicate that the
amount of interstitials has definitely a considerable influence on the material´s elastic constants.
In previous research activities [20–22] the XECs of stainless steel Fe-12%Cr-12%Ni calculated with the
Elhelby-Kröner model were often used for the evaluation of the stress profiles in expanded austenite cases.
However, the significant discrepancy in the stress distribution between the analysed peaks suggested that
this method is not reliable for a correct determination of the residual stress profiles, since if the model is
correct, a fair correspondence between the different reflections probed should be obtained.
More recent work [10] pointed out that among the different grain interaction models, the Reuss GIM gave
a fair correspondence between the 111 and 200 reflections for both the stress profiles and the strain free
lattice parameter.
In the present work, the X-ray elastic constants of Fe-12%Cr-12%Ni and ’-Fe4N (Table 1) were calculated
using the Reuss grain interaction model and used for the evaluation of residual stresses in expanded
austenite. The comparison between the two materials was performed because of similarity in the crystal
structure of austenite and ’-Fe4N but the significant difference in elastic compliances due to the nitrogen
content.
Moreover, the Reuss model was selected because of the good correspondence of the obtained stress profiles
for the 111 and 200 family planes in previous research works [10].

3.7 Stacking Faults
The presence of residual plastic deformation and residual stresses in metal and alloys influences the peak
broadening, but also the position of the diffracting lines [3]. The fundamental work on this subject, carried
out by Warren [23], Paterson [24] and Wagner [25], confirms that the stacking fault type and stacking
fault density may provoke a shift of the diffraction line, in particular in f.c.c. crystals.
Staking faults are considered as faults in the ideal sequence of close packed planes, which in the case of an
f.c.c crystal is ABCABC (Fig. 3.5a). Plastic deformation and the resulting slip in the (111) plane generates a
fault in the stacking sequence according to which that the B layer in the staking sequence becomes a C
layer (Fig 3.5b). The shift of each layer sequence after the first faulted layer (Fig 3.5c) produces a twin fault.
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Figure 3.5: (a) Ideal sequence of closed pack layers in f.c.c. crystals, (b) deformation stacking fault, (c) twin
fault [3]

The presence and type of faults in the stacking sequence has a considerable effect on the position and shape
of diffraction peak. Deformation stacking faults cause a symmetric broadening and a shift of the diffraction
line [24] while twin stacking faults are responsible for asymmetric line broadening but their effect on the
shift of the diffraction line is negligible [23].
The shift in the peak for a polycrystal where all the interferences {hkl} are observed at the same time, is the
average values of the shift for each single reflection and it is defined by:
〈∆ 2
Where  is the Bragg angle,

270

〉

〈

〉

tan

Equation 3.26

is the stacking fault probability,  is the angle between the (hkl) plane and the

(111) plane, lo=(h2+ k2+ l2)½ and j is the fraction of faulted planes. The sign of the shift is defined by the
relation:
|

|

3

1

Equation 3.27

Because of this, according to the different hkl reflections, the shift could be towards lower or higher 2
angles.
The peak shift associated to the presence of stacking faults is also responsible for the generation of fictitious
strains [26] which are defined as :
∓

where a is the lattice parameter.
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3
4

〈

〉

Equation 3.28

Table 3.1 reports the values of the 2 shift and the generated fictitious strains for several reflections.
Table 3.1: Peak shifts and fictitious strains for various hkl planes due to staking faults presence
〈∆

hkl reflection

〉∙

∙

111

3.95·tan

3.45·10-2

200

-7.90·tan

6.90·10-2

220

3.95·tan

-3.45·10-2

311

-1.43·tan

1.26·10-2

222

-1.97·tan

1.27·10-2

400

3.95·tan

-3.45·10-2

331

0.83·tan

-0.73·10-2

420

-0.79·tan

0.69·10-2

420

0

0

511

-0.33·tan

0.29·10-2

The effect of stacking faults on the peak broadening is due to the reduction of the coherently diffracting
domains in a polycrystal and provokes a symmetrical broadening for deformation stacking faults () or
asymmetric broadening in case of twin stacking faults (). The reduction of the coherently diffracting
domains is calculated as:
1

1

1.5
111

〈

〉

Equation 3.29

where D(111) is the lattice spacing of the 111 planes and  and are the stacking fault density for the
deformation and twin stacking faults respectively.
The presence of peak shifts, fictitious strains and also peak broadening due to stacking faults is therefore an
important parameter to take into account in the calculation of residual stresses. The misinterpretation of a
peak shift due to stacking fault presence with a strain induced shift, might introduce a significant amount of
ghost stresses which will then lead to a wrong interpretation of the residual stress state present in the
material.
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Overview of the Materials, Processes and Characterization
Techniques

In this section a brief overview of the processes, materials and characterization technique used in the
experimental activity will be given. Samples of the selected materials in the as-received of pre-treated
conditions were subjected to low-temperature nitriding and/or low-temperature nitrocarburizing.

4.1 Materials
The chemical composition of all stainless steel grades tested during the experimental activity is given in the
following table (Table 4.1).
Table 4.1: Chemical composition of the stainless steels used for the experimental activity as measured by
the suppliers

C

Si

Mn

Cr

Ni

Mo

N

Ti

Cu

Al

EN 1.4369

0.09

0.74

5.92

18.58

7.11

0.18

0.23

-

-

-

AISI 304

0.08

0.75

2.0

18.5

10.5

-

-

-

-

-

AISI 304L

0.03

0.32

1.78

18.28

8.08

-

-

-

-

-

AISI 316

0.07

0.4

1.6

17

10.55

2

0.05

0.008

0.26

0.34

11.72

8.8

3.82

-

0.86

1.88

0.35

Sandvik
Nanoflex®

The materials tested differ for chemical composition, mechanical properties and particularly, austenite
stability.
The chemical composition of the EN 1.4369 SS resembles the one of AISI 201 and like the stainless steels
of the 200 series, the content of expensive nickel is reduced compared to the alloys of the 300 series.
In order to obtain stable austenite in the alloy of the 200 series, manganese and nitrogen are used as
alloying elements. In particular nitrogen, which is a strong austenite stabilizer, also prevents the formation
of strain-induced martensite upon deformation.
AISI 304, 304L and 316 were used as reference materials because of their importance in several industrial
applications and the extensive study carried out on their behaviour upon nitriding.
Sandvik Nanoflex is a metastable precipitation hardening stainless steel. It´s stability at room temperature
is function of various parameters such as annealing conditions, temperature and applied mechanical load.
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The martensite start temperature, defined as the temperature at which martensite forms instantaneously
during cooling, is reported to be 83K. However the formation of isothermal martensite has been observed
even at room temperature depending on the material processing conditions.
The precipitation hardening effect in Nanoflex is achieved through the precipitation of Cu-clusters, as well
as the ordered intermetallic phases Ni3(Ti,Al) and Ni3Mo and Fe2Mo (Laves phase) from the martensite
matrix.

4.2 Pre-treatments
4.2.1 Annealing
Annealing treatments were performed on different steel grades in order to obtain specific phase
compositions at room temperature and study their influence on the subsequent nitriding process.
In all cases, annealing experiments, including heating and cooling, were performed in a horizontal tube
furnace with a protective argon atmosphere. Cooling was achieved by moving the sample to a cold part of
the furnace. Treatment time and temperatures were adjusted according to the different samples tested.
The temperature during annealing was controlled throughout the entire process with a type K
thermocouple, positioned in proximity to the samples.

4.2.2 High-Temperature Solution Nitriding
High-temperature solution nitriding was employed in order to create high nitrogen steels from
commercially available stainless steel grades. This treatment is a commercial process provided by the
company Expanite A/S [1,2]. Various samples were treated at a temperature of 1150°C for 4 hours in a
N2-gas atmosphere.
Three different N2-gas pressures (0.3 bar, 0.6 bar, 0.9 bar) were used in order to produce samples with
different nitrogen contents. At the end of the process, high-pressure gas quench was applied to avoid the
formation of nitride precipitates during cooling.
Through this treatment it was possible to produce samples with uniform nitrogen content.

4.2.3 Plastic Deformation
In this experimental series, the materials were plastically deformed at various strain levels using different
deformation techniques in order to study the influence of the degree and type of plastic deformation on the
subsequent thermochemical process.
Tensile test were performed on an Instron ASM tensile test machine with a load capacity of 100kN and the
tensile test specimens were cut from plate material in accordance with ASTM standard E 8M-04 [3]. The
tensile loading direction was chosen parallel to the rolling direction of the plate and the deformation was
obtained applying a strain rate of 6.67*10(-3) s-1.
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Shear deformation tests were performed by M2i - University of Twente. The geometry of the shear samples
is described in [4] and the shear direction was chosen perpendicular to the rolling direction in the plane of
the plate.
Plane strain deformation mimicking the rolling process was performed reducing the thickness of a slab
applying compression onto the metal slab with two dies. Plane strain compression was performed on
specimens with standardized dimensions (40x100x5)mm3 [5].

4.3 Surface treatments
Irrespective of the pre-treatment, the surfaces of all the samples subjected to nitriding was ground and
polished until 3μm finish and subsequently electro-polished in order to remove the plastic deformation. The
electro-polishing was carried out in a “Struers Polectrol” apparatus using a “Struers electrolyte A2” with an
applied potential of 20-30V and a current density of 1-2A/cm2.

4.3.1 Low-temperature thermochemical processes
Low-temperature nitriding and nitrocarburizing were performed on different steel classes in different
processing conditions in order to investigate the influence of the material´s phase composition and the
degree of applied plastic deformation on the case produced during the thermochemical treatments.
The experiments were performed in an industrial LAC annealing furnace model PKRC 55/09 retrofitted
for gaseous nitriding under gas circulation.
All the nitriding experiments were performed in ammonia gas atmosphere at atmospheric pressure. In all
cases the ammonia flow was set at a maximum and kept constant for the entire nitriding process through
the use of a flowmeter. Due to a certain, unknown, degree of dissociation of the ammonia gas in the
furnace, the exact nitriding potential was unknown
The nitrocarburizing experiments were performed in a propene/ammonia gas mixture. The gas flow was
kept constant for the entire treatment time.
For both processes the temperature during the entire procedure, including in-situ activation and cooling,
was monitored with a type K thermocouple, positioned very close to the samples.
The nitriding/nitrocarburizing temperatures and times were adjusted according to the different
experiments performed.
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4.4 Characterization
A brief description of the various techniques used for the characterization of the materials is given in the
following sections.

4.4.1 Microscopy – LOM and SEM
The samples´ cross sections were analysed with light optical microscopy and scanning electron microscopy.
The samples were ground and polished to 1μm diamond paste finish and, in order to reveal the materials
microstructure, they were etched with Kalling’s reagent no. 1 for 4-10s depending on the sample condition.
Light optical micrographs were collected using an Olympus GX41 operating in bright field and a Neophot
30 operated bright field light with 100x oil immersion planapochromate objective for optimal resolution.
SEM investigation was performed on ground and polished (1μm) samples using an Inspect S, FEI
microscope using an acceleration voltage of 15 keV and a beam spot size of 5 nm.

4.4.2 Hardness
The assessment of the hardness of the bulk and the nitrided case was carried out using a Future-Tech
FM700 instrument. For the bulk hardness evaluation a load of 2N was selected; the assessment of the
microhardness in the nitrided/nitrocarburized case, in order to measure the hardness profiles over the cross
section, was carried out applying a load of 0.05N.

4.4.3 X-Ray Diffraction
X-ray diffraction was extensively used in order to characterize the materials in the as received condition
and, after plastic deformation and thermochemical surface treatments.
All X-ray diffractograms were collected in a Bruker D8 AXS X-ray diffractometer equipped with Cr-anode
operating at a voltage of 40kV and a current of 40mA.
Phase analysis was performed in Bragg-Brentano symmetric geometry mounting a Göbel mirror in the
incident beam.
Grazing incidence at different angles (2.5°,5° and 7.5°) was applied in order to investigate the material
composition in the near-surface region and at different depths.
In both cases the step size chosen was equal to 0.03° 2θ and the counting time was 4s per 2θ step.
The lattice spacing profiling for residual stress analysis over the thickness of the hardened surface was
determined in grazing incidence geometry using point focus configuration and a vanadium window to
remove Cr K.
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The measurements were performed in a range of 55°-85° 2. This range was selected to include the 111 and
200 reflections of austenite and expanded austenite. The step size was 0.05° 2θ and the counting time was
6s per 2θ step.
The grazing incidence angle was kept fixed at a value =2° for all the tilting angles . Line profiles were
obtained for 5 values of angle (0°, 25°, 38°, 49°, 60°).

4.4.4 GD-OES
Composition-depth profiles of the nitrided and nitro-carburized cases was determined with Glow
Discharge Optical Emission Spectroscopy (GD-OES), using a Horiba Jobin Yvon GD profiler 2. The
plasma applied for controlled sputtering of the sample surface was 1000 Pa pressure and 40 W.
Concentration profiles of substitutionally and interstitially dissolved components were obtained using a
selection of stainless steel reference materials and ’-Fe4N on pure iron as a reference for nitrogen.

4.4.5 Corrosion Testing – Potentiodynamic Curves and Crevice Immersion Test
Corrosion properties were investigated with potentiodynamic polarization measured and crevice corrosion
immersion tests.
Potentiodynamic polarization measurements were performed at room temperature using an ACM
potentiostat (GillAC). A flat cell set-up with an exposed area of 0.95 cm2 of the working electrode (sample)
was used for the measurement. An Ag/AgCl electrode and Pt wire were employed as reference and
counter electrode, respectively. The open circuit potential (OCP) was monitored for 30 min prior to
conducting each polarization scan. The polarization scans were conducted in naturally aerated 0.1 M NaCl
solution of pH 5.2 ± 0.3. The current was measured as a function of the applied potential, which was
changed from -0.2 V Ag/AgCl below OCP to +1 V above OCP with a scan rate of 60mV/s.
The crevice corrosion performance of the materials was evaluated by immersion tests according to the
ASTM standard G48-11 [6]. A hole of 6mm was drilled in the centre of the samples with dimensions
5x2cm2. Two teflon crevice washers were applied on the two parallel flat surfaces of the sample and
tightened with bolts. Immersion tests were carried out at room temperature for 168h (1week) in a 3 wt.%
Fe3Cl solution of pH~1.
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5.1 Influence of plastic deformation on low-temperature
surface hardening of austenitic stainless steel by gaseous
nitriding.
This article was submitted September 10, 2014 and published on-line March 12, 2015 in Metallurgical and
Materials Transactions A, Vol. 46, Issue 6, pp. 2579-2590

Conclusions
The influence of phase composition and plastic deformation on the performance during low-temperature
nitriding of AISI 304 and EN 1.4369 were investigated (Table 5.1).
Plastic strain and deformation mode have negligible influence on the morphology and properties of the
nitrided case for EN 1.4369 whereas the formation of strain-induced martensite in 304 significantly affects
the properties of the layer created though low-temperature surface engineering.
It was found that the presence of strain-induced martensite prior to nitriding promotes a faster growth of
the case and promotes the formation of CrN.

Table 5.1: Combinations of material, deformation mode and nitriding temperature applied in this article. In
all cases nitriding was performed in ammonia at atmospheric pressure for 20h.

Material

AISI 304

EN 1.4369

Deformation
condition

Equivalent
strain

Undeformed
(annealed)

0

Tension

0.15, 0.30, 0.45,
0.50

Undeformed
(annealed)

0

Tension
Shear
Plane Strain
Compression

EN 1.4369

0.15, 0.30, 0.45,
0.50
0.15, 0.30, 0.45

Nitriding
temperature
[K (ºC)]
703(430)
728(455)

703(430)

0.3, 0.5, 0.7

Undeformed
(annealed)

0

Tension

0.15, 0.30, 0.45,
0.50

743(470)
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5.2 Influence of microstructure and process conditions on
simultaneous low-temperature surface hardening and bulk
precipitation hardening of Nanoflex®
This article was submitted February 24, 2015 and published on-line August 18, 2015 in Metallurgical and
Materials Transactions A, Vol. 46, Issue 11, pp. 2501-2516.

Conclusions
Nitriding and nitrocarburizing were performed on a precipitation hardening stainless steel, Sandvik
Nanoflex®, in order to obtain simultaneous bulk and surface hardening. It was demonstrated how the
morphology and properties of the surface layer as well as the bulk are highly affected by the material´s
initial microstructure.
The coexistence of martensite and austenite prior to nitriding leads to the formation of a non-homogeneous
case where both expanded austenite and expanded martensite are present. As the martensite content in the
steel increases a more homogenous case, consisting of expanded martensite, is obtained. A more efficient
precipitation hardening process is also observed as the martensite content in the steel is augmented, as
martensite is the precipitation hardenable phase.
Furthermore, the presence of a martensitic substrate allows a faster diffusion and results in a thicker case
compared to an austenitic substrate treated in the same conditions.
Indications of CrN precipitation are also observed in the outermost region of the case when a martensitic
substrate was nitrided in these experimental conditions.
Table 5.2: Combinations of annealing, deformation and low-temperature surface hardening treatment
applied on Nanoflex (LTN = low-temperature nitriding; LTNC= low-temperature nitrocarburizing).

Condition

A

Type

As Received

A2

As Received

Plastic deformation
(=0.05, 0.10, 0.15)

A3

As Received

Plastic deformation
(=0.15)

B1

Annealing
(1223K, 1800s)

-

B2

Annealing
(1223K, 1800s)

Plastic deformation
(=0.25)

C1

Annealing
(1423K, 900s)

-

Annealing
(1423K, 900s)
Annealing
(1423K, 900s)

Plastic deformation
(=0.25)
Cryogenic Treatment
(233K, 24h)

C2
C3
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Plastic Deformation
/Cryogenic
Treatment
-

A1

B

C

Initial
Condition

Thermochemical
Treatment

Temperature
[K]

Time [hours]

LTN
LTNC
LTN

693
693
693

20
80
20

LTNC

693

80

LTN

673

20

LTN

673

20

LTN

693

20

5.3 Low-temperature nitriding of deformed austenitic stainless
steels with various nitrogen contents obtained by prior high
temperature solution nitriding
This article was submitted to Metallurgical and Materials Transactions A on November 26th, 2015.

Conclusions
Three different commercially available stainless steel grades (AISI 304L, AISI 316 and EN 1.4369) were
subjected to high-temperature solution nitriding (HTSN) to produce high nitrogen steels. The maximum
nitrogen content dissolved during the process was a function of the initial chemical composition of the
alloys. Nitrogen greatly influences the mechanical properties as both yield strength and hardness increase
with the increasing nitrogen content.
The presence of the dissolved nitrogen, due to its strong austenite stabilizing effect, prevented the formation
of strain-induced martensite upon deformation.
The HTSN samples, before and after plastic deformation, were subjected to low-temperature nitriding
process in order to improve the surface properties. In all cases, a homogeneous layer of expanded austenite
was formed and no presence of CrN was detected.

Table 5.3: Combinations of processes and experimental conditions used in the present investigation
(HTSN=high temperature solution nitriding)
Material
AISI 304L
AISI 316
EN 1.4369
AISI 304L
AISI 316
EN 1.4369

Initial condition
HTNS1
(1423K, 4h,0.3Bar)

HTNS2
(1423K, 4h,0.3Bar)

Plastic deformation

LTN

=0.15, =0.30, =max.

703K, 20h

=0.15, =0.30, =max.

703K, 20h
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5.4 Electrochemical characterization and crevice corrosion
performance of high temperature solid-solution nitrided
and low-temperature nitrided austenitic stainless steel
This article was submitted to Surface and Coatings Technology on December 4th, 2015

Conclusions
The corrosion properties of three commercially available alloys (AISI 304L, AISI 316 and EN 1.4369) after
high temperature solution nitriding and low-temperature nitriding were tested and compared to the asreceived materials in the annealed condition. The dissolution of nitrogen in the bulk (HTSN) or at the
material surface (LTN) proved beneficial for the resistance to localized attacks (pitting corrosion).
A crevice corrosion immersion test was performed to investigate localized corrosion performance after
various treatments and shows that no significant improvement could be obtained after HTSN for the
aggressive environment chosen. However, the presence of expanded austenite at the material´s surface,
allowed a significant decrease in the weight loss after the immersion test, thereby proving its outstanding
crevice corrosion resistance even under extreme environments.
Table 5.4: Combinations of processes and experimental tests used in the present investigation (Annealed:
1323K, 300s; HTSN1: 1423K, 4h,0.3Bar; HTSN2: 1423K, 4h,0.6Bar, HTSN 3: 1423K, 4h,0.9Bar)
Material

AISI 316

AISI 304L

EN 1.4369
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Initial condition






Annealed
HTNS1
HTNS2
HTSN3
Annealed+LTN







Annealed
HTNS1
HTNS2
HTSN3
Annealed+LTN







Annealed
HTNS1
HTNS2
HTSN3
Annealed+LTN

Corrosion Testing

Potentiodynamic
polarization curves

Crevice corrosion
immersion tests

Potentiodynamic
polarization curves

Crevice corrosion
immersion tests

Potentiodynamic
polarization curves

Crevice corrosion
immersion tests

5.5 Effect of plastic pre-straining on residual stress and
composition profiles in low-temperature surface hardened
austenitic stainless steel
This article was submitted to Metallurgical and Materials Transactions A on November 26th, 2015.

Conclusions
Residual compressive stresses were measured with grazing incidence X-ray diffraction on nitrided and
nitrocarburized austenitic stainless steel samples. The samples were plastically deformed prior to nitriding
and/or nitrocarburizing in order to investigate the influence of the residual plastic deformation on the
residual stress profile created as a consequence of the thermochemical surface engineering processes.
The results show that plastic deformation prior to nitriding or nitrocarburizing has a negligible influence on
the nitrogen enriched zone of the nitrided and nitrocarburized case. This effect is believed to be due to the
plastic deformation and lattice rotation induced by the nitrogen dissolved in solid solution during the
process, which dominates the effect of prior plastic deformation.
However plastic deformation has a considerable influence on the carbon enriched zone of the
nitrocarburized layer. In this case, it is not possible to observe any additional plastic deformation as a
consequence of carbon dissolution, because of the lower amount of interstitials dissolved compared to
nitrogen; therefore the dislocation density influences the residual stresses and composition profile in the
carbon enriched zone.
Because the X-ray elastic constants (XECs) for expanded austenite at different interstitial concentration
have not been calculated so far, the authors used the XECs of austenite and ’-Fe4N in order to find the
residual stress profiles in the nitrided and nitrocarburized case.
It has been demonstrated that this method can be used only for a qualitative estimation of the magnitude of
residual stresses present and cannot be used for the correct quantitative determination of the residual
stresses present in the expanded case because of the great dependence of the XECs on the interstitial
content
Table 5.5: Combination of materials, experimental conditions and low-temperature thermochemical
processes used employed for the evaluation of residual stress profiles with grazing incidence X-ray
diffraction

Material
EN 1.4369
EN 1.4369

Deformation
condition
Undeformed
(annealed)
Tension
Undeformed
(annealed)
Tension

Equivalent strain
0

Low-temperature surface treatment
LTN 703K, 20h

0.50
0

LTNC 693K, 20h

0.50
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Paper I: Influence of plastic deformation on lowtemperature surface hardening of austenitic stainless steel
by gaseous nitriding

Federico Bottoli, Grethe Winther, Thomas L. Christiansen, Marcel A.J. Somers
Technical University of Denmark, Department of Mechanical Engineering, Produktionstorvet b.425, 2800
Kgs. Lyngby, Denmark
Article published in Metallurgical and Materials Transactions A, Vol. 46, Issue 6, pp. 2579-2590
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Influence of Plastic Deformation on Low-Temperature Surface
Hardening of Austenitic Stainless Steel by Gaseous Nitriding
FEDERICO BOTTOLI, GRETHE WINTHER, THOMAS L. CHRISTIANSEN,
and MARCEL A.J. SOMERS
This article addresses an investigation of the inﬂuence of plastic deformation on low-temperature surface hardening by gaseous nitriding of two commercial stainless steels: EN 1.4369
and AISI 304. The materials were plastically deformed to several levels of equivalent strain by
conventional tensile straining, plane strain compression, and shear. Gaseous nitriding of the
strained material was performed in ammonia gas at atmospheric pressure at various temperatures. Microstructural characterization of the as-deformed state and the nitrided case
produced included X-ray diﬀraction analysis, reﬂected-light microscopy, and microhardness
testing. The results demonstrate that a case of expanded austenite develops and that the presence of plastic deformation has a signiﬁcant inﬂuence on the morphology of the nitrided case.
The presence of strain-induced martensite favors the formation of CrN, while a high dislocation
density in a fully austenitic structure does not lead to such premature nucleation of CrN.
DOI: 10.1007/s11661-015-2832-5
 The Minerals, Metals & Materials Society and ASM International 2015

I.

INTRODUCTION

STAINLESS steels are extensively used in structural
applications where corrosion resistance is of crucial
importance. Austenitic stainless steels of the Ni-containing 300 series are the most widely applied due to
their excellent corrosion resistance, mechanical properties as well as formability and weldability.[1–3]
In recent years, an increasing interest in alloys of the
200 series has arisen, because of their improved mechanical properties[3] and lower cost,[4] as compared with
the 300 series steels. In the stainless steels of the 200
series, the expensive nickel is replaced with other
austenite stabilizing elements, in particular manganese
and nitrogen.
Despite the wide use of the two classes of stainless
steels due to their high mechanical properties and
excellent corrosion resistance, the 200 and 300 series
stainless steels suﬀer from poor wear resistance, particularly galling. Major improvement of the galling
resistance can be achieved by dissolving high amounts of
nitrogen and/or carbon in the austenite phase through
low-temperature thermochemical processing, e.g.,
nitriding, carburizing, or nitrocarburizing. Through
the years, plasma and implantation technologies have
provided the possibility of low-temperature surface
hardening of stainless steels.[1,5–8] Plasma/Ion-based
surface engineering removes the passive layer by sputtering and incorporates N and/or C interstitials in
FEDERICO BOTTOLI, Ph.D. Student, GRETHE WINTHER,
Associate Professor, THOMAS L. CHRISTIANSEN, Senior
Researcher, and MARCEL A.J. SOMERS, Section Head, Professor,
are with the Technical University of Denmark, Department of
Mechanical Engineering, Produktionstorvet b.425, 2800 Kgs. Lyngby,
Denmark. Contact e-mail: febot@mek.dtu.dk; somers@mek.dtu.dk
Manuscript submitted September 10, 2014.
Article published online March 12, 2015
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austenite, thus leading to the formation of expanded
austenite,[9–11] also referred as to S-phase.[8] In the last
15 years, gaseous processes for nitriding and carburizing
of stainless steel were developed, matured, and commercialized.[9,12] Gaseous processes provide a substantial advantage over plasma and implantation processes,
in particular with respect to process control, materials
handling, and geometrical constraints.
Expanded austenite is not a new phase, as S-phase
would suggest, but is merely a supersaturated solidsolution of nitrogen/carbon in austenite. Its supersaturated nature implies that expanded austenite is
metastable and is kinetically stabilized by choosing a
process temperature that does not allow the precipitation of Cr-based nitrides and/or carbides during processing. The change in the surface hardness and the
incorporation of composition-induced compressive
residual stress, which both are associated with the
dissolution of high contents of interstitials, are beneﬁcial
for the wear and fatigue performance of stainless steel,
without aﬀecting the resistance against general corrosion.[6,13–15] Furthermore, the incorporation of a high
amount of nitrogen/carbon improves the resistance
against localized corrosion, as it shifts the transpassive
region to higher applied potentials.[16]
In practice, low-temperature surface hardening could
be applied as a ﬁnishing step after a series of metal
forming operations to shape the stainless product.
Preliminary activities, however, suggested that plastic
deformation and the presence of (elastic) residual stress
have an inﬂuence on the resulting nitriding/carburizing
behavior, for example, by causing early precipitation of
Cr-nitrides or Cr-carbides, thereby impairing the corrosion resistance of the alloy. Severe plastic deformation
as introduced by SMAT has been claimed to lead
to faster development of a case during nitriding,
particularly at low temperatures.[17–19]
VOLUME 46A, JUNE 2015—2579
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and AISI 304 are given in Table I. The materials were
provided in the annealed condition as plates of 0.7 and
5 mm thickness for EN 1.4369 and 0.45 mm thickness
for AISI 304. Microstructure analysis revealed a fully
austenitic structure for both alloys. A hardness of 211
HV2.0N and average grain size of (29.5 ± 4.5) lm were
found for EN 1.4369, while AISI 304 presented a
hardness of 186 HV2.0N and an average grain size of
(14.8 ± 1.2) lm.

the plastic deformation zone induced by grinding/
polishing, the surface was subsequently electro-polished
in a ‘‘Struers Polectrol’’ machine. The electro-polishing
was carried out for 20 seconds in a ‘‘Struers Electrolyte
A2’’ solution with an applied potential and current
density of 20 V and 2.5 A, respectively. To enable lowtemperature surface hardening, the sample surface was
activated in situ by a proprietary procedure. The
materials were nitrided in an industrial LAC annealing
furnace model PKRC 55/09 retroﬁtted for gaseous
nitriding under gas circulation. The temperature during
the entire nitriding procedure, including in situ activation and cooling, was monitored with a type K
thermocouple, positioned very close to the samples.
Nitriding was performed in partly dissociated ammonia
at atmospheric pressure; the degree of dissociation and,
hence, the nitriding potential depended on the nitriding
temperature and was not controlled. Nitriding temperatures of 703 K, 728 K, and 743 K (430 C, 455 C,
and 470 C) were applied. In all cases, the nitriding time,
i.e., the time that the samples were exposed to the
nitriding time at the nitriding temperature was 20 hours.
The combinations of stainless steel, straining, and
nitriding temperature to be discussed in this work are
collected in Table II.

B. Plastic Deformation of Plate Material

D. Microstructure Characterization

Tensile test specimens were cut from the plate
material in accordance with ASTM standard E 8M04.[20] The tensile loading direction was chosen parallel
to the rolling direction of the plate. Tensile straining was
applied up to the following equivalent strains: 0.15, 0.30,
0.45, and 0.50 at a strain rate of 6.67 9 10(3) s1.
Shear test specimens of EN 1.4369 were deformed to
the following equivalent strains: 0.15, 0.30, and 0.45;[21]
the shear direction was chosen perpendicular to the
rolling direction in the plane of the plate.
Plain strain deformation mimicking the rolling process was performed reducing the thickness of a slab
applying compression onto the metal slab with two dies.
Plane strain compression was performed on EN 1.4369.
To this end, specimens with standardized dimensions[22]
of (40 9 100 9 5) mm3 were cut so that the elongation
direction was parallel to the rolling direction. The
thickness of the starting material was 5 mm, and the
following equivalent strain levels were achieved: 0.3, 0.5,
and 0.7.

The microstructures of all samples before and after
low-temperature nitriding were investigated in cross
sections with reﬂected-light microscopy. The samples
were ground, polished, and etched with Kalling’s reagent
no. 1 for 5 to 8 seconds. Microhardness indentation
measurements were performed on a Future-Tech FM700
instrument using a load of 2.0 N for the bulk hardness
assessment; for the evaluation of the microhardness
proﬁle over the ‘‘case,’’ a load of 0.05 N was applied.
X-ray diﬀractometry for phase identiﬁcation was
carried out with the Bragg–Brentano symmetric setting
and with grazing incidence in a Bruker D8 AXS X-ray
diﬀractometer equipped with Cr-anode and Göbel
mirror in the incident beam. The step size was equal
to 0.03 deg 2h and a counting time of 4 seconds per 2h
step. To vary the information depth, several grazing
incidence angles were applied. For characterization of
the as-deformed states of stainless steel, Rietveld
analysis was applied for estimating the phase fractions
of austenite and martensite from X-ray diﬀractograms.
Line-proﬁle analysis was performed to determine microstrain and coherently diﬀracting domain size in the
diﬀraction direction by applying pseudo-Voigt ﬁtting of
the line proﬁles.[23,24] Instrumental broadening was
corrected for by subtracting the full width at half
maximum (FWHM) for the (interpolated) Bragg angle

In the current study, the inﬂuence of plastic deformation up to an equivalent strain of 0.5 on diﬀerent lowtemperature nitriding parameters is studied for two
commercially available alloys: EN 1.4369 and AISI 304.

II.

EXPERIMENTAL

A. Materials
Compositions of the investigated alloys EN 1.4369*
*This alloy has no AISI equivalent, but in composition is close to
AISI 201.

C. Low-Temperature Nitriding
Prior to nitriding, the surfaces of the samples with
dimension (15 9 12.5) mm2 were ground and polished
to a surface ﬁnish of 1 lm diamond. In order to remove
Table I.

Chemical Composition AISI 304 and EN 1.4369 in Weight Percent as Determined by the Suppliers, Lemvigh Muller and
Sandvik Materials Technology, Respectively

AISI 304
EN 1.4369

C

Si

Mn

Cr

Ni

Mo

N

0.08
0.09

0.75
0.74

2.0
5.92

18.5
18.58

10.5
7.11

—
0.18

—
0.23
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Table II.

Combinations of Material, Deformation Mode, and Nitriding Temperature Applied in This Work

Material

Deformation Condition

AISI 304

undeformed (annealed)
tension

0.15, 0.30, 0.45, 0.50

undeformed (annealed)
tension
shear
Plane strain compression

0.15, 0.30, 0.45, 0.50
0.15, 0.30, 0.45
0.3, 0.5, 0.7

undeformed (annealed)
tension

0.15, 0.30, 0.45, 0.50

EN 1.4369

EN 1.4369

Equivalent Strain

Nitriding Temperature [K (C)]
703 (430)
728 (455)
703 (430)

743 (470)

In all cases, nitriding was performed in ammonia at atmospheric pressure for 20 h.

Fig. 1—True Stress–True Strain Curve for EN 1.4369 and AISI 304.

Fig. 2—Hardness evolution of the EN 1.4369 and AISI 304 alloys
with the increasing equivalent deformation.

under consideration as measured for a LaB6 reference
powder.

III.

RESULTS AND INTERPRETATION

A. As-Deformed State of AISI 304 and EN 1.4369
Stress–strain curves obtained in uniaxial tensile tests
for both alloys are given in Figure 1. The yield strengths
for EN 1.4369 and AISI 304 are 403 and 290 MPa,
respectively. The diﬀerence in yield strength is largely
attributed to the solid-solution strengthening eﬀect of
nitrogen in EN 1.4369.[3]
Graphs of the bulk hardness evolution with the
increasing plastic deformation and X-ray diﬀractograms
are given as a function of the equivalent strain in
Figures 2 and 3, respectively, for both AISI 304 and EN
1.4369. Along with plastic straining, the bulk hardness
increased for both alloys (Figure 2). As demonstrated
for EN 1.4369, the hardness increased with equivalent
plastic strain, irrespective of the mode of straining.
AISI 304 is fully austenitic in the annealed condition
and develops strain-induced martensite on plastic straining. On the other hand, EN 1.4369 remained fully
austenitic, irrespective of the mode of straining or the
equivalent strain applied (Figure 3). Evidently, the
austenite stabilizing elements in EN 1.4369, in particular
METALLURGICAL AND MATERIALS TRANSACTIONS A

Fig. 3—XRD phase analysis of the maximum tensile plastic deformation (e = 0.5) on EN 1.4369 and AISI 304.

nitrogen,[4] are more eﬀective than nickel in AISI 304
and eﬀectively prevent the development of straininduced martensite.
Single-line method is a XRD method for the evaluation of microstrains and diﬀracting domain size, as
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Fig. 4—Microstrains evolution with the increasing equivalent deformation for AISI 304 and EN 1.4369.

Fig. 5—Domain size evolution with the increasing equivalent deformation for AISI 304 and EN 1.4369.

reported in Reference 23. In AISI 304 higher microstrains
developed upon plastic deformation as compared with the
EN 1.4369 (Figure 4). This diﬀerence in microstrain is
attributed to the local volume changes introduced by the
formation of strain-induced martensite in AISI 304. The
coherently diﬀracting domain size in austenite is practically the same for the two alloys (Figure 5).
B. Nitriding Response of Deformed Austenitic Stainless
Steel
The nitriding response of the two investigated
austenitic stainless steels will be discussed separately in
the following.
1. AISI 304
a. LTN 703 K (430 C), 20 hours. Cross-sectional
micrographs of nitrided AISI 304 are given in Figure 6.
From the micrographs, it is observed that nitriding of the
annealed sample at 703 K (430 C) produced a nitrided
zone depth of approximately 12 lm. The expanded
2582—VOLUME 46A,, JUNE 2015
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austenite zone appears featureless, while the austenite in
the bulk is attacked by the etching agent. Ahead of the
expanded austenite zone as marked by a line, a thin white
zone is present parallel to this ‘‘separation’’ line. This is not
considered to be an etching artifact and will be discussed in
relation to EN 1.4369, where this feature is more clearly
observed (cf. Figure 12). For higher equivalent strains, this
thin white zone is more diﬃcult to observe. From the
diﬀerence in etching behavior between expanded austenite
and the bulk, it follows that the corrosion potential is
higher for expanded austenite than for the bulk. The
occurrence of strain-induced martensite, introduced during the mechanical preparation of the cross section, can be
observed in the bulk of the annealed and nitrided sample
(Figure 6(a)). At equivalent strains larger than zero, darketched regions are observed in the nitrided zone, indicating
reduced corrosion resistance in the applied etchant. The
depth of the nitrided zone increases for the higher
equivalent strains (Figure 6(d)).
The X-ray diﬀractograms for AISI 304 nitrided at
703 K (430 C) show the formation of expanded austenite, cN, for all equivalent strains investigated (Figure 7).
In the diﬀractograms, three peaks of expanded austenite
are prominently present and corresponding reﬂections
from austenite in the underlying steel are also observed,
indicating that the information depth has been larger
than the thickness of the nitrided zone. It is noted that in
particular the 220 austenite reﬂection from the steel
‘‘substrate’’ is visible, because the information depth
increases with scattering angle 2h and because this
reﬂection was dominant in the as-deformed state (cf.
Figure 3). Despite the dominance of 220c in the
deformed substrate, the 220cN reﬂection is not prominent (even though it is rather broad), while 200cN (and to
a lesser extent 111cN) appear to dominate. These
observations indicate that texture changes occur over
the thickness of the expanded austenite zone, consistent
with earlier observations and explained from lattice
rotation as a consequence of plastic deformation induced
by enormous composition-induced stresses in expanded
austenite with a relatively high amount of nitrogen.[25]
Concerning the presence of appreciable amounts of
strain-induced martensite in the as-deformed state, it is
observed that a reduction of the diﬀracted intensity of
martensite occurs on nitriding (see in particular absence
of a clear 110a¢ peak in nitrided deformed samples in
Figure 7), suggesting that strain-induced martensite is
converted to austenite upon nitriding.
Grazing incidence X-ray diﬀractograms at the lowest
applied grazing incidence angle (a = 2.5 deg) are given
in Figure 8 for the annealed condition and for an
equivalent strain of 0.5. Under these measurement
conditions, the reﬂections from the austenite bulk are
no longer visible, and it is possible to ﬁnd signiﬁcant
diﬀerences between the samples in the diﬀerent straining
conditions. For the annealed sample, in addition to
expanded austenite also (expanded) martensite, a¢, and
e-(Fe,Cr)2N1z are present close to the surface, albeit in
small amounts. In principle, epsilon phase may be
stabilized by a strain-induced martensitic transformation from f.c.c. to h.c.p. or by a high nitrogen content.[26] For grazing incidence diﬀractograms at larger
METALLURGICAL AND MATERIALS TRANSACTIONS A

Fig. 6—Micrographs of nitrided AISI 304: (a) =Annealed, (b): e = 0.30, (c): e = 0.50, (d) depth of the nitrided zone vs equivalent strain
(Nitriding conditions: T = 703 K (430 C), 20 h, 100 pct NH3).

Fig. 8—GI X-ray diﬀractogram at a = 2.5 deg of AISI 304
annealed and tensile strained.
Fig. 7—X-ray diﬀractograms of nitrided AISI 304 [703 K (430 C),
20 h].

incident angle, corresponding to averaging over a larger
depth range, the relative intensity of epsilon phase was
observed to be lower than for the one given in Figure 8,
indicating that epsilon phase is only present at the very
surface of the material, where the highest nitrogen
content is expected. It is therefore concluded that, in
particular, the high nitrogen content close to the surface,
METALLURGICAL AND MATERIALS TRANSACTIONS A

rather than strain-induced formation of epsilon martensite, is responsible for epsilon’s presence. For the sample
that was subjected to an equivalent strain of 0.5, in
addition to expanded austenite, reﬂections of ferrite and
CrN are observed in the surface region after nitriding at
703 K (430 C) (Figure 8).
The hardness proﬁles of nitrided AISI 304 in annealed
condition and deformed at the maximum equivalent
strain are given in Figure 9. Apparently, the hardness in
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the case is independent of the state of deformation,
while that in the substrate clearly is. For both hardness
proﬁles, a sharp drop is observed at the case–core
transition. The bulk hardness remained unaﬀected by
low-temperature nitriding.
b. LTN 728 K (455 C), 20 hours. Nitriding at a temperature of 728 K (455 C) led to a marked change in
the morphology of the nitrided zone (Figure 10). For

Fig. 9—Hardness depth proﬁles of AISI 304 in annealed and deformed (e = 0.5) condition and subsequently nitrided at 703 K
(430 C) for 20 h. Hardness depth proﬁles were measured with a 5 g
load, bulk hardness measurement performed with 200 g load.

the annealed sample, a dark-etched region is present
immediately underneath the surface, and only the part
of the nitrided zone deepest in the steel can be
recognized as featureless expanded austenite. This dark
zone in the nitrided case is the result of abundant
precipitation of CrN, as a consequence of the combination of a high nitriding temperature with long
nitriding time. Preferentially, CrN precipitation is
manifested in the area close to the surface, because (i)
the driving force for CrN development has been highest
here, because of the (initially) high nitrogen content and
(ii) this part has experienced the longest thermal
exposure as growth occurs inwardly. The continuous
dark-etched band in the nitrided zone becomes less
pronounced with increasing equivalent strain and is
replaced by dark regions that appear to coincide with
banded features in the deformed structure, indicating
that the development of CrN is promoted by features in
the deformation structure. At the same time, a remarkable increase in the depth of the nitrided zone is
observed (Figure 10(d)).
X-ray diﬀractograms of AISI 304 nitrided at 728 K
(455 C) clearly show the presence of CrN and ferrite for
all investigated samples, while expanded austenite is no
longer the dominant phase (Figure 11). For the annealed sample, the expanded austenite peak originates
from the featureless zone deeper in the nitrided case and
the position lies close to the original position of
austenite because of the low nitrogen content and
corresponding low lattice expansion.

Fig. 10—Micrographs of nitrided AISI 304: (a) =Annealed, (b): e = 0.30, (c): e = 0.50, (d): depth of the nitrided zone vs equivalent strain;
Nitriding conditions T = 728 K (455 C), 20 h.
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Fig. 11—X-ray diﬀraction patterns of nitrided AISI 304 [728 K
(455 C), 20 h].

For the deformed samples, it is possible to observe
low-intensity expanded austenite peaks together with the
characteristic peaks of ferrite and chromium nitrides.
These results are consistent with the observations in the
corresponding micrographs (Figure 10), where darketched regions, related to the presence of CrN, and
lighter regions (expanded austenite) are found throughout the thickness of the nitrided case.
Furthermore, as depicted for the 220cN reﬂections of
the AISI 304 tensile strained at e = 0.30 and e = 0.50
in Figure 11, expanded austenite is manifested as two
peaks. The reﬂection at lower 2h is the expanded
austenite with the highest nitrogen content, while the
reﬂection at higher 2h is expanded austenite with
relatively low nitrogen content. Expanded austenite
with lower nitrogen content is expected in regions
(partly) depleted in Cr because of the development of
CrN and/or expanded austenite present in the deepest
part of the nitrided zone.
2. EN 1.4369
a. LTN 703 K (430 C), 20 hours. Micrographs of EN
1.4369 in the annealed and deformed condition nitrided
at 703 K (430 C) for 20 hours are given in Figure 12.
Irrespective of the equivalent strain, the nitrided zone in
EN 1.4369 appears virtually unattacked by the etching
agent. In the bulk of the sample, banded features
inclined about 45 deg to the surface, i.e., approximately
aligned with the most stressed sample planes during the
plastic deformation, are observed; such bands are
unresolved in the expanded austenite zone. Within
experimental accuracy, the thickness of the nitrided
zone appears independent of the equivalent strain, but a
weak trend toward faster growth with increasing degree
of deformation can be discerned (Figure 12(d)). Note
the thin white zone parallel to and ahead of the line that
marks the transition from expanded austenite to the
‘‘substrate.’’ This white zone is more pronounced than
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for the nitrided AISI 304 samples (cf. micrographs in
Figure 6). Similar features were observed earlier for
AISI 316[10] and explained from a small concentration of
nitrogen atoms not trapped by chromium atoms (no
short-range ordering).[27] In this respect, it is noted that
Mn enhances the solubility of N in austenite, thus
leading to a clearer zone. Alternatively, this feature
could be the result of accumulated carbon atoms pushed
ahead of the nitriding front.
The response of the materials deformed through shear
and plane strain deformation was similar to the tensilestrained samples at both nitriding temperatures. In
contrast to Figure 6 for AISI 304, no signiﬁcant
diﬀerences were found in the morphology or thickness
of the nitrided case for EN 1.4369. Bragg–Brentano
geometry X-ray diﬀractograms of annealed and tensilestrained EN 1.4369 nitrided at 703 K (430 C) are
collected in Figure 13. Irrespective of the equivalent
strain, the only reﬂections observed are for austenite in
the bulk and expanded austenite, consistent with the
micrographs in Figures 12(a) through (c). Asymmetric
broadening to the high angle side of the 220c peak is
considered to be a consequence of the presence of a low
concentration of nitrogen or carbon atoms ahead of the
expanded austenite zone (cf. the white zone in the
micrographs in Figure 12). Grazing incidence X-ray
diﬀractograms show, in addition to (expanded) austenite, the occurrence of reﬂections of e-phase in the nearsurface region (Figure 14). No indications for the
presence of CrN were found. For the 220cN peak, a
striking diﬀerence is observed between diﬀracted intensities for the annealed and the deformed state. This
indicates a texture diﬀerence between the nitrided
annealed state and nitrided deformed state. Even though
the untreated deformed state also shows a relatively
strong 220c peak as compared with the untreated
annealed state (cf. Figure 3), the observed 220 intensity
diﬀerence for the nitrided states appears incommensurate with this initial intensity diﬀerence. This result may
suggest that the prior deformation texture in the
deformed samples aﬀects the composition-induced lattice rotation during nitriding.
The hardness proﬁle in nitrided EN 1.4369 in annealed and strained to e = 0.5 conditions is presented in
Figure 15. Apart from the hardness level in the bulk, the
hardness proﬁles are identical, consistent with earlier
observations that the thickness of the nitrided case is
independent of the equivalent strain (Figure 12(d)) and
that the strain has no inﬂuence on the hardness level
reached in the nitrided zone. Similar hardness depth
proﬁles were obtained after nitriding of the other strain
modes.
b. 743 K (470 C), 20 hours. Augmenting the nitriding
temperature to 743 K (470 C) shows the appearance of
dark-etched areas (Figure 16), most likely associated
with decomposition of expanded austenite and the
development of CrN. Even under these experimental
conditions, the morphology and the thickness of the
nitrided case seem to be totally unaﬀected by the plastic
deformation. For the annealed and deformed samples,
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Fig. 12—Micrographs of EN 1.4369 tensile deformed and nitrided: (a) =Annealed, (b): e = 0.30, (c): e = 0.50, (d) depth of nitrided zone
(Nitriding conditions: T = 703 K (430 C), 20 h).

Fig. 13—X-ray diﬀraction patterns of Nitrided EN 1.4369 [703 K
(430 C), 20 h].

the nucleation of CrN occurs immediately underneath
the surface. Below this area, featureless expanded
austenite can be recognized. Nucleation of CrN occurs
preferentially in the proximity of the surface for the
same reasons ((i) and (ii)) explained for the nitriding at
728 K (455 C) of the AISI 304. The thickness of the
nitrided zone is independent of the equivalent strain,
2586—VOLUME 46A,, JUNE 2015
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Fig. 14—GI XRD of the EN 1.4369 annealed and tensile strained at
a grazing incidence angle of a = 2.5.

consistent with the observations in Figure 12 at lower
nitriding temperature. However, despite the higher
processing temperature, the layer thickness of the
nitrided case is similar to the one obtained at 703 K
(430 C) (cf. Figure 12(d)). This behavior is mainly due
to the decomposition of the expanded austenite phase
and the formation of CrN, which reduces the diﬀusive
ﬂux of nitrogen into the steel.
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Increasing the nitriding temperature to 743 K
(470 C) has a considerable eﬀect on the morphology
and composition of the nitrided zone. As compared with
nitriding at lower temperature, peaks of expanded
austenite and austenite are no longer the dominant
phases. XRD investigation shows instead the presence
of reﬂections of CrN and ferrite or expanded ferrite

if N is dissolved,** along with expanded austenite
**Since this ferrite is not a result of a martensitic transformation of
austenite, but rather a thermally activated decomposition product, it is
not referred to as martensite. Nonetheless, it cannot be excluded that
nitrogen dissolves into ferrite and leads to a tetragonal distortion of the
b.c.c. lattice.

(Figure 17) for both the annealed and deformed state. As
observed for nitriding this alloy at lower temperature, no
clear diﬀerence in the phase composition can be observed
between the annealed and deformed sample.
The expanded austenite peaks detected are generated
by the deeper region of the nitrided case. Their positions
lie close to the corresponding austenite peaks because of
the low nitrogen content and therefore low lattice
expansion. Furthermore, the austenite peaks generated
by the substrate are visible in all materials in all
processing conditions.

IV.

DISCUSSION

A. Mechanical Properties and Microstructure
of as-Deformed Material
Fig. 15—Hardness depth proﬁle of the EN 1.4369 nitrided at 703 K
(430 C).

The hardness values measured on the samples of AISI
304 and EN 1.4369 (Figure 2) deformed in uniaxial
tension are compared with the true (yield) stress values

Fig. 16—EN 1.4369 tensile deformed and nitrided: (a) =Annealed, (b): e = 0.30, (c): e = 0.5, (d): thickness of the expanded austenite zone vs
equivalent strain [743 K (470 C), 20 h].
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Fig. 17—X-ray diﬀraction patterns of Nitrided EN 1.4369 [743 K
(470 C), 20 h].

(Figure 1) in Figure 18. A linear correlation between
true (yield) stress and hardness was found, both being a
measure for the resistance against plastic deformation.
Apparently, the development of strain-induced martensite in AISI 304 and the presence of nitrogen in EN
1.4369 have comparable or no measurable inﬂuence on
the resistance against plastic deformation. Extrapolation
of the linear regression ﬁt of true stress and hardness
data indicates that a hardness of about 1200 HV, as
observed in expanded austenite (cf. Figures 9 and 15(a)),
corresponds to a true (uniaxial) yield stress of about
4 GPa. It is noted that this appreciably high uniaxial
tension value is consistent with the occurrence of very
large (biaxial) elastic compressive in-plane biaxial
residual stress values of several GPa’s reported for
expanded austenite stabilized by carbon or nitrogen.[8,28] Nevertheless, huge compressive stress levels
In this respect, it is noted that the deformation response upon
uniaxial tension and plane stress compression are essentially equivalent.

in excess of 7 GPa as reported for nitrided AISI 316
cannot be understood and have recently been attributed
to the application of inappropriate elastic constants and
grain-interaction models.[29]
B. Effect of Prior Deformation on Nitriding Behavior
Low-temperature nitriding of austenitic steels in (partly
dissociated) NH3 allowed the development of expanded
austenite. The diﬀerent responses of AISI 304 and EN
1.4369 toward plastic deformation had a decisive inﬂuence on the nitriding performance of these alloys. At a
relatively low nitriding temperature, prior plastic deformation has no observable eﬀect on the morphology for
EN 1.4369 (as investigated with reﬂected-light microscopy, Figure 12), neither the thickness of the expanded austenite zone nor the hardness. X-ray diﬀraction
suggests that additional plastic deformation (lattice
2588—VOLUME 46A,, JUNE 2015
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Fig. 18—Yield Strength vs bulk Hardness for the EN 1.4369 and
AISI 304.

Fig. 19—Expanded austenite thickness evolution as function of the
strain-induced martensite content in AISI 304 during low-temperature nitriding (Nitriding conditions: T = 703 K (430 C), 20 h).

rotation) induced by composition-induced compressive
stresses exceeding the yield stress may be aﬀected by prior
deformation. For the same nitriding conditions, prior
deformation of AISI 304 and the associated development
of strain-induced martensite have a clear eﬀect on the
morphology and thickness of the nitrided zone, while the
hardness appears unaﬀected. Reﬂected-light microscopy
shows a remarkable increase of the thickness of the
nitrided zone (Figure 6). An increase of the thickness of
the expanded austenite zone with an increase of the initial
volume fraction of strain-induced martensite (Figure 19)
is explained as follows. According to growth models that
have been derived to describe the growth of a case
developing during internal oxidation[30] or internal nitriding,[31] the growth rate is proportional to the product
of concentration gradient and (eﬀective) diﬀusion coefﬁcient and inversely proportional to the amount of
nitrogen that is stored in the case on growth. Generally,
diﬀusion of nitrogen atoms in martensite proceeds faster
than diﬀusion of nitrogen in austenite (f.c.c.),[32,33] while
METALLURGICAL AND MATERIALS TRANSACTIONS A

the amount of nitrogen that can be stored in martensite is
smaller than in austenite.[3,34] Both these eﬀects would
promote faster growth of a martensite case than an
austenite case. For the present situation, the developing
case should be considered as a dispersion of martensite
regions in an austenite matrix. Then, faster diﬀusion of
nitrogen through the martensite regions and less accumulation of nitrogen in these martensite regions both lead
to a larger fraction of the ﬂux of nitrogen atoms that
enters the sample arriving at the case–core transition
and expendable for growth of the case. Consequently, a
higher fraction of martensite in the case leads to faster
growth.
This explanation applies only for the region in the
nitrided zone where the nitrogen content is suﬃciently
low, where (expanded) martensite is stable. A high
nitrogen content may cause a transformation of martensite into austenite because of the strong austeniteforming ability of nitrogen. If such transformation does
occur, part of the accelerating eﬀect of martensite on the
growth rate of the case is lost.
Grazing incidence XRD investigations conﬁrmed the
presence of CrN in AISI 304 with increasing degree of
plastic deformation. Since no such CrN development was
observed for EN 1.4369, CrN precipitation cannot be the
immediate result of energetically favorable nucleation on
dislocations in austenite. Rather, the development of
CrN is attributed to the presence of strain-induced
martensite and the existence of a favorable Baker–
Nutting orientation relationship between the b.c.c. lattice
of strain-induced martensite and CrN: {001}b.c.c.//
{001}CrN and h100ib.c.c.//h001iCrN; existing evidence
in the literature that a coherent, i.e., low energy, interface
occurs between martensite (b.c.c.) and CrN according
to the Baker–Nutting orientation relation has been
observed generally for MN (M = Ti, V, Cr, Ta) nitrides
in b.c.c. iron.[35] The driving force for CrN formation
associated with the presence of expanded martensite is
anticipated to be lower than from expanded austenite
because the maximum nitrogen content is considerably
lower in martensite than in austenite. Then, early
nucleation can be explained from a favorable interfacial
energy leading to a lower nucleation barrier or from more
favorable strain energy in the system. Such development
of CrN leads to the consumption of Cr from martensite
and will reduce the total amount of nitrogen that can be
stored in the martensite region. This contributes to a
larger ﬂux of nitrogen in depth and hence a deeper case
(see above).
Micro-hardness measurements indicate that the maximum hardness that is achieved after nitriding is, within
experimental accuracy, identical for AISI 304 and EN
1.4369, irrespective of the degree of prior deformation
or the content of strain-induced martensite. This ﬁnding
strongly suggests that the dominant strengthening
mechanism in expanded austenite is solid-solution
strengthening by dissolved nitrogen.
C. Effect of Temperature on Nitriding Behavior
At higher nitriding temperatures, i.e., 728 K (455 C)
for AISI 304 and 743 K (470 C) for EN 1.4369, CrN
METALLURGICAL AND MATERIALS TRANSACTIONS A

developed within the process time, irrespective of the
deformation state of the sample.
For the EN 1.4369, no eﬀects of the plastic deformation on the morphology and composition of the nitrided
layer have been found. In all samples in the annealed
and deformed state, the case consists of a continuous
band of CrN and ferrite at the surface and expanded
austenite underneath. Nitriding at this temperature
leads to the formation of expanded austenite that later
decomposes into CrN and ferrite after some incubation
time.
The driving force for the nucleation of CrN is highest
at the surface of the material because of the (initially)
high nitrogen content; moreover, this region has experienced the longest thermal exposure, while nitrogen has
been present. Therefore, the nucleation of CrN is
preferentially observed at and close to the surface of
the material.
In this case, it is possible to conclude that the higher
dislocation density in the deformed samples does not
create more favorable nucleation sites for the decomposition of expanded austenite into CrN and ferrite as
compared with the sample in the annealed condition,
not even at higher nitriding temperatures.
Hence, in all samples, a continuous band of decomposed expanded austenite has developed. The consequence of the decomposition is a relatively thin case,
which is caused by a small diﬀusive ﬂux of nitrogen
atoms from the nitriding atmosphere into the sample.
The reason for the small ﬂux of nitrogen atoms is the
low solubility of nitrogen in the remaining ferrite, which
is depleted from Cr, leading to a shallow nitrogen
concentration gradient over the decomposed part of the
nitrided case and the relatively long diﬀusion path for
nitrogen atoms through the ferrite labyrinth in the
decomposed zone. For AISI 304 nitrided at 728 K
(455 C), ferrite and CrN were present in all samples,
irrespective of the processing conditions. Nevertheless,
plastic deformation and presence of strain-induced
martensite were observed to have a dominating eﬀect
on the nitriding behavior. For the annealed sample that
is initially in fully austenitic condition, the nitrided layer
consists of a homogenous band of decomposed expanded austenite consisting of ferrite and CrN close to the
surface and a zone of expanded austenite underneath.
The presence of strain-induced martensite provokes a
completely diﬀerent morphology of the nitrided case.
The higher nitriding temperature together with higher
martensite content (with relatively low nitrogen solubility) favors relatively fast nitrogen diﬀusion toward the
steel interior. The development of CrN (and ferrite)
takes place over the entire case, particularly along
features in the deformed structure. The presence of
strain-induced martensite is likely to provide favorable
sites for the development of CrN (and ferrite), but it
appears counterintuitive that only localized CrN development occurs in deformed AISI 304, while annealed
AISI 304 shows a continuous zone of decomposed
expanded austenite. A possible explanation for this
behavior is the combination of a relatively high temperature and the presence of martensite, which facilitate
a larger ﬂux of nitrogen through the nitrided zone.
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Consequently, the accumulation of nitrogen in expanded austenite (prior to decomposition) is not as pronounced as for a microstructure where no martensite is
present. Hence, the driving force for decomposition of
expanded austenite is not as high as for expanded
austenite forming from an annealed austenite. Furthermore, relatively low nitrogen content in martensite
prevents its transformation to austenite. CrN nucleation
is promoted by the presence of b.c.c. martensite because
of the energetically favorable Baker–Nutting orientation
relationship between b.c.c. and NaCl-type CrN.[35] In
addition to these eﬀects, the high density of dislocations
in the vicinity of the deformation features may provide a
means for relatively fast partitioning of the substitutional elements, which is a prerequisite for the nucleation of CrN.
V.

CONCLUSIONS

Austenitic stainless steel qualities AISI 304 and EN
1.4369 in annealed and plastically strained conditions
were surface hardened by low-temperature nitriding.
On plastic deformation, strain-induced martensite
develops in AISI 304, while EN 1.4369 remains austenitic
up to investigated maximum equivalent strain of 0.5,
irrespective of the degree of deformation or the mode of
deformation (tensile, shear, plane strain compression).
The stability of austenite against plastic deformation has
a signiﬁcant eﬀect on the nitriding response:
1. strain-induced martensite promotes faster growth of
the case depth, while plastic deformation of austenite without martensite formation has no measurable
eﬀect on the case depth.
2. strain-induced martensite promotes the development
of CrN formation.
It is recognized that in industrial practice the nitriding
of components with plastic deformation in the surface
region is the rule rather than the exception. As frequently observed in industrial practice, (severe) plastic
deformation leads to early development of CrN during
nitriding (and, analogously, Cr-carbides during carburizing). Such sensitization is anticipated to impair the
anti-corrosion performance of ‘‘stainless’’ steel. As
demonstrated in the present work, the mechanism
leading to premature sensitization at relatively low
temperature and relatively short treatment time is the
preferred nucleation of CrN in the presence of straininduced martensite, rather than enhanced nucleation in
plastically deformed austenite without strain-induced
martensite. Then, the use of austenitic stainless steel
with stable austenite suggests itself, as for example, the
EN 1.4369 quality investigated in the present work.
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Influence of Microstructure and Process Conditions
on Simultaneous Low-Temperature Surface
Hardening and Bulk Precipitation Hardening
of Nanoflex
FEDERICO BOTTOLI, GRETHE WINTHER, THOMAS L. CHRISTIANSEN,
and MARCEL A.J. SOMERS
Precipitation hardening martensitic stainless steel Nanoﬂex was low-temperature nitrided or
nitrocarburized. In these treatments, simultaneous hardening of the bulk, by precipitation
hardening, and the surface by dissolving nitrogen/carbon can be obtained because the treatment
temperatures and times for these essentially diﬀerent hardening mechanisms are compatible.
The eﬀect of the processing history of the steel on the nitrided/nitrocarburized case was
investigated by varying the amounts of austenite and martensite through variation of the degree
of plastic deformation by tensile strain, deep cooling, and deliberate manipulation of the
austenite stability. The nitrided/nitrocarburized case was investigated with reﬂected light
microscopy, hardness-depth proﬁling, X-ray diﬀraction analysis, and glow discharge optical
emission spectroscopy. The results demonstrate that a microstructure consisting of martensite
results in the deepest nitrided case, while a shallow case develops on a microstructure consisting
of austenite. For an initial microstructure consisting of both martensite and austenite a
non-uniform case depth is achieved. Simultaneous bulk and surface hardening is only possible
for martensite because the precipitation hardening does not occur in an austenite matrix.
DOI: 10.1007/s11661-015-3088-9
 The Minerals, Metals & Materials Society and ASM International 2015

I.

INTRODUCTION

LOW-TEMPERATURE thermochemical surface
engineering of austenitic stainless steels by nitriding
and/or carburizing has been widely studied in the past
30 years, because it provides the possibility to improve wear
and fatigue performance without impairing the corrosion
performance.[1–3] Through the years, plasma-based technologies have been applied for low-temperature nitriding
processes and in the last 15 years gaseous processes for
nitriding and carburizing of stainless steel were developed,
matured, and commercialized. Gaseous processes provide a
substantial advantage over plasma and implantation processes, in particular with respect to process control,
materials handling, and geometrical constraints.[4]
So far, mainly low-temperature nitriding and carburizing of austenitic stainless steels have been studied,
while thermochemical treatment of ferritic, duplex,
martensitic, and precipitation hardening stainless steels
has not received the same attention. However, a growing
interest is recognized in low-temperature surface engineering processes for martensitic and precipitation
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hardening stainless steels, which have favorable bulk
properties as high strength in combination with good
corrosion resistance.[5,6] In this respect, it has been
demonstrated that precipitation hardening steels can be
simultaneously surface and bulk hardened in a single
treatment.[7–11]
Among the precipitation hardening stainless
steels, Nanoﬂex* has been widely investigated and it
*Nanoﬂex is a registered trademark of Sandvik Materials Technology.

is applied in several industrial applications because of its
interesting mechanical properties.[12–15] Nanoﬂex’s Ms
temperature, deﬁned as the temperature at which
martensite forms instantaneously during cooling, was
reported to be 83 K ( 109 C).[16] However, since
Nanoﬂex is a metastable precipitation hardening steel,
martensite can form isothermally at a temperature
appreciably higher than Ms. Depending on the (tailorable) stability of the alloy, the formation of isothermal martensite is observed even at room
temperature.[16–20] In general, the stability of Nanoﬂex
at room temperature is a function of various processing
parameters, including the annealing conditions, temperature, and the applied mechanical load.[20–22]
It is well documented by transmission electron
microscopy that the precipitation hardening eﬀect in
Nanoﬂex derives from the precipitation of Cu-clusters,
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as well as the ordered intermetallic phases g-Ni3(Ti,Al)
and Ni3Mo and Fe2Mo (Laves phase) from the martensite matrix.[23–28] Therefore, depending on the material’s
initial phase composition, it is possible to achieve
excellent properties, such as high bulk hardness and
high yield stress, by appropriate aging of the material in
the temperature range 673 K and 773 K (400 C and
500 C).[25]
Nanoﬂex’s excellent bulk properties can be further
improved with respect to wear and corrosion resistance
by low-temperature thermochemical surface engineering
through the incorporation of N and/or C into the
stainless steel matrix leading to the formation of a
supersaturated solid solution.[2,4,29,30] The supersaturated solid solution is characterized by a high hardness,
excellent wear resistance, and high corrosion and pitting
resistance.[6,29,31–34]
The dissolution of N/C into the matrix and the
establishment of a composition proﬁle provoke an
(constrained) expansion of the crystal lattice that is
proportional to the interstitial content. The associated
(high) compressive stresses depending on depth are
associated with an improvement of the fatigue
resistance.[35–38]
In this article, we address low-temperature nitriding
and nitrocarburizing of the precipitation hardening
Nanoﬂex. The material was subjected to several annealing and deformation processes before nitriding in order
to investigate the sensitivity of the nitriding response to
the material in dependence of the initial microstructure.

II.

EXPERIMENTAL

A. Specimen Preparation
The composition of Nanoﬂex investigated in this
work is given in Table I.
The material was delivered as 220 9 320 9 0.7 mm3
plates and contained isothermal martensite in the
as-received condition. Vibrating sample magnetometry
(cf. Reference 39 for a description of the quantiﬁcation
method) indicated that the martensite content ranges
from 15 to 60 pct, depending on the position on the
plate. The Vickers hardness of the as-received material
was 268 ± 34 HV2N; supposedly, the large spread in
hardness is caused by the variation in martensite
content.
Prior to low-temperature surface hardening, the
as-received material was subjected to several annealing
and deformation treatments of which the details are
given below (cf. Table II).
–

Condition A: the as-received material was tensile
strained to equivalent strains of e = 0.05, e = 0.10,

Table I.

Nanoﬂex

–

In all cases, annealing, including heating and
cooling, was performed in a horizontal tube furnace
with a protective argon atmosphere. Cooling was
achieved by moving the sample to a cold part of the
furnace. Plastic deformation through tensile straining
was applied to tensile test specimens with dimensions
in accordance with ASTM standards.[40] For all
deformed specimens, a strain rate of 6.7 9 10( 3) s 1
was applied to a pre-deﬁned equivalent strain level.
Prior to low-temperature nitriding, samples with
dimensions 15 9 12.5 mm2 were ground and polished
to a surface ﬁnish of 1 lm. The plastic deformation
zone induced by the grinding and polishing was
removed with electro-polishing in a commercial
Calamo Electrolyte solution at an applied current
density of 25 to 35 A dm 2 for 600 seconds.
Low-temperature nitriding or nitrocarburizing was
performed in a LAC furnace model PKRC 55/09
retroﬁtted for gaseous nitrocarburizing. The surface of
the material was activated in situ by a proprietary
procedure. The temperature was monitored for the
entire process with a type K (chromel/alumel) thermocouple. The low-temperature surface engineering processes carried out for the diﬀerent treatments are listed
in Table II.

Chemical Composition of Nanoﬂex in Wt Pct as Determined and Certiﬁed by the Supplier, Sandvik Materials
Technology
C

Si

Mn

Cr

Ni

Mo

Ti

Cu

Al

0.008

0.26

0.34

11.72

8.8

3.84

0.86

1.88

0.35
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and e = 0.15 and successively subjected to low-temperature nitriding at 673 K and 693 K (400 C and
420 C) for 20 hours. Also, nitrocarburizing was
performed at 693 K (420 C) for 80 hours in a
propene/ammonia atmosphere.
Condition B: the as-received material was annealed
at 1223 K (950 C) for 1800 seconds (referred to as
B1) to obtain stable austenite. Hereafter, the material was tensile strained to an equivalent strain of
e = 0.25 (referred to as B2). All the materials in
conditions B1–B2 were subjected to low-temperature
nitriding at 693 K (420 C) for 20 hours.
Condition C: the as-received material was annealed
at 1423 K (1150 C) for 900 seconds to obtain
unstable austenite (referred to as C1) that quickly
transforms into isothermal martensite at room temperature. To avoid isothermal martensite formation,
some samples were cooled to 373 K (100 C) after
annealing and immediately transferred to the tensile
test facilities where deformation to an equivalent
strain of e = 0.25 (referred to as C2) was applied,
while the samples cooled to room temperature.
Furthermore, samples in condition C1 were subjected to deep cooling at 233 K ( 40 C) for
24 hours for isothermal transformation to martensite (referred to as C3). All samples in conditions
C1–C3 were subjected to low-temperature nitriding
at 693 K (420 C) for 20 hours.
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20
693 (420 C)

as received
annealing [1223
annealing [1223
annealing [1423
annealing [1423
annealing [1423
A3
B1
B2
C1
C2
C3
C

as received
A2

B

as received
A1
A

K
K
K
K
K

(950 C), 1800
(950 C), 1800
(1150 C), 900
(1150 C), 900
(1150 C), 900

s]
s]
s]
s]
s]

plastic deformation (e = 0.15)
—
plastic deformation (e = 0.25)
—
plastic deformation (e = 0.25)
cryogenic treatment [233 K ( 40 C), 24 h]

LTN

20
80
20
80
20
20
C)
C)
C)
C)
C)
C)
(420
(420
(420
(420
(400
(420
693
693
693
693
673
693
LTN
LTNC
LTN
LTNC
LTN
LTN
—
—
plastic deformation (e = 0.05, 0.10, 0.15)

Time
(h)
Temperature
(K)
Thermochemical
Treatment
Plastic Deformation/Cryogenic Treatment
Initial Condition
Type
Condition

Table II. Combinations of Annealing, Deformation, and Low-Temperature Surface Hardening Treatment Applied on Nanoﬂex (LTN = low-Temperature Nitriding;
LTNC = Low-Temperature Nitrocarburizing)
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B. Microstructure Characterization
Reﬂected light microscopy was performed on all
samples before and after nitriding. The materials were
ground and polished according to standard metallographic techniques and etched with Kalling’s Reagent
No. 1 for 4 to 10 seconds, depending on the sample
condition.
The samples were also subjected to X-ray diﬀraction analysis with a Bruker D8 AXS X-ray diﬀractometer equipped with Cr-anode and a Göbel mirror
in the incident beam; Bragg-Brentano symmetric
geometry was applied. The step size was equal to
0.03 deg 2h and the counting time was 4 seconds per
2h step.
The sample bulk and case hardness were determined
with microhardness indentation on a Future-Tech
FM700 instrument. For the bulk hardness evaluation
a load of 2 N was selected; the assessment of the
microhardness in the nitrided/nitrocarburized case was
carried out by applying a load of 0.05 N.
A composition-depth proﬁle over the nitrided and/
or nitrocarburized case was determined with glow
discharge optical emission spectroscopy (GD-OES),
using a Horiba Jobin Yvon GD proﬁler 2. The plasma
applied for controlled sputtering of the sample surface
was 1000 Pa pressure and 40 W. Concentration proﬁles of substitutionally and interstitially dissolved
components were obtained using a selection of stainless steel reference materials and c¢-Fe4N on pure iron
as a reference for nitrogen.
In order to determine the nature of the precipitates
formed during annealing at 1223 K (950 C) for
1800 seconds (referred to as B1), SEM investigation
and X-ray diﬀraction analysis were necessary. SEM
investigation was performed on a ground and polished
(1 lm) sample using an Inspect S, FEI microscope; an
acceleration voltage of 15 keV and a beam spot size of
5 nm were used.
An indication of the elemental composition of the
precipitates was revealed with an EDS (Oxford instruments) system attached to the SEM. An acceleration
voltage of 15 keV was also utilized for EDS
measurements.
X-ray diﬀraction analysis was performed on precipitate powders extracted by dissolving the metal
matrix. Electrochemical dissolution of the matrix was
performed in a 5 pct HCl-95 pct ethanol acidic
solution. The anode and cathode were, respectively,
the sample and a platinum grid surrounding the
sample. The dissolution was carried out at a constant
potential of 30 V until the complete dissolution on
30 g of Nanoﬂex in condition B1 was achieved. The
powders, collected on a glass plate, were rinsed
several times in pure ethanol in order to remove the
acidic solution and oxides possibly formed during the
process.
For characterization of precipitate powders, the
XRD patterns were obtained with a Bruker discover
D8 equipped with Cu-anode using Bragg-Brentano
geometry. The step size was equal to 0.03 deg 2h, and
the counting time was 20 seconds per 2h step.
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RESULTS AND INTERPRETATION
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Fig. 1—X-ray diﬀractograms of the as-received conditions and tensile-strained Nanoﬂex (samples A1 and A2).

Table III. Volume Fraction of the Martensite Content,
Determined with the Rietveld Evaluation Method[55,56] from
X-ray Diﬀractograms
Equivalent Deformation ( )

Martensite Content (Vol Pct)

0.0
0.05
0.10
0.15

40
56
66
79

400
380
360
340

Hardness/HV2N

1. Low-temperature nitriding (LTN) at 693 K
(420 C) for 20 hours
Due to formation of isothermal martensite during
storage, the as-received material had a limited ductility
with a maximal equivalent strain of e = 0.15 by tensile
straining. X-ray diﬀraction phase analysis performed on
the as-deformed sample revealed an increase of the
fraction of martensite, and a corresponding decrease of
the austenite content, with an increase of the equivalent
strain (Figure 1).
Evidently, the formation of deformation-induced
martensite (Table III) and the increase in dislocation
density as consequence of plastic deformation are
accompanied with an increase of the microhardness
value and a decrease of the variation in microhardness
(Figure 2).
The hardness approaches a level of saturation at
about 360 HV2N despite a continuous increase in
martensite content (cf. Table III). Evidently, an increase
in martensite content does not contribute to hardness
increase for volume fractions above 50 pct of
martensite.
Reﬂected light microscopy investigation of the as-received (A1) and strained conditions (A2) subjected to
low-temperature nitriding at 693 K (420 C) for
20 hours shows how the martensite/retained austenite
ratio has a signiﬁcant inﬂuence on the uniformity of the
nitrided case (Figure 3).
It is observed that the case that has developed during
low-temperature nitriding of the as-received condition
A1 Nanoﬂex steel (Figure 3(a)) is non-uniform in
thickness. The dual-phase initial condition leads to the
development of both expanded martensite and expanded
austenite, as indicated by X-ray diﬀraction phase
analysis (Figure 4). As the degree of plastic deformation
and the associated martensite content increase, the
nitrided case becomes more uniform and thicker. In
particular, the thickness of the case was 11(2) lm for
e = 0.05 deformation, 16(1.5) lm for e = 0.10 deformation, and 20(3) lm for e = 0.15 deformation. Along
with an increase of the martensite, dark-etched regions
appear in the nitrided layer, which indicate the precipitation of CrN along the grain boundaries.[41,42]
The XRD investigation (Figure 4) shows that both
expanded austenite and expanded martensite are present. The latter is identiﬁed as low-angle shoulders to
martensite reﬂections, while expanded austenite is represented by separate broad peaks at the low-angle side
of the austenite peaks.
Evidently, the phase distribution in the nitrided case
depends on the phase distribution prior to nitriding. In
the as-received samples, peaks of both expanded austenite and expanded martensite are clearly present. With
increasing degree of equivalent deformation, expanded
austenite vanishes and expanded martensite becomes the
only identiﬁable expanded phase.
No reﬂections of CrN were observed in the diﬀractograms. The absence of identiﬁable CrN peaks, despite

γ(111)

A. Condition A

320
300
280
260
240
220
200
180

Bulk HV Nanoflex

160
0.00

0.05

0.10

0.15

0.20

Equivalent Strain/Fig. 2—Hardness vs equivalent deformation for Nanoﬂex.

minor indications of its presence in reﬂected light
micrographs (Figure 3), is ascribed to the nano-sized
diﬀracting domains and the low volume fraction of CrN
as compared to the other phases. Also, the broadened
line proﬁles of martensite in the diﬀractograms may in
some cases (for example the 200 martensite peak)
obscure the presence of CrN.
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Fig. 3—Nanoﬂex after tensile deformation and low-temperature nitriding at 693 K (420 C) for 20 h; (a) = As received, (b): e = 0.05, (c):
e = 0.10, (d): e = 0.15.
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Fig. 4—X-ray diﬀraction analysis of Sandvik Nanoﬂex after
low-temperature nitriding [693 K (420 C for 20 h)] of the as-received and tensile-strained conditions. c and a designate austenite
and martensite. cN and a¢N are the expanded phases..

In the bulk of the treated material, a precipitation
hardening eﬀect occurs due to the aging of the martensite.[24,25] Hence, simultaneous surface and bulk hardening is achieved during low-temperature nitriding. As
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Fig. 5—Bulk hardness of Nanoﬂex before and after the nitriding
treatment at diﬀerent degrees of plastic deformation.

martensite is the precipitation hardenable phase, a more
eﬃcient aging eﬀect is observed for a higher martensite
content. For higher degrees of plastic deformation, the
martensite content is higher and more evenly distributed
throughout the sample. Therefore, with increasing
equivalent strain, a higher hardness value, a larger
increase as compared to the (deformed) as-received state
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and a narrower hardness range are found for the bulk
hardness (Figure 5).
The hardness proﬁles over the cases developed during
nitriding are given in Figure 6. Consistent with the
observation in the micrographs that the depth of the
nitrided case increases with equivalent strain and
martensite content, the hardness proﬁle over the nitrided
case is strongly inﬂuenced by the initial phase
distribution.
2. Low-temperature nitriding (LTN) at 673 K
(400 C) for 20 hours
Encouraged by successful nitriding response of
Nanoﬂex with high martensite contents in Section III–A–1, an additional treatment (A3) was performed on Nanoﬂex strained at the maximum
equivalent strain. The nitriding temperature was
reduced to 673 K (400 C), while nitriding time and
ammonia gas ﬂow remained unaltered.

1400

Hardness/HV0.05N

1200
1000
800
600

Nanoflex strained ε=0.05
Nanoflex strained ε=0.10
Nanoflex strained ε=0.15

400
200
0

10
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Depth/µm
Fig. 6—Hardness-depth proﬁles of Nanoﬂex in deformed (e = 0.05,
e = 0.10 and e = 0.15) condition and subsequently nitrided at
693 K (420 C) for 20 h. Hardness-depth proﬁles were measured
with a 0.05 N load.

The micrograph are shown in Figure 7. Despite a
signiﬁcant reduction of the nitriding temperature, a
uniform nitrided case developed. No dark-etched
regions were found, suggesting a high corrosion potential of the nitrided case due to the absence of CrN
precipitates.
Evidently, a reduction of the nitriding temperature
from 693 K to 673 K (420 C to 400 C) has a strong
inﬂuence on the thickness and hardness proﬁle of the
nitrided case. The nitriding layer produced for this
process condition had a thickness of 10(1) lm and a
hardness of 1150 HV0.05N (Figure 8) in contrast to
20(3) lm and 1300 HV0.05N for the treatment at 693 K
(420 C). Moreover, a lower bulk hardness of
521(41) HV2N was found, as compared to 612(14)
HV2N at 693 K (420 C). All these eﬀects can be directly
ascribed to the temperature reduction, which results in
slower diﬀusion kinetics of nitrogen through the nitrided
zone and slower precipitation kinetics of the phases
causing bulk hardening [e.g., Ni3(Ti,Al)].[24–28]
3. Low-temperature nitrocarburizing (LTNC) at
693 K (420 C) for 80 hours
Nanoﬂex in the as-received (A1) and tensile deformed
(A2) states were subjected to a low-temperature nitrocarburizing process at 693 K (420 C) for 80 hours in an
ammonia-propene mixture. The reﬂected light micrographs are depicted in Figure 9.
The uniformity and morphology of the nitrocarburized case are sensitive to the material’s phase composition prior to the surface engineering process. The sample
in the as-received condition contains a signiﬁcant
amount of retained austenite, leading to a non-uniform
case depth during nitrocarburizing. The irregular
unetched regions in Figure 9(a) are identiﬁed as
expanded austenite formed from dissolving nitrogen
and carbon into retained austenite. With increasing
equivalent strain the martensite content increases, the
nitrocarburized case becomes thicker [65(5) lm] and
uniform. No signiﬁcant diﬀerence can be discerned
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Bulk Hardness
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Fig. 7—Nanoﬂex deformed (e = 0.15) and nitrided at 673 K
(400 C) for 20 h; Case thickness 10(1) lm.
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Fig. 8—Hardness proﬁle of Nanoﬂex tensile deformed (e = 0.15)
and nitrided at 673 K (400 C) for 20 h.
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Fig. 9—Nanoﬂex plastically deformed and nitrocarburized at 693 K (420 C), 80 h; (a) = Annealed, (b): e = 0.05, (c): e = 0.10, (d): e = 0.15;
case depth measured for the strained samples (b), (c) and (d) is 65(5) lm.
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Fig. 10—X-ray diﬀractograms of Sandvik Nanoﬂex after nitrocarburizing [693 K (420 C), 80 h] of the as-received and tensile-deformed conditions strained to the equivalent strains indicated.

between the samples deformed at the three diﬀerent
strain levels.
X-ray diﬀraction phase analysis shows a dependence
of the phase present in the nitrocarburized case on the
METALLURGICAL AND MATERIALS TRANSACTIONS A

phase distribution prior to thermochemical treatment
(Figure 10).
For the annealed sample, wherein a signiﬁcant
amount of retained austenite is present, nitrocarburizing
leads to both expanded austenite and expanded martensite in the outermost region, in accordance with a mixed
microstructure in Figure 9(a). For the strained samples,
the dominant phase identiﬁed is expanded martensite in
accordance with a continuous light gray zone in
Figures 9(b) through (d). Considering the thickness of
the case developed (Figures 9(b) through (d)), the X-ray
diﬀractograms of the strained samples originate from
the light gray zone because the dark-etched region lies
too deep to be probed by the applied X-radiation.
GD-OES proﬁles revealed that nitrogen (Figure 11(a)) is predominantly present in the surface-adjacent light gray part of the case, while carbon
(Figure 11(b)) is present underneath and bridges the
transition to the unaﬀected core.
The concentration proﬁles for nitrogen and carbon
show a higher interstitial content for the as-received
state as compared to the deformed samples. This is
ascribed to the higher interstitial solubility in austenite
than in martensite and the presence of retained austenite
in the as-received and nitrided condition (Figure 11).
The case depths for in particular the nitrogen enrichment are largest for the deformed states because the
diﬀusion rate of interstitials is faster in martensite than
in austenite.[43,44] See in this respect also Reference 49.
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The nitrogen-expanded region has a higher hardness
compared to the carbon expanded region (Figure 12).
As conﬁrmed from the hardness and GD-OES proﬁles,
the carbon expanded region bridges the hardness
decrease from the high hardness value in the nitrogen-expanded part of the case to the softer core: the
hardness decreases gradually from 1300 to 600 HV over
30 lm, as compared to the sharp case-core transition
obtained on nitriding, where this occurs in a few microns
(Figure 6). Note that the case depth achieved after
80 hours of treatment is about 65 lm and the hardness
in the bulk is equal to that obtained after 20 hours of
nitriding at the same temperature (cf. Figure 6), indicating that no signiﬁcant additional precipitation hardening has occurred.
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1. Pre-treatment: annealing at 1223 K (950 C)
This experimental condition was applied to obtain a
more stable austenite phase from the as-received material by annealing at 1223 K (950 C) for 1800 seconds in
argon atmosphere in a horizontal tube furnace (B1).
The stabilizing eﬀect is mainly due to precipitates that
are present after the annealing heat treatment. In this
respect, ThermoCalc, applying the steel database TCFE
version 7.0, predicts driving forces for the formation of
Laves phase (Fe2Mo) and, in particular, chi-phase
(Fe36Cr12Mo10) at temperatures below 1223 K
(950 C); cf. Figure 13. The stability range of these
intermetallic compounds is close to the applied annealing temperature of 1223 K (950 C); incomplete dissolution of these compounds is expected for this treatment.
At 1423 K (1150 C), full dissolution of intermetallic
compounds will occur relatively fast, hence resulting in a
fully austenitic structure.

(b)
Fig. 11—GD-OES Nitrogen (a) and Carbon (b) concentration proﬁle
for Nanoﬂex nitrocarburized at 693 K (420 C), 80 h.
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Fig. 12—Hardness proﬁle of Nanoﬂex tensile deformed (e = 0.15)
and nitrocarburized at 693 K (420 C), 80 h.
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Fig. 13—Equilibrium phase composition of Nanoﬂex shows that
Laves phase and chi-phase are stable phases for relatively high temperatures and develop in the austenite matrix. At the annealing temperature 1223 K (950 C), a small fraction of Laves phase can
develop. The diagram shows that a driving force exists for the development of abundant chi-phase and Laves phase upon heating and
during cooling after annealing. Calculations were performed with
ThermoCalc using the steel database TCFE vs 7.0.
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(c)
Fig. 14—(a) Back-scattered electron micrograph of Nanoﬂex’s microstructure after annealing at 1223 K (950 C), 1800 s. (b): EDS map of Mo
La radiation showing the presence of Mo enriched areas in the microstructure. (c) Phase composition of residue after dissolution of the metallic
matrix shows Laves phase and in particular chi-phase.

A back-scattered electron micrograph (Figure 14(a))
and a corresponding map of the distribution of characteristic Mo La radiation (Figure 14(b)) show that indeed
precipitation has occurred and that the precipitates are
enriched in Mo as compared to the surrounding matrix.
Dissolution of the metallic matrix and X-ray diﬀraction
phase analysis of the residue shows convincingly that
Laves phase and in particular chi-phase were present in
the alloy after annealing.
The resulting steel hardness after annealing is 205(5)
HV2N. The austenite stability was veriﬁed with an
attempt to develop isothermal martensite by subjecting a
sample to a treatment at 233 K ( 40 C) for 24 hours,
as applied commercially to isothermally transform
austenite into martensite in Nanoﬂex. Indeed, no
isothermal martensite was formed during the treatment,
thereby conﬁrming that the precipitation of Laves and
METALLURGICAL AND MATERIALS TRANSACTIONS A

chi-phase, containing ferrite-forming elements, had
enhanced the stability of austenite.
2. Pre-treatment: plastic deformation
The annealed material was tensile strained to an
equivalent deformation level of e = 0.25 (B2). Reﬂected
light microscopy did not reveal clear changes in the
microstructure after straining, but the hardness had
increased to 364(7) HV2N.
X-ray diﬀraction investigation in Bragg-Brentano
geometry (Figure 15) shows the deformation had converted most of the austenite into strain-induced martensite; Rietveld reﬁnement[42,43] yielded about 83 pct
martensite. Note that the peaks of Laves and chi-phase
are very small (cf. Figure 14(c)) because of the abundance of the surrounding matrix.
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3. Low-temperature nitriding at 693 K (420 C) for
20 hours
Nanoﬂex in the diﬀerent conditions (B1, B2) was
low-temperature nitrided at 693 K (420 C) for
20 hours.
For the Nanoﬂex in the annealed conditions B1 and B2,
reﬂected light microscopy (Figure 16) reveals a uniform
nitrided case at the surface. The thickness and the
hardness of the nitrided case of B1 are 6(1) lm and
1150 HV0.05N, respectively. Compared to the sample in
Figure 3(a), this is a relatively shallow case depth. A much
deeper case of 25(3) lm and a higher hardness of
1400 HV0.05N are observed for nitrided B2 (Figure 16(b)).
X-ray diﬀractograms of nitrided B1 and B2 (Figure 17) reveal the presence of expanded austenite peaks
with a broad high-angle tail for 111 and 200 in B1
(Figure 17(a)), while nitrided B2 consists of expanded
martensite in the analyzed depth range with XRD
(Figure 17(b)). The 220 peak for expanded austenite in
Figure 17(a) appears to be subdivided in two peaks. No
indications of CrN formation are observed in the
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nitrided B1 and B2 samples. As follows from the XRD
investigation, the material transforms almost completely
into strain-induced martensite after the plastic straining
(cf. Figure 15). Low-intensity peaks of retained austenite are still visible. The martensitic microstructure has a
completely diﬀerent response to nitriding compared to
the austenitic microstructure.
For B1, the bulk hardness increased from 203 to
239HV2N. In contrast with the as-received and strained
conditions, no pronounced bulk hardening is observed
along with surface hardening because the alloy is and
remains (mostly) austenitic (Figure 18(b)).
GD-OES proﬁles measured for the samples B1 and B2
(Figure 18(a)) revealed a signiﬁcant diﬀerence in the nitrogen-depth proﬁles. Surprisingly, sample B2, which is martensitic, shows a higher nitrogen content compared to the
austenitic B1 sample. The higher nitrogen content and the
deeper penetration are consistent with the case depths derived
from reﬂected light microscopy (Figure 16). Diﬀusion of N in
martensite proceeds faster than in austenite.[43,44]
Hardness proﬁles for B1 and B2 samples are compared in Figure 18(b). Sample B1 reaches a maximum
hardness of 1150 HV0.05N, while sample B2 reaches 1400
HV0.05N. The maximum hardness in the martensitic B2
is higher than the hardness achieved in other martensitic
samples. This may be a consequence of the high nitrogen
content in B2 (Figure 18(a)).
Finally, bulk hardening in martensite of sample B2,
simultaneously with surface hardening, leads to a
hardness of 652(13) HV2N after nitriding. This hardness
is signiﬁcantly higher than the maximum hardness
achieved in the bulk after nitriding of the strained
as-received material, which is about 600 HV2N.
Undoubtedly, the development of Laves and chi-phase
has an inﬂuence on the precipitation sequence during
bulk hardening, because the Mo depletion of matrix
associated with Laves and chi-phase formation implies
that no Ni3Mo and (ﬁne) Fe2Mo can be expected to
precipitate in the bulk during nitriding.

2θ Angle/deg
Fig. 15—X-ray diﬀractograms of annealed [1223 K (950 C), 1800 s]
and subsequently plastically deformed Nanoﬂex.

C. Condition C
Condition C was included to investigate the response
of unstable austenite that has a tendency to transform to

Fig. 16—Optical micrographs of (a) Nanoﬂex annealed (B1), and nitrided [693 K (420 C) for 20 h]; Case depth 6(1) lm and (b) Nanoﬂex
annealed [1223 K (950 C), 1800 s], deformed (e = 0.25) and nitrided [693 K (420 C), 20 h] (B2); Case Depth 25(3) lm.
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Fig. 18—GD-OES (a) and hardness proﬁles (b) after nitriding sample B1 and B2 at 693 K (420 C) for 20 h.

(b)
Fig. 17—X-ray diﬀractograms of (a) sample B1 nitrided and (b)
sample B2, both nitrided at 693 K (420 C) for 20 h. Nitrided sample B1 shows mainly expanded austenite, while nitrided sample B2
shows predominantly expanded martensite.

isothermal martensite at room temperature. Annealing
was carried out at 1423 K (1150 C) for 900 seconds.
The microstructure of the material after this treatment
(and cross section sample preparation) is given in
Figure 19.
Signiﬁcant grain coarsening is observed as a result of
annealing at a high temperature. A large amount of lath
martensite has developed as a consequence of isothermal
transformation and mechanical grinding/polishing during sample preparation for metallographic analysis
(Figure 19).
Sample C1 was selected as the starting condition for
two other processes (C2 and C3): tensile straining
(eeq = 0.25) (C2) and a cold treatment [233 K
( 40 C) for 24 hours] (C3). Both these treatments were
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Fig. 19—Microstructure of Nanoﬂex after annealing at 1423 K
(1150 C), 900 s (C1). Sample preparation at room temperature has
led to the formation of lath martensite.

VOLUME 46A, NOVEMBER 2015—5211

103

Fig. 20—Reﬂected light micrographs of (a) sample C1, (b) sample C2, and (c) sample C3 all nitrided at [693 K (420 C) for 20 h]. The case
depths for samples C2 and C3 are identical, i.e., 22(2) lm, while for sample C1 an irregular case depth was obtained.

performed immediately after annealing, to prevent
isothermal transformation at room temperature**.
**The amount of isothermal martensite that develops in 1 hour is
about 20 pct, while 10 hours is needed to reach 50 pct isothermal
transformation.

Samples in conditions C1, C2, and C3 were subjected
to low-temperature nitriding at 693 K (420 C) for
20 hours. It is important to mention that the polishing
and electro-polishing operations for sample C1 were
carried out before the annealing in order to limit the
holding time at room temperature before the low-temperature nitriding process.
The nitriding of annealed sample C1 led to the
formation of a non-uniform nitrided case (Figure 20(a)).
The case produced has an average thickness of 12(4) lm
but shows irregularities, which suggests that the matrix
contained both austenite and martensite during nitriding
and that partial martensite formation did occur, even
though the sample was kept at room temperature for a
limited amount of time before being transferred to the
furnace for the nitriding process. In this respect, it is
noted that the martensitic microstructure visible in
Figure 20(a) is likely to have formed after nitriding,
either by (continued) isothermal transformation or as a
consequence of the deformation introduced on grinding/
polishing to reveal the microstructure.
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The nitriding response of samples C2 (Figure 20(b))
and C3 (Figure 20(c)) diﬀer signiﬁcantly from sample
C1, because samples C2 and C3 were treated such as to
convert austenite into martensite by strain-induced
transformation (C2) or by isothermal transformation
by deep cooling. The case depths achieved with nitriding
of samples C2 and C3 are identical and amount to
[22(2) lm]. In the outermost regions of the nitrided cases
of samples C2 and C3, dark-etched regions may hint to
the local presence of CrN.
X-ray diﬀraction investigation of Nanoﬂex in the
conditions C1–C3 conﬁrmed the diﬀerence in the phase
composition of the case in relation to the treatment
prior to nitriding (Figure 21). In condition C1,
expanded austenite and expanded martensite peaks
coexist, while low-temperature nitriding of samples C2
and C3 led to the formation of expanded martensite
only, due to the presence of a fully martensitic matrix
prior to nitriding. No XRD evidence for the development of CrN was found.
Hardness-depth proﬁles in Figure 21 show a diﬀerence between C1 and C2/C3 that is consistent with the
above microscopical and XRD analyses. A more gradual case-core transition is found for sample C1, while a
sharper transition is observed for sample C2 and C3.
This trend reﬂects perfectly what is also observed in the
micrographs (Figure 20). The coexistence of unstable
austenite and isothermal martensite in condition C1
leads to the formation of a non-uniform case, while the
METALLURGICAL AND MATERIALS TRANSACTIONS A
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Fig. 21—X-ray diﬀractogram of Nanoﬂex annealed [1223 K
(950 C), 1800 s], deformed (e = 0.25) and nitrided. Hardness-depth
proﬁles of Nanoﬂex C1, C2, and C3 nitrided at 693 K (420 C) for
20 h. Hardness-depth proﬁles were measured with a 0.05 N load.

Condition

IV.

DISCUSSION

Potentially, simultaneous surface and bulk hardening
of precipitation hardening stainless steels available
under the tradename Nanoﬂex is an attractive possibility to tailor materials performance. The present work
shows that the outcome of a combined surface and bulk
hardening treatment depends strongly on the initial state
of the alloy. Surface and bulk hardening abilities will be
discussed separately below.
A. Low-Temperature Surface Hardening of Nanoﬂex

200

Table IV.

presence of a fully martensitic matrix (C2–C3) prior to
nitriding leads to a deeper case and a sharp case-core
transition.
The highest hardness was found for the case of C2/
C3, i.e., 1400 HV0.05N, albeit only slightly higher than
for sample C1.
A major discrepancy is observed between the bulk
hardness values for sample C1 as compared to samples
C2/C3. For sample C1 the bulk hardness after nitriding
was 300(30) HV2N; for samples C2 and C3 hardness
values of 595(12) HV2N and 610(11) HV2N were found,
respectively. The observed increase in bulk hardness for
sample C1, with respect to that of unstrained austenite
(Figure 2), is modest and very small as compared to
hardness increases in samples C2/C3. Again this indicates that a minor fraction of martensite was present in
sample C1 on nitriding.

In Table IV, a summary of the case thicknesses for all
the diﬀerent experimental condition is given. Starting
from a fully austenitic substrate, nitrogen-expanded
austenite is obtained in the surface region by the ingress
of nitrogen during low-temperature nitriding, while
nitrogen-expanded martensite is formed if the initial
state is entirely martensitic. Since the diﬀusion coeﬃcient of N in austenite is signiﬁcantly lower than in

Thickness of the Case Developed for All the Diﬀerent Experimental Condition During the Surface Engineering Process
(LTN = low-Temperature Nitriding; LTNC = Low-Temperature Nitrocarburizing)
Initial Condition

Treatment

A1
A2

as received
as received + tensile straining

LTN-693 K (420 C), 20 h
LTN-693 K (420 C), 20 h

A3
A1
A2

as received + tensile straining
as received
as received + tensile straining

LTN-673 K (400 C), 20 h
LTNC-693 K (420 C), 20 h
LTNC-693 K (420 C), 20 h

B1
B2

as received + annealing 1223 K (950 C), 1800
as received + annealing 1223 K (950 C), 1800
straining (e = 0.25)
as received + annealing 1423 K (1150 C), 900
as received + annealing 1223 K (950 C), 1800
straining (e = 0.25)
as received + annealing 1223 K (950 C), 1800
straining (e = 0.25) + cold treatment [233 K (

C1
C2
C3
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Layer Thickness

s
s + tensile

LTN-693 K (420 C), 20 h
LTN-693 K (420 C), 20 h

N/A non-uniform
11(2) (e = 0.05)
16(1.5) (e = 0.10)
20(3) (e = 0.15)
10(1) (e = 0.15)
N/A non-uniform
65 (5) (e = 0.05)
65(5) (e = 0.10)
65(5) (e = 0.15)
6(1)
25(3)

s
s + tensile

LTN-693 K (420 C), 20 h
LTN-693 K (420 C), 20 h

12(4)
22(2)

s + tensile
40 C), 24 h]

LTN-693 K (420 C), 20 h

22(2)
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martensite, and generally, the maximum solubility of
nitrogen in austenite is higher than in martensite,
implying that a smaller fraction of the inward ﬂux of
nitrogen atoms is used for stabilizing martensite than for
stabilizing austenite, a thinner nitrided case develops on
austenite than on martensite.[45]
In the outermost regions of the expanded martensite
case, dark-etched areas were observed, which hint at the
development of CrN precipitates at these low process
temperatures, while similar indications of CrN formation were not observed in expanded austenite. Usually,
CrN is the result of the decomposition of expanded
austenite and is promoted by a higher nitrogen content
and longer treatment time. The early development of
CrN in expanded martensite is explained from the
energetically favorable Baker-Nutting orientation relationship between the (expanded) b.c.c. (b.c.t.) lattice and
NaCl-type CrN, which lowers the nucleation barrier (see
Reference 46 and references therein). These results are
consistent with recent observations that the presence of
deformation-induced martensite in nitrided AISI 304
promotes CrN formation, while no such CrN formation
occurs in expanded austenite.[45] The formation of CrN
is expected to lead to locally impaired corrosion
resistance as a consequence of Cr-depletion from solid
solution.
Previously, it has been reported that the dissolution of
nitrogen in martensitic AISI 630 (17.4 PH) leads to a
transition of expanded martensite to expanded austenite
(and eventually epsilon nitride).[47] A similar transition
to expanded austenite was not observed in the present
series of experiments, despite a large similarity of the
nitriding conditions in Reference 47 and the present
work. The observed diﬀerence in nitriding performance
could be a consequence of two main aspects. The
nitriding experiments described in this paper are carried
out in an industrial furnace, where a certain, unknown
degree of dissociation takes place at the furnace walls,
which eﬀectively reduces the nitrogen activity in the gas
phase as experienced by the sample. On the other hand,
the experiments in References 7 and 47 were performed
in a thermobalance, where ammonia dissociation is
largely prevented. A higher nitrogen activity in thermobalance experiments promotes the formation of
austenite and epsilon phase. Furthermore, the appreciably higher content of ferrite stabilizing elements is
present in Nanoﬂex than in AISI 630, leading to a
signiﬁcant increase of the Cr equivalent from about 12
for AISI 630 to about 21 for Nanoﬂex. The Ni
equivalent in Nanoﬂex (about 10) is also higher than
in AISI 630 (about 7), but not as signiﬁcant as the Cr
equivalent. The Schaeﬄer diagram would predict that
Nanoﬂex should contain a small amount of ferrite (not
martensite) in austenite after cooling to room temperature, while AISI 630 should be fully martensitic.
Apparently, the isothermal or strain-induced transformation of austenite into martensite in Nanoﬂex does not
allow the reverse transition into austenite upon nitrogen
dissolution.
Comparison of the morphology, thickness, and hardness of the case formed on isothermal martensite and
strain-induced martensite showed that identical
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nitriding performance is achieved, irrespective of the
formation mechanism of martensite. This is particularly
clear from comparing the nitriding response of samples
C2 and C3.
A peculiar observation is the subdivision of, in
particular, the 220 expanded austenite peak for nitrided
Nanoﬂex after annealing (Figure 17). A tentative explanation is given here. Upon annealing chi-phase and
Laves phase precipitate. The precipitates remove ferrite-forming elements Cr and Mo from solid solution.
As the formation of expanded austenite relies on short
range ordering of Cr and N atoms (and possibly also on
Mo and N atoms), the maximum nitrogen content in the
Cr (and/or Mo) depleted regions is reduced as compared
to regions where no depletion has occurred.[4,48] Accordingly, the splitting of the 220 cN peak could be explained
from the presence of regions with low and high Cr (and
Mo) contents.
Eventually, when both austenite and martensite are
present prior to nitriding, two expanded phases develop.
As a consequence of diﬀerent nitrogen diﬀusivities in
these phases, the case can be inhomogeneous in phase
composition and non-uniform in thickness, as most
clearly observed in Figure 3(a). The actual variation in
thickness is anticipated to depend on the average
thickness of the nitrided zone as compared to the size
of austenite and martensite regions. When the size of
austenite and martensite regions becomes much smaller
than the average thickness of the nitrided zone, an
eﬀectively uniform case depth can result.
Nitrocarburizing leads to the development of a
nitrogen-enriched zone close to the surface and a
carbon-enriched zone underneath, as has previously
been observed for other austenitic and martensitic
stainless steels.[4,49–52] Consequently, the hardness
decrease from 1300 HV0.05N in the nitrogen-rich zone
to 600 HV2N in the hardened substrate is bridged by the
carbon containing region, such that a gradual hardness
decrease results, while for nitriding this transition is
abrupt. Such a gradual hardness distribution can be
considered advantageous for the adherence of the case
and for improved fatigue performance, as it would be
associated with a gradual transition in residual stress.
B. Bulk Hardening of Nanoﬂex
The precipitation hardening process taking place
simultaneously with the surface hardening depends
strongly on phases present in the material prior to
low-temperature surface hardening. In Nanoﬂex, precipitation hardening only occurs in martensite.[24–26]
Consequently, hardness increase by precipitation is only
achieved in martensite regions of the sample; the
hardness of austenite in the bulk remains unaﬀected.
The higher the martensite content, the higher is the
average hardness (increase) achieved in the matrix
(Figure 5). Moreover, an increase of the martensite
content leads to less variation in the measured hardness
values in the matrix before and after nitriding
(Figure 5).
No signiﬁcant hardness diﬀerence was observed
between isothermal and strain-induced martensite
METALLURGICAL AND MATERIALS TRANSACTIONS A

(samples C2 and C3). Also, the hardness values obtained
in the bulk of C2/C3, i.e., about 600 HV2N, are identical
to those of the as-received and tensile strained material
(sample A2 e = 0.15; cf. Figure 5). On the other hand,
sample B2, containing chi-phase and Laves phase in
addition to strain-induced martensite, has a bulk hardness after nitriding that is signiﬁcantly higher than for
C2/C3 and A2 (e = 0.15). The reason for this diﬀerence
was not investigated further. It is suggested that the
presence of chi-phase, Laves phase and, in particular,
the associated Mo depletion of the matrix aﬀects the
precipitation sequence in the bulk. Obviously, if most
Mo is removed from solid solution by chi-phase
formation, hardening can no longer be based on the
precipitation of Fe2Mo and Ni3Mo. [25,26,53,54]
An interaction of dissolving nitrogen with the strong
nitride formers Al and Ti might be anticipated to lead to
fast precipitation of AlN and TiN, particularly in the
martensitic (b.c.c.) matrix, prior to the formation of
expanded phases (cf. Reference 50). This was not further
investigated in the present work. It is argued that such
precipitation is limited to the surface region (and
perhaps responsible for darker etching in this regions
as observed in samples B2 and C2/C3) and obscured in
XRD analyses by expanded phases, while concurrently,
Ni3(Ti,Al) develops in the bulk before nitrogen arrives.
A further analysis of these details is considered beyond
the scope of the present work.

V.

CONCLUSIONS

In this study, bulk and surface hardening processes
were successfully combined and the experimental results
show how it is possible to tailor the surface and bulk
properties by controlling the material’s initial
microstructure and the surface hardening process
parameters.
Prior to nitriding, the as-received material was subjected to diﬀerent annealing and deformation treatment
in order to modify the phase distribution in the material.
All the materials were successfully nitrided, but the
initial microstructure and phase distribution have a
major impact on the morphology, composition, and
properties of the case developing during nitriding/
nitrocarburizing. Upon low-temperature nitriding and
nitrocarburizing, the coexistence of martensite and
austenite leads to the formation of an inhomogeneous
case of non-uniform thickness due to a large diﬀerence
in interstitial diﬀusivity and a diﬀerence in solubility of
interstitials in austenite and martensite.
For the chosen experimental conditions, the presence
of an initially fully austenitic structure leads to the
formation of an expanded austenite case of uniform
thickness, while the presence of a fully martensitic
structure leads to the formation of expanded martensite
of uniform thickness. The faster diﬀusion ﬂux of
nitrogen and the lower nitrogen solubility limit in
martensite as compared to austenite, leading to the
formation of a thicker case on martensite. However, no
major diﬀerence in the layer morphology and hardness
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was found between isothermal and strain-induced
martensite.
Indications of (unwanted) CrN formation were
observed in the outermost region of the expanded
austenite, evidenced by dark-etched areas, thus suggesting loss of corrosion resistance.
Precipitation hardening in the bulk occurred simultaneously with the surface hardening process. A higher
fraction of martensite (precipitation hardenable phase)
results in increased bulk hardness after aging and a
reduction in the standard deviation.
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Abstract
In the past decades, high nitrogen steels (HNS) have been regarded as substitutes for conventional
austenitic stainless steels because of their superior mechanical and corrosion properties. However, the main
limitation to their wider application is their expensive production processes.
As an alternative, high temperature solution nitriding has been applied to produce HNS from three
commercially available stainless steel grades (AISI 304L, AISI 316 and EN 1.4369). The nitrogen content
in each steel alloy is varied and its influence on the mechanical properties and the stability of the austenite
investigated. Both hardness and yield stress increase and the alloys remain ductile. In addition, straininduced transformation of austenite to martensite is suppressed, which is beneficial for subsequent low
temperature nitriding of the surface of deformed alloys. The combination of high and low temperature
nitriding results in improved properties of both bulk and surface.

1 Introduction
The increasing demand for high-strength and corrosion-resistant alloys has resulted in the advent of highnitrogen steels (HNS) as a potential substitute for conventional stainless steels in various engineering
applications [1]. Interstitial alloying with nitrogen offers unique advantages over dissolving interstitial
elements as boron and carbon, because of the high solid solubility of nitrogen in austenite combined with
an effective solid-solution strengthening effect [2–4]. Nitrogen provides a remarkable increase in yield and
tensile strength, without sacrificing the toughness [4–7]. Furthermore N dissolved in steel is a strong
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austenite stabilizer, which means that lower amounts of expensive austenite formers as nickel are required
and the formation of ferrite and/or martensite upon solidification or deformation can be prevented [8].
In addition to a considerable improvement of the mechanical properties, the interstitial dissolution of
nitrogen in stainless steel can lead to a significant improvement of the resistance against localized corrosion
as crevice and pitting corrosion as it enhances the PREN and MARC numbers importantly [9–12]. Due to
the favorable combination of improved mechanical properties and corrosion performance, in the past
decades HNS have become an important class of engineering materials. However, despite several
advantages, the major obstacle to a wider application of this class of stainless steels is related to their
production. The solubility of nitrogen in liquid Fe is only 0.045 wt% at 1600 °C [13]. Consequently, the
production of HNS requires high-pressure melting technologies or the utilization of powder metallurgy
techniques [9,10]. In contrast to the liquid state, the solubility of nitrogen is higher in the solid state [2].
Hence, rather than dissolving nitrogen in the liquid state or the synthesis of high nitrogen steel powder, gas
treatment of the steel component, such as solution nitriding, followed by rapid (gas) quenching to prevent
nitride formation [15,16], can be applied to dissolve nitrogen in the matrix. This process can be applied to
austenitic stainless steel grades to enhance the austenite stability or to duplex and ferritic stainless steel in
order to stabilize the austenitic phase at high temperature.
The excellent bulk properties that can be obtained by solution strengthening can be coupled with
outstanding surface properties if the material is subsequently subjected to a low-temperature
thermochemical treatment [17–19]. Low-temperature nitriding for instance allows the dissolution of a high
amount of nitrogen (up to 38 at%) in the surface zone, leading to the formation of a supersaturated solid
solution known as expanded austenite [17] or S-phase [18,19]. The formation of an expanded austenite
case results in a significant improvement in the resistance to galling and improves pitting corrosion
properties as well as a considerable increase in the wear and fatigue resistance of the component [20–26].
In the present work, high temperature solution nitriding (HTSN) and low temperature nitriding (LTN) are
investigated. Both processes entail incorporation of nitrogen in solid solution in stainless steel. Different
HTSN treatments were applied onto three commercial alloys (AISI 316, AISI 304L and EN. 1.4369) to
study the influence of nitrogen alloying on the mechanical properties and behavior upon tensile
deformation.
HTSN treated materials before and after plastic deformation were subsequently low-temperature nitrided
and the nitriding response was analyzed to investigate the sensitivity of the low-temperature nitriding
treatment for the solution nitrided and deformed structure.

2 Experimental
2.1 Materials
The compositions of the alloys investigated in this study (AISI 316, AISI 304L and EN 1.4369) are given in
Table 1. The most important differences between these three commercially available stainless steel grades
are the Cr, Ni and Mn contents, which influence the nitrogen solubility and the stability of the austenite
phase against martensite formation during plastic straining [5].
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The materials were delivered as sheets: AISI 316 and EN 1.4369 as 0.7mm-thick sheets and AISI 304L as
0.45mm-thick sheet. Microstructure analysis revealed a fully austenitic structure for all the three alloys,
with hardness and grain sizes as given in Table 2. The microstructure investigations are consistent with an
annealed state of the as-received sheet materials. The higher hardness in EN 1.4369 as compared to AISI
316 and AISI 304L, despite the larger grain size, is explained from the solution strengthening induced by
the presence of nitrogen as an alloying element.
Table 1: Chemical compositions of AISI 316, AISI 304L and EN 1.4369 in wt% as determined by the
suppliers, Lemvigh Muller and Sandvik Materials Technology.
C

Si

Mn

Cr

Ni

Mo

N

AISI 316

0.07

0.4

1.6

17.0

10.55

2.0

0.05

AISI 304L

0.03

0.32

1.78

18.28

8.08

-

-

EN 1.4369

0.09

0.74

5.92

18.58

7.11

0.18

0.23

Table 2: Hardness and grain size distribution of the as-received stainless steels
Hardness (HV2N)

Grain Size (μm)

AISI 316

176

15(3)

AISI 304L

186

15(1)

EN 1.4369

211

30(5)

Tensile test specimens in accordance with ASTM standard E 8M-04 [27] were cut from the plate material
for determination of the mechanical properties and for applying pre-defined levels of tensile straining.

2.2 High-temperature solution nitriding
High-temperature solution nitriding treatment as applied in this work is a commercial process provided by
the company Expanite A/S [28,29]. Tensile test specimens of the three selected steel grades were subjected
to three different high-temperature solution nitriding treatments. The various steel grades were treated in
the same batch. All grades were treated at a solution nitriding temperature of 1423 K (1150°C) in three
batches at the N2 pressures 0.3 bar (HTSN1), 0.6 bar (not investigated in detail in this work) and 0.9 bar
(HTSN2). The durations of the treatments were the same and resulted in samples with uniform nitrogen
content throughout the sample. A high-pressure gas quench was applied to avoid the formation of nitride
precipitates during cooling. The nitrogen contents in the steels after the HTSN treatment were measured
with inert gas fusion thermal conductivity detection with a LECO TN500 nitrogen analyzer.
Thermodynamic equilibrium calculations related to solution nitriding of the alloys were performed using
Thermo-Calc version 4.1 with the Thermo-Calc TCFE7.0 database [30–32].
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2.3 Plastic deformation through tensile straining
Tensile test specimens obtained in as-received and solution nitrided conditions were plastically deformed to
different equivalent strain levels through tensile straining at a strain rate of 6.67*10-3s-1. The tensile loading
direction was chosen parallel to the rolling direction of the plate.
The materials were tensile strained up to the following equivalent strain levels:


AISI 316: 0.15, 0.30, 0.42



AISI 304L: 0.15, 0.30, 0.45.



EN 1.4369: 0.15, 0.30, 0.50.

The difference in final equivalent strains is related to a difference in ductility among the alloys.

2.4 Low-temperature nitriding
Specimens with dimension 15x12.5mm2 were cut from the solution nitrided tensile test specimens before
and after plastic deformation. These samples were ground and polished, using a final step of 3μm diamond
paste and subsequently electro-polished in order to remove the grinding-induced plastic deformation at the
surface. Electro-polishing was carried out in a “Struers Polectrol” using “Struers electrolyte A2” with an
applied potential of 30V and a current density of 2A/cm2.
The samples were low temperature nitrided in an industrial LAC annealing furnace model PKRC 55/09
retrofitted for gaseous nitriding under gas circulation. The sample surface was activated in-situ with a
proprietary treatment in order to enable the low-temperature surface hardening.
The low-temperature nitriding (LTN) process was performed for all samples at 703K (430 °C) for 20h in a
partly dissociated ammonia atmosphere. The process temperature was controlled during the entire
processing, including heating, nitriding and cooling, through a type-K thermocouple placed in the
proximity to the samples.

2.5 Microstructure characterization
The microstructure of all samples before and after plastic deformation and after low-temperature nitriding
was investigated in cross-sections with reflected-light microscopy. The samples were ground, polished and
etched with Kalling´s reagent no. 1 for 4-8s, depending on the sample condition. Micrographs were
collected using a Neophot 30 operated with a 100x oil immersion planapochromate objective for optimal
resolution.
A Future-tech FM700 was used for microhardness indentation; loads of 2N and 0.05N were applied for the
assessment of the hardness in the bulk and nitrided zone respectively. The bulk hardness values presented
are the average of 25 measurements.
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X-ray diffractometry for phase identification was carried out with the Bragg-Brentano symmetric setting
and with grazing incidence in a Bruker D8 AXS X-ray diffractometer equipped with Cr-anode and Göbel
mirror in the incident beam. The step size was equal to 0.03° 2θ and a counting time of 4s per 2θ step.
Glow discharge emission spectroscopy (GD-OES) was applied for the determination of the surface
composition profiles after LTN treatments. The controlled sputtering of the surface was performed with a
plasma at 1000Pa and 40W using a Horiba Jobin Yvon GD profiler 2. Quantification of the concentration
depth-profiles was achieved using a selection of stainless steel reference materials supplemented with a
custom-made ’-Fe4N layer on pure iron as the nitrogen reference.

3 Results and interpretation
3.1 Solution nitriding
Calculated cross-sections in the phase diagrams, displaying the  phase field in the temperature range 12231623 K (950 – 1350 °C) vs. the nitrogen content up to 0.8 wt% in the alloys, are shown in Fig. 1a-c together
with N2 isobars that would provide the given nitrogen contents in the steels under equilibrium conditions.

a.

b.

c.

d.

Figure 1: a-c Isopleths in the phase diagram showing the phase stability of austenite in the temperature
range 1223-1623K (950-1350 °C) vs. nitrogen content in the solid state. Superimposed on the isopleths, N2
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isobars are given that would provide the equilibrium nitrogen contents. d. comparison of the predicted
nitrogen content, as calculated with ThermoCalc, and the experimentally determined nitrogen content in
the sample.
Clearly, in principle the nitrogen content in austenite can be adjusted by controlling the N2 pressure during
high-temperature solution nitriding, provided that equilibrium is achieved between nitrogen in the gas and
nitrogen dissolved in the solid state. The nitrogen contents and grain sizes after HTSN1 and HTSN2 in the
three stainless steels are listed in Table 3. A comparison of nitrogen contents calculated by ThermoCalc
with the experimentally determined nitrogen contents is given in Fig.1d for the three steels and all three
solution nitriding treatments. For the data in Fig. 1d austenite was the only stable phase. An excellent
agreement is achieved between the predicted and experimental nitrogen contents, in correspondence with
earlier findings of Frisk [33].
Table 3: Nitrogen content in wt % determined with inert gas fusion thermal conductivity detection (LECO
TN 500 analyser) and grain grain-size after solid solution treatment
Nitrogen Content (%wt)

Grain Size (μm)

HTSN1

HTSN2

HTSN1

HTSN2

AISI 316

0.306(1)

0.448(2)

50(8)

51(7)

AISI 304L

0.363(2)

0.531(1)

75(8)

75(10)

EN 1.4369

0.450(1)

0.646(3)

75(15)

75(10)

Evidently, along with the dissolution of nitrogen in the solid state at 1423 K (1150 °C) substantial grain
growth has occurred in the three selected steels (cf. Table 2 and 3). Apparently, the actual grain growth is
only determined by the combination of temperature and time, which were the same for the HTSN
treatments, and not by the N2 pressure (or the dissolved nitrogen content in the sample).

3.2 Mechanical properties
The materials in the as-received condition and after the HTSN treatments at 0.3 bar and 0.9 bar N2 pressure
were plastically deformed through tensile straining to different equivalent strain levels. The stress-strain
curves obtained in uniaxial tension for the three steel grades are given in Fig. 2a. All curves for AISI 304
and EN 1.4369 are fitted excellently with the Voce equation, which gives the relation between stress, , and
strain, :
1
where

and

exponent.
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0.02

are the yield stress and the saturation stress, respectively and

Eq. 1
is the work-hardening

The curves for AISI 316 are also well-fitted by the equation, albeit slightly poorer than for AISI 304 and
EN 1.4369. Fig. 2b displays the obtained Voce parameters. The dissolution of nitrogen in austenite gives a
significant increase in both the yield stress and saturation stress, while the work-hardening exponent
decreases. The Voce parameters for AISI 304 and EN 1.4369 are comparable, while AISI 316 has a higher
n-value than the other two alloys. Accordingly, the dissolution of nitrogen not only induces substantial
strengthening of the steel, but also changes the work-hardening behaviour. As demonstrated by the insets in
Fig. 2a, nitrogen introduces a yield point phenomenon. The experimentally determined upper yield points
are consistently higher than the fitted y as shown in Fig. 2b for non-vanishing nitrogen concentrations. For
AISI 304L and 316 the yield strength is enhanced more than 100 MPa for HTSN1 and 150 MPa for
HTSN2. By contrast, the yield strength of EN 1.4369 after HTSN1 is comparable to the one of the asreceived material, despite a considerable increase in nitrogen content (cf. Tables 1 and 3). This will be
discussed below.
1400

AISI 316
As-received
HTSN1
HTSN2

1000

EN 1.4369
As-received
HTSN1
HTSN2

As-received
HTSN1
HTSN2

800

500
500

500

200

400
350
300

400
350
300
250

250
200

True Stress/MPa

450

400

450

450
True Stress/MPa

600
True Stress/MPa

True Stress / MPa

1200

AISI 304L

200

0.00

0.01

0.02

0.0

0.1

0.2

0.3

0.4

0.5

350
300
250

0.00

0.01

200

0.02

0.00

True Strain/-

True Strain/-

0

400

0.0

0.1

0.2

0.3

0.4

0.01

0.02

True Strain/-

0.5

0.0

0.1

0.2

0.3

0.4

0.5

True Strain / -

Figure 2a: True stress – true strain curve for AISI 316, AISI 304L and EN 1.4369 in as-received condition
and after high-temperature solution nitriding treatment at 0.3 bar (HTSN1) and 0.9 bar (HTSN2) N2
pressure. Inserts show an enlargement of the transition from elastic to plastic region.

117

Figure 2b: Parameters obtained by fitting the Voce equation to the stress-strain curves in Fig. 2a. The
dashed lines give the upper yield limits as observed in Fig.3b

3.2.1 Hardness
The bulk hardness in the solution-nitrided samples is given as a function of the equivalent deformation in
Fig. 3a. In all alloys, the bulk hardness increases with the applied plastic (tensile) strain. For the as-received
condition a disproportionately large hardness increase is obtained for the first plastic deformation, while for
the solution-nitrided samples the hardness increases linearly with equivalent strain. For each equivalent
deformation level, and for all tested materials, higher nitrogen content results in higher bulk hardness. The
increase in hardness with the applied equivalent strain is shifted toward higher hardness values as the
nitrogen content in the alloy increases.
500
AISI316

AISI 304L

EN 1.4369

450

Hardness / HV2N

400
350
300
250
200
150

As-received
HTSN1
HTSN2
0.0 0.1 0.2 0.3 0.4 0.5

As-received
HTSN1
HTSN2
0.0 0.1 0.2 0.3 0.4 0.5

As-received
HTSN1
HTSN2
0.0 0.1 0.2 0.3 0.4 0.5

Equivalent Strain / -

Figure 3a: Hardness in the three selected alloys as a function of the equivalent strain.
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Figure 3b: Hardness increase as a function of the interstitial nitrogen content in the three selected alloys in
as-received and HTSN treated conditions, in unstrained and strained conditions to an equivalent strain of
0.15 and 0.30. Note that for the unstrained condition also hardness values for HTSN treatment at 0.6 bar
N2 gas pressure are included.
The hardness as a function of the nitrogen content for equivalent strains: =0, =0.15 and =0.30 is given
in Fig.3b. For each steel type and for all solution nitriding treatments, a significant increase of the bulk
hardness with dissolved nitrogen content is observed in Fig. 3b. The dashed lines in Fig.3b guide the eye to
show that there is a clear dependence of the bulk hardness on the nitrogen content. Clearly, from Figs. 3 it
also follows that the hardness increase that is achieved by plastic deformation is larger than the hardness
increase obtained by interstitial alloying, irrespective of the nitrogen content.

3.2.2 Phase stability
X-ray diffractograms of the HTSN treated and subsequently deformed steels are given as a function of the
equivalent plastic strain for HTSN1 in Fig. 4a and for HTSN2 in Fig. 4b, for the highest equivalent plastic
strain applied. All diffractograms given, show that samples remained entirely austenitic on uniaxial tensile
deformation. No indications for the development of b.c.c. or h.c.p. martensite were found. In our previous
work it was shown that EN.14369 in the as-delivered (annealed) condition remains fully austenitic upon
plastic deformation, while AISI 304, with a slightly different composition than the AISI 304L in the present
investigation, develops a substantial amount of deformation-induced martensite [34]. Obviously, the
stability of austenite against strain-induced martensite formation should be attributed to the presence of
nitrogen in solid solution. For the present case the HTSN treated AISI 304L and AISI 316 do not develop
strain-induced martensite, indicating that an effective stabilization of austenite can be achieved by
introducing nitrogen in the HTSN treatment. Perhaps a lower nitrogen content than dissolved in the
current experiments could suffice to prevent strain-induced martensite formation.

119







EN 1.4
4369 =0.5

Intensity/a.u.

Intensity/a.u.









AISI 30
04 =0.45



E 1.4369 =0.5
EN


60
0

70

80






A
AISI
304 =0.45

 




 

AISI 31
16L =0.42
50



H
HTSN2



HTS
SN1

A
AISI
316L =0.42
90
0

100

110

120

130

140

15
50

160

2/ degree

a.

50

60

70

80

90

100

110
0

120

130

14
40

150

160

2/degre
ee

b.

formation of HTSN1
H
(a) an
nd HTSN2 (bb) treated steeels for the
Figure 44: X-ray diffraactograms afteer plastic defo
highestt tensile strain
ning applied to
t the steels. ii.e., =0.42 fo
or AISI 316, =0.45

for AI
AISI 304L and
d =0.50
for EN 1.4369. No otherr phases than austenite were identified.

3.3 Lo
ow-tempeerature niitriding
Low-tem
mperature nitrriding (LTN) was perform
med as a finish
hing treatmen
nt for the threee selected allloys after
the HTSN
N treatment and plastic deformation.
d
T
The nitriding
g responses off HTSN1 andd HTSN2 forr the three
steels aree discussed seeparately belo
ow.

3.3.1 L
Low temperrature nitriiding afterr HTSN1
Cross-secctional micro
ographs of thee three alloys after low-tem
mperature nitrriding (LTN)) at 703K (430
0 °C) of
HTSN1 ttreated steels with and witthout addition
nal plastic deeformation arre given in Figgure 5.
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Figurre 5: Cross-seectional micro
ographs of low
w-temperaturre nitrided ste
eels: AISI 3166 in HTNS (a
a) and
deforrmed =0.42 (b)
( condition, AISI 304L iin HTNS (c) and deformed =0.45 (d) condition, an
nd EN
1.4369 in
n HTNS (e) aand deformed
d =0.50 cond
dition (f).
Irrespecttive of the straaining condittions, in all m
materials the low-temperat
l
ture nitridingg treatment prroduced a
nitrided zone depth of
o approxima
ately 12μm. T
The hardness of the layer was 1200H
HV0.05N throug
ghout the
case. Wiithin experim
mental accura
acy the thickn
ness of the nitrided
n
zone
e appears inddependent of the alloy
composittion (includin
ng the nitrogen content) aand the equiv
valent strain. The higher ccorrosion pottential for
expanded
d austenite than
t
for the bulk stronglly suggests that
t
no development of C
CrN has occcurred by
decompo
osition of exp
panded austen
nite (or direcct nucleation in strain-indu
uced martenssite) under th
he applied
treatmen
nt conditions.
In previo
ous experimeental activitiees, it has been
n demonstratted that plasttic deformatiion for simila
ar applied
equivalen
nt strain levels has no inflluence on thee morphology
y of the nitriided layer forr EN 1.4369, while for
AISI 3044 (without niitrogen), the presence of sstrain-induced martensite was demonsstrated to pro
omote the
precipitaation of CrN and cause an
n increase of the case deptth [34]. The present resullts confirm th
hat a fully
austeniticc structure, even
e
in the deformed
d
con
ndition, proviides a reprod
ducible LTN behaviour beecause no
strain-ind
duced marten
nsite is presen
nt prior to low
w-temperaturee nitriding.
In the m
micrographs, two features need furtheer explanation
n: i. a thin relatively
r
briight zone clo
ose to the
surface aand ii. a thin white zone ahead
a
of the expanded au
ustenite frontt. These featuures require additional
a
microstru
ucture characcterization.
Bragg-Brrentano geom
metry X-ray diffractogramss were collectted for all the
e LTN treatedd steels at thee different
equivalen
nt deformatio
on levels (=0
0, =0.15, =
=0.30 and =m
max). Fig. 6 shows the X--ray diffractograms for
the threee steels treated
d according to
o HTSN1, att the highest equivalent
e
strain level andd after LTN.
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Figure 6: X-ray diffractograms of nitrided steels after HTSN1 and plastic deformation at the highest
equivalent strain for the three alloys (Nitriding condition 703K (430 ºC), 20h).
In the diffractograms three expanded austenite peaks are prominently present and the corresponding
reflections of the austenite, generated from the underlying substrate, are also observed, indicating that the
effective information depth of the X-rays is deeper than the case depth. In all cases, the expanded austenite
peaks are characterized by asymmetric broadening to the high angle side of the peak. This effect is related
to the falling nitrogen concentration over the information depth of the probing X-rays (cf. GDOES profiles
in Fig. 7). The behaviour is most pronounced for the 220reflection, because the information depth
increases with the scattering angle 2, and, according to Bragg’s law, the lattice spacing range corresponds
to a larger 2 range 220 than for 111 and 200 reflections. No peaks related to the presence of CrN were
found, consistent with the reflected light micrographs in Fig.5. Small intensity peaks related to the presence
of -(Fe,Cr)2N1-z could be identified. Most likely this hexagonal epsilon nitride (-(Fe,Cr)2N1-z) is present at
the surface and corresponds to the surface-adjacent white zone in Fig. 5a-f, where the highest nitrogen
contents are present. See in this respect also the detailed characterization with grazing incidence XRD on
nitrided AISI 630 [35], which shows the presence of -phase at the surface in correspondence with a high
nitrogen content.
GD-OES depth profiles of nitrogen and carbon for all the alloys (Fig. 7) confirm the presence of very high
nitrogen contents in the surface and a carbon accumulation at the case-core transition and close to the
surface.
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Figure 7: GD-OES profiles of nitrogen and carbon for AISI 316 (a,d), AISI 304L (b,e) and EN 1.4369 (c,f)
after HTSN1, deformation and low-temperature nitriding (703K (430 ºC), 20h).
Evidently, carbon accumulates ahead of the nitrogen expanded region and reaches up to 1.4 at% for EN
1.4369. All alloys show the same trend, and the accumulation increases with the carbon content originally
present in the alloy (cf. Table 1). This is also reflected by an increase of the carbon accumulated with the
level of carbon reached at a depth beyond the accumulation, which is clearly highest for EN 1.4369 (Fig.
7f). The occurrence of carbon accumulation underneath the nitrogen-rich zone is generally observed during
nitrocarburizing of stainless steel (cf. [19,26,36–39]). In the present case, the carbon accumulation ahead of
the nitrogen profile is explained from pushing ahead the carbon already present in the as-received alloys.
This happens because iron and chromium atoms prefer a coordination by nitrogen atoms rather than
carbon atoms, as reflected by short range ordering of Cr and N atoms in expanded austenite, while such
ordering is less pronounced between Cr and C (cf. [40,41]) The carbon present in the first 2 μm of the GDOES profiles (Fig. 7) could be a consequence of surface contamination that is forward sputtered during
GD-OES investigation, as is generally observed. However, since -phase can dissolve high quantities of
carbon [42–46], the carbon close to the surface could also have been introduced in the LTN treatment,

123

thus prom
moting the deevelopment of
o -phase in tthis depth ran
nge during th
he LTN treatm
ment. In this respect it
is strikin
ng that the deepth range off the light ban
nds at the surrface of the cases
c
observeed in Figs. 5 correlates
with the depth range where
w
carbon
n is present.
Despite only nitridin
ng was applieed in this woork, this proccess is highly
y sensitive too even minorr impurity
contents of carbon thus carbon absorption
a
ccould have ta
aken place because
b
of thhe presence of
o carbon
contamin
nation in the experimentall set-up.

3.3.2 L
Low-temperature nitrriding on H
HTSN2
Reflected
d-light micro
ographs of crross sectionss of the steeels after solu
ution nitridinng treatment HTSN2,
deformattion and low--temperature nitriding, aree presented in
n Fig. 8.
In all invvestigated sam
mples, the LT
TN treatment of the alloys after HTSN2
2 and plastic deformation led to the
developm
ment of a su
urface region of expandedd austenite. For
F all materials, the exppanded austeenite case
appears featureless after etching, indicating a higher corrosion resistan
nce than thee substrate. Again,
A
no
significan
nt difference in zone thickness and m
morphology ca
an be observed between tthe investigatted alloys
despite th
he different chemical
c
com
mpositions off the alloys an
nd the applie
ed equivalentt strains. Eveen for this
nitriding condition th
he hardness off the case wass 1200HV0.05NN.
At the ou
utermost surrface of expan
nded austenit
ite, a brighterr zone can be
e identified, w
which, as po
ointed out
above, iss most likely related
r
to the presence of eepsilon nitrid
des (-(Fe,Cr)2N1-z) (cf. secttion 4.1).
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XRD invvestigation in
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d the formatio
on of expandded austenitee after the
LTN treeatment (Fig.. 9). In the diffractogram
ms both pea
aks of expanded austenite
te and the underlying
u
austenitee substrate can
n be observed
d. For all mat
aterials, even at
a the highestt applied tenssile strain, no
o evidence
for the p
presence of CrN
C
was iden
ntified. Howeever, as for HTSN1
H
follow
wed by LTN,, small intenssity peaks
related to
o the epsilon phase (-(Fe,Cr)2N1-z) werre observed.
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GD-OES profiles (Fig. 10) confirm the presence of high amounts of nitrogen in the surface, cf. reflectedlight microscopy results in Fig. 8. No pronounced difference between the different alloys at the different
tensile strains could be found.
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Figure 10: GD-OES profiles of nitrogen and carbon for AISI 316 (a,d), AISI 304L (b,e) and EN 1.4369 (c,f)
after HTSN2, deformation and low-temperature nitriding (703K (430 ºC), 20h).

4 Discussion
4.1 Nitrogen solubility and effect of nitrogen on mechanical properties
The high-temperature solution nitriding processes performed in the present study allowed the development
of high nitrogen steels from conventional, commercial austenitic stainless steels. The nitrogen contents that
can be dissolved in equilibrium with a N2 (partial) pressure depend on the initial chemical composition of
the alloys and can be directly related to the presence of different contents of nitride forming and/or
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austenite stabilizing substitutional atoms in the selected stainless steel grades. The presence of manganese
and chromium, both nitride-forming elements, increases the solubility of nitrogen [5], while an element
like Ni, not a nitride former, but an austenite stabilizer, will lower the solubility. Accordingly, the highest
nitrogen content was found in the EN 1.4369, which has the highest Mn and Cr content and the lowest Ni
content (cf. Fig. 1). A comparison of the predicted and experimental nitrogen solubilities in the three alloys
for the applied conditions of high temperature solution nitriding (Fig.1d), shows an excellent agreement.
The addition of nitrogen has a dramatic (beneficial) impact on the mechanical properties of the selected
stainless steels, in particular regarding the yield strength and hardness evolution upon straining.
The yield strength and hardness show a linear increase with the nitrogen content, irrespective of the initial
chemical composition of the stainless steel grade. This shows that interstitial nitrogen is an effective solidsolution strengthener [5,47]. Solid solution strengthening often follows the square root of the solute
concentration. This dependence was not confirmed for the present samples (cf. Fig. 2b). Rather, the
approximate linear dependency in Fig. 2b is in agreement with results in the literature for interstitial
nitrogen in ferrite [48] and carbon in nickel [49].
Importantly, the present experiments proved the effectiveness of HTSN treatments in obtaining high
nitrogen steels from commercially available stainless steel grades, with nitrogen contents beyond those
routinely attainable by adding nitrogen to the melt.
The high level of equivalent plastic strain reached for all the alloys confirms that, despite the strengthening
effect of the interstitial atoms, the toughness of the stainless steel is not compromised in the investigated
range of equivalent straining [5]. The occurrence of a yield drop at the transition from elastic to plastic
straining (see inserts in Fig. 2a) is attributed to locking of dislocations by dissolution of interstitials in the
dislocation core and/or the surrounding dislocation strain fields [50].
The yield strength is correlated to the hardness [51]. In Fig. 11 the experimentally determined yield stress
is given as a function of the hardness for three equivalent strain levels (0, 0.15 and 0.30).

a.

b.

Figure 11: Yield stress for three levels of equivalent strain as a function of the hardness HV2.0N. The dashed
line indicates the straining/hardening that can be achieved by plastic deformation. a) experimental yield
stress for each equivalent strain, b) stress corresponding to a strain 9% larger than the equivalent strain level.
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The dashed line in Fig. 11a represents the relation between yield stress and hardness for the case of plastic
deformation. This suggests that plastic straining is more effective in enhancing the yield stress than nitrogen
dissolution. On the other hand, interstitial alloying is effective in enhancing the hardness. This difference is
attributed to the nitrogen-induced changes in the work-hardening (Fig. 2b). As stated by Tabor [52], the
representative strain involved in the determination of Vickers hardness by indentation is 8-10%.
Accordingly, shifting the stress values in Fig. 11a to the values corresponding to strains of 0.09, 0.24 and
0.39 instead of 0, 0.15 and 0.30 yields a more or less linear relation as illustrated in Fig. 11b.
In addition nitrogen has a large impact on the Hall-Petch slope as determined for a Fe-18Cr-16Ni-10Mn
austenitic steel in [53]. The EN 1.4369 alloy is the only one containing significant amounts of nitrogen in
the as-received condition where the grain size is smallest. Using Hall-Petch slopes from [53] determined
for nitrogen concentrations of 0.17 wt% and 0.54 wt%, which are the ones closest to the 0.23 and 0.45 wt%
of the EN 1.4369 in the as-received and HTSN1 conditions, and the corresponding grain sizes (30 and 75
m) (see Tables 2 and 3) gives a yield stress contribution for the as-received condition that is only about 25
MPa smaller than for the HTSN1 case, which explains the similar yield stress for these two samples. This
interpretation is further supported by the hardness data in Fig. 3a which shows a clear difference between
the annealed and solution nitrided conditions. The hardness indents are small compared to the grain size
and the hardness values are therefore not affected.
The nitrogen dissolved into the three stainless steels by the HTSN treatment contributes to an important
stabilization of austenite (cf. Fig. 5), such that the development of strain-induced martensite is effectively
hindered in the investigated range of equivalent strains. Even though the present work concerns solution
nitriding over the entire sample thickness, such that a uniform nitrogen-concentration profile is obtained
over the sample thickness, the results can be transferred to surface engineering of stainless steels where the
outer 1-2 mm (or less) is enriched by nitrogen to achieve a stabilization of austenite (or a local conversion
of ferrite to austenite), combined with substantial hardening. Such a treatment is industrially applied as a
finishing treatment [15,16], but could equally well be followed by additional surface engineering, as shot
peening or low-temperature surface hardening by nitriding, carburizing or nitrocarburizing. For shot
peening the enhanced austenite stability and higher strain hardening can be exploited, while for lowtemperature surface hardening the sensitivity of the process for strain-induced martensite is prevented
[ [54,55]. The next section describes this aspect for HTSN followed by LTN.

4.2 Low-temperature nitriding
Low-temperature nitriding of the three austenitic stainless steels after HTSN and plastic deformation in
partially dissociated ammonia gas atmosphere resulted in the formation of expanded austenite.
In previous research activities, it was shown that the development of strain-induced martensite upon
deformation has a detrimental effect on the nitriding behaviour of stainless steels, while the increase in
dislocation density in a completely austenitic structure has a negligible influence on the low-temperature
treatment [34].
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In the present case, all the materials after high temperature solution nitriding and plastic deformation
remain austenitic, due to the austenite-stabilizing effect of the dissolved nitrogen.
For the selected experimental conditions, prior plastic deformation has no observable effect on the LTN
response, neither on the morphology of the case nor on the nitrogen distribution in the expanded austenite
zone. Furthermore, and perhaps most importantly, no indications for the presence of CrN were observed
with X-ray diffraction or reflected-light microscopy. Such CrN precipitation, which is generally observed
during low temperature nitriding of deformed AISI 316 and AISI 304L, is detrimental for the corrosion
resistance of the alloy, because it is associated with local Cr depletion. Absence of dark staining in the
micrographs in Figs. 6 and 9 strongly suggests that such Cr depletion has not occurred and that the
expanded austenite cases have superior electrochemical properties as compared to the substrate, which is
confirmed in a separate study [56].
The present results confirm that nucleation of CrN and associated Cr depletion as observed in deformed
stainless steels is not the immediate result of energetically favourable nucleation of CrN on dislocations in
austenite, but necessitates the presence of strain-induced martensite (ferrite). An energetically favourable
orientation relation between the crystal structures of ferrite and CrN [57–59] is held responsible for this.
For all the studied materials, absence of strain-induced martensite effectively prevents the nucleation of
CrN in expanded austenite for the investigated processing temperatures.

5 Conclusions
Three different commercially available stainless steels grades (AISI 316, AISI 304L and EN. 1.4369) were
subjected to high temperature solution nitriding treatments. The resulting nitrogen contents depend on the
composition of the alloys and the applied conditions used in the high temperature solution nitriding process
and can be predicted by assuming thermodynamic equilibrium between the various steels and the applied
nitrogen pressure. The dissolution of nitrogen in the stainless steel matrix resulted in a significant
improvement of, in particular, the hardness, but also the yield stress of the steels, without impairing the
toughness. Moreover, the dissolution of nitrogen effectively stabilized the austenitic phase and no straininduced martensite developed on subsequent deformation.
The homogenous nitrogen-enriched stainless steels obtained by solid solution nitriding, were subjected to
plastic deformation and subsequent low-temperature nitriding. The low-temperature nitriding process led to
the formation of an expanded austenite case.
The absence of strain-induced martensite has a beneficial influence on the nitriding behavior. The case
depth is independent of the steel quality, the degree of deformation and nitrogen content after solid solution
nitriding at high temperature. CrN precipitation was avoided, hereby maintaining the stainless properties of
the steel.
The combination of the two treatments, solution nitriding and low-temperature nitriding enables to
improve the mechanical properties of bulk and surface for the selected commercially available alloys.
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Abstract
Three commercially available stainless steels grades (AISI 316, AISI 304L and EN 1.4369) were subjected
to high temperature solution nitriding and low-temperature nitriding in order to dissolve nitrogen in the
bulk (up to approx. 0.65 wt-%) and at the surface (up to approx. 13 wt-%) respectively. The corrosion
properties of the different steels before and after the bulk and surface treatments were studied with
potentiodynamic polarization tests in a 0.1 M NaCl solution and crevice corrosion immersion tests in 3 wt% Fe3Cl solution.
Nitrogen addition in the bulk proved to have a beneficial effect on the pitting resistance of the alloy
although no significant improvement in the crevice corrosion resistance was recorded. The formation of
single phase nitrided layer of expanded austenite at the material surface through low-temperature nitriding
resulted in considerable improvement of the pitting and crevice corrosion properties of the steels.

1 Introduction
Austenitic stainless steels are well known for their excellent corrosion resistance due to the formation of a
dense chromium oxide layer at the surface. This passive film however, is susceptible to local breakdown,
especially in chloride containing solutions, thereby causing localized corrosion such as pitting and crevice
corrosion [1].
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The resistance to localized corrosion in stainless steels can be augmented by the addition of elements such
as Cr, Mo and in particular N [1]. For this reason, high nitrogen steels (HNS) have been considered as a
substitute for conventional stainless steels for applications where high corrosion resistance is required [2].
Alloying with nitrogen in fact offers several advantages compared to other alloying elements in terms of
corrosion and mechanical properties. Nitrogen provides a stabilization of austenite, thereby reducing the
amount of expensive nickel required for minimizing the risk of ferrite and/or martensite upon solidification
or deformation [3]. Furthermore, nitrogen provides an important increase in the yield and tensile strength,
without sacrificing toughness [4–7].
The dissolution of nitrogen in austenitic stainless steels leads to a significant improvement of the crevice
and pitting corrosion in aqueous solutions containing chloride ions [8–10]. Several hypotheses have been
put forward to explain this behavior:

(1) the presence of a high concentration of nitrogen at the

steel/passive film surface stabilizing the passive film and suppressing dissolution [11–15]; (2) formation of
NH4+ ions at the film/solution interface, neutralizing the acidity in the pit and thus promoting
repassivation [16,17]; (3) formation of NO3- (nitrate) ions would result in improved pitting resistance [18];
(4) the austenite-stabilizing effect of nitrogen [3,4].
Despite the obvious advantages, a major obstacle to large scale application of high nitrogen stainless steels
is related to their production. The solubility of nitrogen in liquid stainless steel is limited at atmospheric
pressure [19]. Hence, HNS production requires high-pressure melting technologies or the utilization of
powder metallurgical production techniques [3,4,20].
On the other side, the solubility of nitrogen in the solid state is appreciably higher than in the liquid state
[21]. Accordingly, post-solidification gas treatment, such as solution nitriding followed by rapid (gas)
quenching [22,23] can be used to dissolve a controlled amount of nitrogen in existing steel grades. This
process can be used on austenitic stainless steel grades, in order to increase the austenite stability and
prevent strain-induced martensite formation [24], but also on duplex and ferritic stainless steels in order to
transform ferrite and/or stabilize the austenite phase in the nitrogen enriched region [25,26].
Low-temperature surface treatment, such as low-temperature nitriding can be used to improve the surface
properties of the material. This thermochemical treatment allows the dissolution of a very high amount of
N (up to 38 at-%) into the materials surface, and leads to the formation of a supersaturated solid solution
referred to as expanded austenite [27] (or S-Phase [28,29]). The formation of an expanded austenite case
during the low-temperature nitriding (LTN) at a temperature where the precipitation of CrN from
supersaturated solid solution is avoided, results in a significant improvement of the resistance to galling and
improves the pitting corrosion resistance as well as a spectacular increase in the wear and fatigue resistance
of the component [30–36].
In the present work, high-temperature solution nitriding (HTSN) and low-temperature nitriding (LTN) are
applied to three commercial stainless steel grades in order to dissolve nitrogen in the bulk and the surface,
respectively. The nitriding response of the steels was studied with light-optical microscopy and X-ray
diffraction. The pitting and crevice corrosion performance resulting after the nitriding treatments were
investigated with potentiodynamic measurements, immersion tests and scanning electron microscopy
(SEM).
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2 Experimental
2.1 Materials
The compositions of the alloys used in this study (AISI 316, AISI 304L and EN 1.4369) are reported Table
I.
Table I: Chemical composition AISI 316, AISI 304L and EN 1.4369 in wt-% as provided by the suppliers,
Lemvigh Muller and Sandvik Materials Technology.
C

Si

Mn

Cr

Ni

Mo

N

AISI 316

0.07

0.4

1.6

17.0

10.55

2.0

0.05

AISI 304L

0.03

0.32

1.78

18.28

8.08

-

-

EN 1.4369

0.09

0.74

5.92

18.58

7.11

0.18

0.23

EN 1.4369 was delivered by Sandvik Materials Technology in annealed condition. AISI 316 and AISI
304L were annealed at 1323K (1050 °C) for 300s in a horizontal tube furnace with a protective argon
atmosphere. Each steel grade was subjected to four different treatments: three high temperature solution
nitriding treatments (HTSN) and one low-temperature nitriding surface treatment (LTN).

2.1.1 High Temperature Solution Nitriding (HTSN)
High temperature gas solution nitriding is a commercial process provided by the company Expanite A/S
[37,38]. Three different N2 partial pressures were applied at 1423K (1150°C) for 4h: 0.3 bar for HTSN1, 0.6
bar for HTSN2 and 0.9 bar HTSN3. Each batch contained the three steel grades. The duration of the
treatments resulted in full homogenization and a uniform nitrogen concentration throughout the sample,
indicating equilibrium between gas atmosphere and solid state. High pressure gas quench was applied to
avoid formation of nitride precipitates during cooling. The nitrogen contents in the steels after treatment, as
adjusted by the various applied nitrogen partial pressures, were measured with a LECO TN500 nitrogen
analyzer and are given in Table II. The variation in nitrogen concentration for the three different steel
grades is due to the different chemical compositions of the starting material [4]. Our previous work has
demonstrated that the nitrogen content in the alloys can be predicted accurately by assuming equilibrium
between nitrogen in the gas phase during solution nitriding and nitrogen in austenite [24].
Table II: Nitrogen content in wt-% determined with LECO TN 500 analyser after solid solution treatment
Nitrogen Content (wt-%)
HTSN1

HTSN2

HTSN3

AISI 316

0.306±0.001

0.407±0.002

0.448±0.002

AISI 304L

0.363±0.002

0.485±0.001

0.531±0.001

EN 1.4369

0.450±0.001

0.594±0.001

0.646±0.003
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2.1.2 Low-temperature nitriding
Samples with dimensions 5x2cm2 were obtained from the annealed steel grades. Their surfaces were
ground, polished until 3μm finish and subsequently electro-polished in a “Struers Polectrol” apparatus
using a “Struers electrolyte A2” with an applied potential of 30V and a current density of 2A/cm2 to
remove any deformation induced by grinding before low temperature nitriding.
Low-temperature nitriding was carried out in a LAC annealing furnace model PKRC 55/09 retrofitted for
gaseous nitriding under gas circulation. The sample surface was activated in-situ in order to enable the lowtemperature surface hardening. The LTN process was performed for all samples in the same batch at 703K
(430 °C) for 20h.

2.2 Electrochemical measurements
Potentiodynamic polarization measurements were performed at room temperature using an ACM
potentiostat (GillAC). The surface of the annealed and HTSN treated materials was ground and polished to
a mirror like surface before after heat treatment, and prior to electrochemical testing. The surface of the
steel sample was ground and polished before low-temperature nitriding and tested in the as-treated
condition in order not to alter mechanically the surface after the thermochemical treatment. A flat cell setup with an exposed area of 0.95 cm2 of the working electrode (sample) was used for the measurement. An
Ag/AgCl electrode and a Pt wire were employed as reference and counter electrode, respectively. The open
circuit potential (OCP) was monitored for 30 min prior to conducting each polarization scan. The
polarization scans were conducted in naturally aerated 0.1 M NaCl solution of pH 5.2 ± 0.3. The current
was measured as a function of the applied potential, which was changed from -0.2 V Ag/AgCl below OCP
to +1 V above OCP with a scan rate of 60mV/s. Each scan was repeated at least 6 times to ensure
reproducibility.

2.3 Crevice corrosion immersion tests
The crevice corrosion performance of the materials was evaluated by immersion tests according to the
ASTM standard G48-11 [39]. A hole of 6 mm was drilled in the centre of 1 mm thick samples with
dimensions 5x2cm2. Two teflon crevice washers were applied on the two parallel flat surfaces of the sample
and tightened with bolts. Immersion tests were carried out at room temperature for 168h (1week) in a 3 wt% Fe3Cl solution of pH~1. The experiments were repeated twice in order to confirm the reproducibility of
the results.

2.4 Microstructure and materials characterization
The microstructures of the samples after HTSN and LTN were investigated in cross-section with reflected
light microscopy. The samples were ground, polished and etched for 8s with Kalling´s reagent no. 1.
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was carried ou
ut with the Brragg-Brentano
no symmetric setting in
X-ray difffractometry for phase ideentification w
a Brukerr D8 AXS X--ray diffracto
ometer equippped with Cr-anode and Göbel
G
mirror in the incideent beam.
The step size was 0.03
3° 2θ and the counting tim
me was 4s perr 2θ step.
Microharrdness inden
ntation measu
urements werre performed
d on a Future
e-Tech FM7000 instrumen
nt using a
load of 00.05 N for thee evaluation of
o the microhaardness of thee “case”.
The surfface morpho
ology of the samples affter the poteentiodynamicc polarizationn measurem
ments was
investigaated with scaanning electrron microscoopy, using a Jeol JSM-500 microscoppe at an accceleration
voltage o
of 10 kV.

3 Reesults
3.1 Ch
haracterizzation of the low-ttemperatture nitrid
ded samplles
Low-tem
mperature nitrriding was performed
p
on
n the three selected
s
stain
nless steel grrades in the annealed
condition
n. The opticaal micrograph
hs in Fig. 1 sh
how that a ho
omogenous pore-free case of expanded
d austenite
has form
med during th
he low-temperrature surfacee treatment. The thicknesss of the obtaained case is 11μm for
the threee different seleected alloys and
a appears vvirtually unatttacked by the etching ageent, suggestin
ng a better
corrosion
n resistance than
t
the undeerlying substrrate. In all ca
ases, the hard
dness of the llayer was meeasured to
be 1200 H
HV0.05N.
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M
on low-temperrature nitrideed stainless steels: (a) AISII 316, (b) AIS
SI 304L and (c)
(
Figure 1: Optical Micrographs
EN 1.4369
9 after etchingg with Kallin
ng´s reagent no. 1 for 8 secconds.
At the caase core tran
nsition a thin carbon-enricched zone is present for AISI
A
316 (Figg. 1a) and EN
E 1.4269
(Fig. 1c),, as was veriffied with GD-OES. This iss a consequen
nce of carbon
n, originally ppresent in theese alloys,
being pushed ahead of
o the advanciing nitriding ffront [24].
X-ray difffraction anallysis confirms the formatiion of expand
ded austenite. In the diffraactograms (Fig. 2), the
expanded
d austenite peaks
p
and pea
aks of the gen
nerating austtenitic substra
ate are clearlyy present for the three
treated steels. The ex
xpanded austtenite peaks aare shifted to
o lower 2 position as coompared to the parent
onstrained) laattice expansiion due to nittrogen dissoluution. No eviidence for
austeniticc peaks, becaause of the (co
the preseence of CrN was
w found in neither of thee samples, th
hereby confirm
ming that thee selected LTN
N process
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2: X-ra
ay diffractogrrams of the materials
m
after LTN processs.

3.2 Eleectrochem
mical Tessting
Polarizattion curves in
n 0.1M NaCl solution of the differentt stainless steel grades subbjected to thee different
treatmen
nts (annealed,, HTSN and LTN) are givven in Fig. 3.. In general itt is observed that for AISI 316 and
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AISI 304L, the absorption of nitrogen in the bulk, through HTSN, or at the material´s surface, LTN, causes
a shift of the corrosion potential to a lower or a more negative value.
For EN 1.4369, where nitrogen is already present in the as-received alloy, the corrosion potential, within
the experimental accuracy, remains constant.
For the samples AISI 316 and AISI 304L in annealed condition the pitting potential was measured at 650
mV and 400mV, respectively. These curves present a sudden and rapid increase of the anodic current
indicating breakdown of the passive film and pit initiation. For the annealed EN 1.4369 the current density
increase happens at 250mV but with a less sudden increase as compared to compared to AISI 316 and AISI
304L, indicating that the mechanism for pitting is more directed towards dissolution of inclusions rather
than passive film breakdown. EN 1.4369 contains a higher amount of Mn than AISI 316 and AISI 304L,
previously reported to have a detrimental effect on the pitting corrosion resistance [40].
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Figure 3: Polarization curves for the AISI 316 (a), AISI 304L (b) and EN 1.4349 in annealed condtion
(AR), after HTSN treatment and LTN surface treatment.
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The enhaanced dissolu
ution of nitro
ogen in the sttainless steel matrix
m
by HT
TSN results iin a significan
nt change
in the co
orrosion behaavior of all thee materials teested. In the AISI
A
316 (Fig
g. 3a), after H
HTSN treatm
ments, it is
not possiible to observve a sudden in
ncrease in thee current den
nsity due to th
he breakdownn of the passiive film in
the poten
ntial scan reegion, up to 1000 mV A
Ag/AgCl. Ho
owever, afterr reaching appproximately
y 150 mV
Ag/AgC
Cl, oscillationss in the anod
dic current aree observed, which
w
possibly indicate pitt initiation an
nd fast repassivation.
A similaar trend is ob
bserved for AISI
A
304L: ass the nitrogen content inccreases, it is no longer possible to
identify a potential where passiv
ve film breaakdown happ
pens, indicatting that thee amount off nitrogen
promotess passivation of the stainleess steel.
In the so
olution nitrideed EN 1.4369
9 samples inccreased curren
nt density is observed
o
at siimilar potenttial values
as for thee annealed material.
m
At potentials
p
aboove 600 mV Ag/AgCl a reduction
r
of anodic curreent can be
seen, wh
hich indicate a decreased dissolution
d
o f inclusions. The Pourbaix diagram foor Mn [41] sh
hows how
an increaase of pH inccreases the pa
assivation reggion and it is a possibility that the nitriiding treatmeent locally
neutralizzes the acidity
y in the pit an
nd thereby deccreases the diissolution of Mn enrichedd inclusions.
In all LT
TN cases, thee current den
nsity is similaar or lower th
han untreated
d stainless stteel. No indiccations of
passive ffilm breakdow
wn are observed for any oof the LTN treated
t
samples. The polaarization curv
ves of the
three LT
TN treated steeels show less oscillations tthan for the HTSN
H
treated
d samples.
Secondarry electron im
mages show the
t morpholoogy of the surrface of the AISI
A
316 afterr the potentio
odynamic
measurem
ments. Micro
oscopic exam
mination of tthe AISI 316 confirmed passive film
m breakdown
n and the
presence of large pits (Fig. 4), conssistent with th
he polarizatio
on curve AR (1) in Fig. 3aa.

Figu
ure 4: SEM im
mages showin
ng the pits forrmed in the an
nnealed AISII 316 after thee potentiodyn
namic
m
measurementts.
The HTS
SN treated saamples hardly
y show any ev
evidence of lo
ocalized corro
osion detectedd by visual in
nspection.
Fig. 5 shows the surfaace morpholo
ogy of the AIS
SI 316 samplees after HTSN
N treatment aand polarizattion tests.
Scanningg electron microscopy
m
in
nvestigation shows the presence off small pits, which confirms the
hypothessis that pits do
d form, but their growth
h appears imp
paired by the
e repassivatioon due to thee nitrogen
alloying. The pit formation and their subsequ
uent repassiv
vation is con
nsistent with the oscillatio
on in the
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olarization measurements
m
s (Fig. 3a fo
or HTSN
anodic ccurrent recorrded for thesse samples dduring the po
samples)).

Figure 5: SEM imagges showing the
t surface m
morphology off the AISI 316 HTSN treaated samples after
a
the
pottentiodynamiic measuremeents: (a) HTS
SN1, (b) HTS
SN2, (c) HTSN
N3.
The surfface morpho
ology after th
he potentioddynamic mea
asurements of
o the AISI 316 low-tem
mperature
nitrided is shown in
n Fig. 6. Nak
ked eye visu
ual inspection
n did not rev
veal any largge pits and the SEM
n indication of localized ccorrosion succh as pitting or
o grain bounddary corrosio
on.
investigaation shows no
Howeverr, it is possiblle to observe that the surfface morphollogy of the niitrided samplles differs greeatly from
the as-reeceived and HTSN-treatted samples (Fig. 6a). The low-tem
mperature niitrided samp
ple has a
significan
ntly increased
d surface rou
ughness; this is a direct co
onsequence of
o the nitridinng process The plastic
deformattion is evideenced by the slip lines in
n Fig. 6b an
nd, associated
d lattice rotaation, induceed by the
enormou
us compositio
on-induced strains as a cconsequence of the volum
me expansionn caused by the high
amount of dissolved nitrogen [42
2]. The increease in surfa
ace roughnesss implies thaat the “exposed” area
urrent density
y shown in Fiig.1 is measu
ured, is largerr than the noominal (projeccted) area
through which the cu
olarization ccurves. Hence, taking thiis effect intoo account, th
he current
used in the calculatiion of the po
N samples willl have an acttual lower cu
urrent density
y than the noominal valuess depicted
densities for the LTN
in the po
olarization curves (Fig. 3).

Figurre 6: Secondaary electron Im
mages of the AISI 316 LT
TN after the potentiodynam
mic measurem
ments.
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3.3 Crrevice Co
orrosion Performan
P
nce Testiing in Fe3Cl Solutiion
Immersio
on tests of thee three differeent steels in tthe different processing
p
co
onditions werre performed in a 3 wt% Fe3Cl pH≈1 soluttion. The sam
mples were eexposed to th
he acid environment for 168 hours. In Fig. 7
macrosco
opic images of
o the crevice corrosion tessted samples are collected.
As receiveed

HTSN1
H

HTSN
N2

HTSN3

LTN
L

AISI
316

AISI
304L

EN
1.4369

Figuree 7: Results off crevice corrosion tests off three stainleess steel qualitties after variious treatmen
nts. The
tests were performed in a 3 wt-% Fe3Cl
C pH≈1 solution for 168 hh.
Generallly, the steels in annealed and HTSN ttreated condition show se
evere crevicee corrosion attack.
a
No
obvious difference caan be discern
ned between these samplees, indicating
g that, for thhe severe exp
perimental
ns applied heere, it is not possible
p
to coonclude whetther the HTS
SN treatmentt has contribu
uted to an
condition
improvem
ment of the crevice
c
corrossion performaance. On thee other hand, the optical aappearance of the lowtemperatture nitrided samples show
ws a dramatiic improvement of corrossion attack inn the crevicess between
the samp
ple and the tefflon washers..
In Fig. 8 the weight lo
oss of the sam
mples after thee immersion tests is displa
ayed. Consisttent with the images in
Fig. 7 no
o trend is observed in the weight
w
loss o
of the as-receiived and HTS
SN treated saamples. The ranking
r
of
the threee steels remains unaltered by dissolvingg nitrogen in austenite and within expeerimental acccuracy no
reduction
n in weight loss
l
is observ
ved after HT
TSN treatmen
nt. In contra
ast, the dissollution of a “colossal”
“
amount o
of nitrogen (u
up to 38 at-%[43–45]) intoo the stainless steel surface by low-tempperature nitrid
ding leads
to a sign
nificant reducction of the weight
w
loss in
n the crevice corrosion perrformance teest, consistentt with the
images in
n Fig.7 and th
he above men
ntioned interppretation of th
he potentiody
ynamic resultts in Fig. 3.
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Figure 8: Weight loss after crevice corrosion immersion test for the three investigated stainless steels after
different treatments.

4 Discussion
Stainless steels derive their excellent corrosion performance from the presence of a self-healing chromiumbased (oxy)hydroxide film at the material´s surface. Nevertheless, stainless steels can suffer from localized
corrosion, or pitting, which may well be negligible in terms of weight loss, but often is detrimental. The
resistance against localized corrosion can be improved by adding more of the substitutional alloying
elements Cr and Mo. In particular the addition of interstitial nitrogen is most efficient in increasing the
pitting resistance equivalent number (PREN=%Cr + 3.3(%Mo) + 16(%N)) [46].
In the present experimental activity, three commercially available stainless steel grades were hightemperature solution nitrided and low-temperature nitrided to investigate the pitting and crevice corrosion
performance for different nitrogen concentrations in the bulk and at the surface. Compared to the solution
nitriding treatment, low-temperature nitriding allows dissolution of up to 38 at-% nitrogen into the
material´s surface [43–45]. Assuming that the equation given above is valid also for the very high nitrogen
contents, the PREN numbers for the investigated treatments are given in Table III.
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Table III: PREN numbers calculated for the investigated HTSN and LTN treatments of the various alloys
Annealed

HTSN1

HTSN2

HTSN3

LTN

AISI 316

24.4

28.5

30.1

30.8

≈180

AISI 304L

18.3

24.1

26.1

26.8

≈180

EN 1.4369

22.8

26.4

28.7

29.5

≈180

For each of the investigated alloys after HTSN, the PREN number increases gradually with the increasing
concentration of dissolved nitrogen. On the other hand, due to the colossal amount of nitrogen at the
surface after LTN, this value increases dramatically to approx. 180 for all the investigated alloys, since the
nitrogen has a much stronger effect (factor 16 in the equation).
The present experimental results confirm an increase of the pitting potential with an increase in nitrogen
content, and thus the PREN number. In particular for the low-temperature nitrided material, no evidence
of pitting after polarization was found for the investigated potential range.
These results prove that the addition of nitrogen allows an increase of the pitting potential and that it has
an important role in repassivation. In this respect the solution nitriding treatment has the most pronounced
effect on AISI 304L. The polarization curves in Fig. 3 show that the dissolution of nitrogen in AISI 304L
and AISI 316 leads to a more stable passive layer. The solution nitrided samples with lowest nitrogen
content for AISI 316 resulted in increased anodic current density (both curves 2 and 3 for a potential
beyond 450 mV).
Manganese in stainless steels is proved to have a detrimental effect on the pitting resistance of the alloy
[40]. EN 1.4369 in as received condition contained a higher amount of manganese compared to AISI 304L
and AISI 316 but contained already a certain amount of N which allows an improvement of the resistance
to localized attacks. From the polarization curves of EN 1.4369 in annealed condition it was not possible
to observe the characteristic feature for passive film breakdown, as in the other two steel classes, but rather
a continuous dissolution which indicates that the mechanism for pitting is more directed towards Mn
inclusions dissolution than passive film breakdown. As a consequence of nitrogen addition (HTSN
treatment) the increase in current density is observed at similar potential values as for the annealed material
but after a certain value of potential the current is reduced indicating a significant decrease in the
dissolution rate.
These results are consistent with the several theories showing that nitrogen locally neutralizes the acidity in
the pit suppressing its growth and provoking an increase of pH which can lead to an increase the
passivation region for Mn [41].
For all steel classes, a high concentration of nitrogen at the material’s surface, obtained through the lowtemperature nitriding process, do not reveal any sign of pit formation as confirmed also by SEM
investigations (Fig.6).
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These results are in agreement with what has been found in previous research activities [33,47,48] and are
believed to be due to the high concentration of nitrogen at the interface between the passive film and the
steel, which suppresses further dissolution of the metal [11–13].
The effect of nitrogen addition on the current density in the anodic region of the polarization curves was
widely published in the literature; so far controversial results have been reported since many researchers
claim that it provokes a decrease of the current density whereas others claim that it has no or the opposite
effect [10,48–54].
In the case examined (Fig. 3) for neither of the investigated alloys it is possible to observe a clear trend of
the current density with the increasing nitrogen content.
In general high nitrogen steels exhibit better crevice corrosion performance than stainless steels without
nitrogen addition as the weight loss and the number of corrosion spots is markedly reduced [47]. The
nitrogen present in solid solution or at the surface is dissolved by the crevice corrosion and contributes
significantly to the suppression of the corrosion attack.
The immersion tests carried out in this experimental activity showed that the presence of nitrogen in the
bulk after solution nitriding does not provide a significant improvement in the crevice corrosion resistance.
However, in the LTN treated materials, a significant delay in the corrosion attack is observed. These results
can be explained by the extremely aggressive solution and the long exposure time applied in the
experimental campaign. These conditions do not allow a significant improvement in the crevice corrosion
performance despite the fact that the polarization curves suggest a difference at least for the AISI 304L and
316. However, the amount of nitrogen in expanded austenite is significantly higher and as such more
nitrogen is available for an effective suppression of the corrosion attack.
It is important to mention that these results can be achieved only when nitrogen is present in solid solution
and not as CrN precipitates. The precipitation of nitrides would cause a depletion of Cr and N from the
matrix, therefore impairing the corrosion resistance of the stainless steel.

5 Conclusion
Three stainless steel grades were subjected to various high-temperature solution nitriding (HTSN)
treatments or low-temperature nitriding (LTN).
Depending on the processing conditions, the HTSN process allows a substantial increase of the nitrogen
content in the bulk. The presence of nitrogen in the bulk allows a significant improvement of the pitting
resistance of the alloy compared to the untreated material. Due to the aggressiveness of the solution used in
the crevice corrosion test, no significant improvement as a consequence of nitrogen dissolution could be
detected in the HTSN treated materials.
The LTN process leads to the formation of a nitrogen rich case at the material surface. The processing
parameters (nitriding temperature and time) allowed the formation of a supersaturated solid solution of
nitrogen and no precipitation of CrN. The nitrogen dissolved during the process was significantly higher
than what could be obtained with a HTSN process and allowed a dramatic increase in the pitting resistance
of the steels.
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Crevice corrosion immersion tests of the LTN material showed a reduction of the weight loss as compared
to the untreated and HTSN treated materials, despite the harsh environment.
All results indicate that nitrogen has an important effect on the corrosion performance. Future
investigations should focus on elucidating the mechanism responsible for the enhanced corrosion
performance.

References
[1]
[2]
[3]
[4]
[5]
[6]
[7]
[8]
[9]
[10]

[11]
[12]
[13]
[14]
[15]
[16]
[17]
[18]
[19]
[20]

148

L. Shreir, R.A. Jarman, G.T. Burstein, Materials and Corrosion, third ed., ButterworthHeinemann, Oxford, 1994.
M.O. Speidel, Properties and applications of high nitrogen steels, in: A. Hendry, J. Foct (Eds.),
Proceedings International Conference HSN 88 Lille, The insitute of Metals, London, 1989, p. 92.
R. Reed, Nitrogen in austenitic stainless steels, JOM. 41 (1989) 16–21.
J. Simmons, Overview: high-nitrogen alloying of stainless steels, Mater. Sci. Eng. A. 207 (1996)
159–169.
E. Werner, Solid solution and grain size hardening of nitrogen-alloyed austenitic steels, Mater.
Sci. Eng. 101 (1988) 93–98.
L.Å. Norström, The influence of nitrogen and grain size on yield strength in Type AISI 316L
austenitic stainless steel, Met. Sci. 11 (1977) 208–212.
Y. Takahashi, K. Yoshida, M. Shimada, E. Tada, Mechanical evaluation of nitrogen-strengthened
stainless steels at 4K, Adv. Cryog. Eng. Mater. 28 (1982) 73–81.
J.R. Kearns, H.E. Deverell, Use of nitrogen to improve the corrosion resistance of FeCrNiMo
alloys for the chemical process industries, Mater. Perform. 26 (1987) 18–28.
M. Janik-Czachor, Effect of nitrogen content in a 18Cr-5Ni-10Mn stainless steel on the pitting
susceptibility in chloride solutions, Corrosion. 31 (1975) 394 – 398.
J.J. Eckenrod, C.W. Kovach, Effect of Nitrogen on the Sensitization, Corrosion and Mechanical
Properties of 18Cr-8Ni Stainless Steel, in: C.R. Brinkman, H.W. Garvin (Eds.) Properties of
Austenitic Stainless Steels and Their Weld Metals, American Society for Testing and Materials
(ASTM), Philadelphia, 1979, pp. 17–41.
Y.C.. Lu, R.. Bandy, C.R.. Clayton, R.C. Newman, Surface enrichment of nitrogen during
passivation of a highly resistant stainless steel, J. Electrochem. Soc. 130 (1983) 8.
I. Olefjord, L. Wegrelius, Role of nitrogen on the corrosion behavior of austenitic stainless steels,
Corros. Sci. 38 (1996) 1203–1220.
C.O.A. Olsson, The influence of nitrogen and molybdenum on passive films formed on the
austenoferritic stainless steel 2205 studied by AES and XPS, Corros. Sci. 37 (1995) 467–479.
A. Scrinivasan, B. ReyndersS, H.J. Grabke, Localised corrosion behaviour of high and low
nitrogen Cr-Mn steels, Steel Res. 66 (1995) 439–443.
S. Ahila, B. Reynders, H.J. Grabke, The evaluation of the repassivation tendency of Cr-Mn and
Cr-Ni steels using scratch technique, Corros. Sci. 38 (1996) 1991–2005.
K. Osozawa, The Effect of Nitrogen on the Corrosion Resistance of Stainless Steels, Japan Soc.
Heat Treat. 36 (1985) 206–212.
K. Osozawa, N. Okato, Y. Fukase, K. Yokota, N, Boshoku Gjtutsu (Corros. Eng.). 24 (1975) 1.
H.P. Leckie, H.H. Uhlig, Environmental Factors Affecting the Critical Potential for Pitting in 18–8
Stainless Steel, J. Electrochem. Soc. 113 (1966) 1262.
A.H. Satir-Kolorz, H.K. Feichtinger, On the solubility of nitrogen in liquid iron and steel alloys
using elevated pressure, Zeitschrift Fuer Met. Res. Adv. Tech. 82 (1991) 689–697.
G. Stein, I. Hucklenbroich, Manufacturing and Applications of High Nitrogen Steels, Mater.

[21]

[22]
[23]
[24]

[25]
[26]
[27]
[28]
[29]
[30]
[31]
[32]
[33]
[34]
[35]
[36]
[37]

[38]

[39]
[40]

[41]
[42]

Manuf. Process. 19 (2004) 7–17.
K.F. M. Kikuchi, M. Kajihara, Solubility of nitrogen in austenitic stainless steels, in: A. Hendry, J.
Foct (Eds.), Proceedings International Conference HSN 88 Lille, The insitute of Metals, London,
1989, p. 63.
H. Berns, Manufacture and Application of High Nitrogen Steels, ISIJ Int. 36 (1996) 909–914.
H. Berns, S. Siebert, High Nitrogen Austenitic Cases in Stainless Steels, ISIJ Int. 36 (1996) 927–
931.
F. Bottoli, G. Winther, T.L. Christiansen, K. V. Dahl, M.A.J. Somers, Low-temperature nitriding
of deformed austenitic stainless steels with various nitrogen contents obtained by prior high
temperature solution nitriding, submitted to Metallurgical and Materials Transaction A (2015).
C.M. Garzón, A.P. Tschiptschin, New high temperature gas nitriding cycle that enhances the
wear, J. Mater. Sci. 39 (2004) 7101–7105.
A.P. Tschiptschin, Predicting Microstructure Development During High Temperature Nitriding of
Martensitic Stainless SteelsUsing Thermodynamic Modeling, Mater. Res. 5 (2002) 257–262.
T.L. Christiansen, M.A.J. Somers, Low-temperature gaseous surface hardening of stainless steel:
the current status, Int. J. Mater. Res. Former. Zeitschrift Fuer Met. 100 (2009) 1361–1377.
H. Dong, S-phase surface engineering of Fe-Cr, Co-Cr and Ni-Cr alloys, Int. Mater. Rev. 55 (2010)
65–98.
T. Bell, Current Status of Supersaturated Surface Engineered S-Phase Materials, Key Eng. Mater.
373-374 (2008) 289–295.
Z. Yu, X. Xu, L. Wang, J. Qiang, Z. Hei, Structural characteristics of low-temperature plasmanitrided layers on AISI 304 stainless steel with an a' -martensite layer, 153 (2002) 125–130.
M.K. Lei, X.M. Zhu, Plasma-based low-energy ion implantation of austenitic stainless steel for
improvement in wear and corrosion resistance, Surf. Coatings Technol. 193 (2005) 22–28.
Y. Sun, T. Bell, Sliding wear characteristics of low temperature plasma nitrided 316 austenitic
stainless steel, Wear. 218 (1998) 34–42.
C. Li, T. Bell, Corrosion properties of active screen plasma nitrided 316 austenitic stainless steel,
Corros. Sci. 46 (2004) 1527–1547.
Committee of Stainless Steel Producers, Review of the Wear and Galling Characteristics of
Stainless Steels, American Iron and Steel Institute, Washington, 1978.
M.A.J. Somers, T. Christiansen, Kinetics of Microstructure Evolution during Gaseous
Thermochemical Surface Treatment, J. Phase Equilibria Diffus. 26 (2005) 520–528.
T. Bell, Surface engineering of austenitic stainless steel, Surf. Eng. 18 (2002) 415–422.
T.L. Christiansen, T.S. Hummelshøj, M.A.J. Somers, Solution hardening of cold deformed
passive alloy workpiece used to form component e.g. lock washer, involves dissolving nitrogen in
workpiece and cooling in presence of inert gas which does not contain nitrogen at preset
temperature, WO2013159781-A1, 2013.
T.L. Christiansen, T.S. Hummelshøj, M.A.J. Somers, Forming expanded austenite and/or
expanded martensite by solution hardening of cold deformed workpiece of passive alloy, WO2012
146254-A1, 2012.
Standard test methods for pitting and crevice corrosion resistance of stainless steels and related
alloys by use of ferric Chloride solution, ASTM Int. 03 (2003) 1–10.
A. Pardo, M.C. Merino, A.E. Coy, F. Viejo, R. Arrabal, E. Matykina, Pitting corrosion behaviour
of austenitic stainless steels – combining effects of Mn and Mo additions, Corros. Sci. 50 (2008)
1796–1806.
M. Pourbaix, Atlas of electrochemical equilibria in aqueous solutions, Second Ed., National
Association of Corrosion Engineers, Houston, Texas, USA, 1974.
C. Templier, J.C. Stinville, P. Villechaise, P.O. Renault, G. Abrasonis, J.P. Rivière, A.
Martinavičius, M. Drouet, On lattice plane rotation and crystallographic structure of the expanded

149

[43]
[44]
[45]
[46]
[47]

[48]
[49]
[50]

[51]
[52]
[53]
[54]

150

austenite in plasma nitrided AISI 316L steel, Surf. Coatings Technol. 204 (2010) 2551–2558.
T.L. Christiansen, M.A.J. Somers, Low temperature gaseous nitriding and carburising of stainless
steel, Surf. Interface Anal. 21 (2005) 445–455.
C. Blawert, H. Kalvelage, B.L. Mordike, G. a. Collins, K.T. Short, Y. Jirásková, et al., Nitrogen
and carbon expanded austenite produced by PI3, Surf. Coatings Technol. 136 (2001) 181–187.
Z. Cheng, C.X. Li, H. Dong, T. Bell, Low temperature plasma nitrocarburising of AISI 316
austenitic stainless steel, Surf. Coatings Technol. 191 (2005) 195–200.
I. Olefjord, Surface Composition of Stainless Steels during Anodic Dissolution and Passivation
Studied by ESCA, J. Electrochem. Soc. 132 (1985) 2854.
H. Baba, Y. Katada, Effect of nitrogen on crevice corrosion in austenitic stainless steel, Corros.
Sci. 48 (2006) 2510–2524.
H. Baba, T. Kodama, Y. Katada, Role of nitrogen on the corrosion behavior of austenitic stainless
steels, Corros. Sci. 44 (2002) 2393–2407.
H. Yashiro, D. Hirayasu, N. Kumagai, Effect of Nitrogen Alloying on the Pitting of Type 310
Stainless Steel, ISIJ Int. 42 (2002) 1477–1482.
H. Yashiro, D. Takahashi, N. Kumagai, K. Mabuchi, Effect of Nitrogen and Molybdenum Species
on the Pitting of Stainless Steel in High-Temperature Chloride Solutions, Corros. Eng. 47 (1998)
591.
H. Ohno, H. Tanabe, A. Sakai, T. Misawa, Corros. Eng. 47 (1998) 584.
G.C. Palit1, V. Kain, H.S. Gadiyar, Electrochemical Investigations of Pitting Corrosion in
Nitrogen-Bearing Type 316LN Stainless Steel, Corrosion. 49 (1993) 977–991.
T. Komori, U. Nakada, Electrochemical Behavior of Nitrogen-Bearing Austenitic Stainless Steels,
in: Proceedings 39th Japan Corros. Conf. JSCE, 1992: p. 353.
M. Janik-Czachor, E. Lunarska, Z. Szklarska-Smialowska, Effect of Nitrogen Content in a 18Cr5Ni-10Mn Stainless Steel on the Pitting Susceptibility in Chloride Solutions, Corrosion. 31 (1975)
394–398.

10

Paper V: Effect of plastic pre-straining on residual stress
and composition profiles in low-temperature surface
hardened austenitic stainless steel

Federico Bottoli, Grethe Winther, Thomas L. Christiansen, Marcel A.J. Somers
Technical University of Denmark, Department of Mechanical Engineering, Produktionstorvet b.425, 2800
Kgs. Lyngby, Denmark

Article submitted to Metallurgical and Materials Transactions A on November 26th, 2015

151

152

Effect of plastic pre-straining on residual stress and composition
profiles in low-temperature surface hardened austenitic stainless
steel
Federico Bottoli, Grethe Winther, Thomas L. Christiansen, Marcel A.J.
Somers
Technical University of Denmark, Department of Mechanical Engineering,
Produktionstorvet b.425, 2800 Kgs. Lyngby, Denmark

Keywords
Low-temperature surface hardening, x-ray diffraction, residual stresses, expanded austenite, nitriding,
carburizing, nitrocarburizing.

Abstract
The present work deals with the evaluation of the residual-stress profiles in expanded-austenite by applying
grazing incidence X-ray diffraction (GI-XRD) combined with successive sub-layer removal. Annealed and
deformed (eq=0.5) samples of stable stainless steel EN 1.4369 were nitrided or nitrocarburized. The
residual stress profiles resulting from the thermochemical low-temperature surface treatment were
measured. The results indicate high residual compressive stresses of several GPa's in the nitrided region,
while lower compressive stresses are produced in the carburized case. Plastic deformation in the steel prior
to thermochemical treatment has a hardly measurable influence on the nitrogen-rich zone, while it has a
measurable effect on the stresses and depth in the carbon-rich zone.

1 Introduction
Surface engineering techniques are widely used to modify material surface properties. Through thermal,
mechanical and chemical surface treatments, it is possible to tailor the resistance against wear, corrosion
and fatigue, and thus enhance the component performance [1]. Most surface engineering techniques are
associated with the introduction of residual stress-depth profiles, which can have a detrimental or a
favourable effect on the performance of materials and components under certain conditions [2].
Among surface engineering techniques, a growing interest is observed in low-temperature gaseous
processes of stainless steels, because, compared to existing treatments, these techniques allow a significant
improvement of wear and fatigue resistance, without impairing (but rather improving) the material´s
corrosion performance [3–5].
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The significant improvement of the material surface properties after low-temperature nitriding,
nitrocarburizing or carburizing is due to the dissolution of a colossal amount of nitrogen and/or carbon in
the stainless steel matrix, forming a supersaturated solid solution known as expanded austenite [6,7]. The
interstitial concentration profile of the dissolved nitrogen and carbon atoms has been reported to lead to the
development of enormous compressive residual stresses in the near surface region parallel to the material's
surface, from 2-3 GPa after carburising up to 8GPa after nitriding [8–10].
The composition-induced stresses are usually evaluated by angle dispersive diffraction methods using the
radiation produced by conventional X-ray tubes. Quantitative assessment of residual stresses in expanded
austenite is challenging as the several properties influencing the lattice spacing measured in an X-ray
diffraction experiment can change considerably within the depth range probed in an experiment [2].
(Steep) gradients in the local lattice spacing, as a consequence of gradients in composition, stress and
stacking fault density can have a significant effect on the result obtained in residual stress
determination [2,9–11]. Furthermore, elastic constants [9] and thermal expansion coefficients [12] (and
magnetic properties [13]) depend strongly on the interstitial content dissolved in expanded austenite.
Extensive research has been carried out with both destructive and non-destructive XRD methods to
evaluate the magnitude of the compressive stresses and to take into account the influence of the various
parameters [8–11,14,15]
The conventional “sin2” method, using symmetric Bragg-Brentano geometry, leads to a significant
variation of the information depth of the X-rays with tilt angle. This variation leads to the generation of
ghost or fictitious stresses that have to be taken into account and corrected for in the data evaluation
procedure [11]. Alternatively, the influence of ghost stresses can be reduced by a proper choice of the
measurement geometry (not Bragg-Brentano). Recently it was shown for fixed grazing-incidence angles, at
the probed depth range is shallow and the resulting information depth can be assumed constant [9,16].
In industrial practice, the presence of residual plastic deformation in the near surface region prior to surface
treatment is the rule rather than the exception and may have a strong influence on the low-temperature
thermochemical processes [17–19]. In the present study the influence of such residual plastic deformation
in the steel on residual-stresses developing in expanded austenite upon nitriding and nitrocarburizing is
investigated.

1.1 X-ray diffraction stress analysis
X-ray measurements allow the determination of the stress state in a crystalline phase by measuring the
variation of the interplanar spacing in directions along different diffraction vectors with respect to the
sample’s geometry. X-ray stress evaluation is based on the determination of lattice strains assuming
isotropic elasticity theory.
In polycrystalline materials, only the crystallites with their lattice plane normal parallel to the diffraction
vector contribute to the diffracted intensity [20]. The contribution of a certain depth under the surface to
the diffracted intensity depends on the absorption of incident and diffracted intensity and the path as
adjusted by the diffraction geometry [2]. The crystallites closer to the surface have a stronger contribution
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while the ones deeper in the material will contribute less to the line profile [2]. Therefore, the lattice
spacing determined is the diffracted intensity-weighted d-spacing value, which can be simplified to:
exp
Equation 1

exp

where z is depth and  is the information depth, which actually is identical to the diffracted intensityweighted depth. The relationship between the lattice strain in a crystallite with orientation hkl and the stress
is expressed by:
½
2

½

where

2

2

]

Equation 2

is the lattice spacing for the hkl planes in a direction defined by the rotation angle  and the tilt

angle  with respect to the frame of reference formed by the principal stresses,
spacing, and ½

and

is the strain-free lattice

are the X-ray elastic constants (XECs) for the hkl under consideration.

The stress state experienced resulting from a thermochemical treatment can usually be assumed biaxial.
Hence, 11=22=// and33=0 and Equation 2 can be rewritten as follows:

½

//

2

//

Equating Equation 3 to zero and rearranging the terms, allows finding the strain free spacing
for the strain free direction

Equation 3

probed

:
2
½

Equation 4

The conventional “sin2” method, using symmetric Bragg-Brentano geometry, is characterized by a
significant variation of the information depth with the tilt angle, such that the depth range analysed is
reduced with increasing tilt angle. Consequently, if a lattice spacing-depth profile occurs as a consequence
of a composition and/or a stress profile, the conventional “sin2” method combines experimental lattice
spacings obtained for different information depths in one determination of the stress, thereby introducing
artefacts leading to fictitious stress values, so-called ghost stresses, in addition to the actual stress value.
Conversely, asymmetric geometry (grazing incidence mode) allows a small fixed (or tilt dependent)
incidence angle, limiting the probed depth range to a shallow region in the proximity of the surface. By the
application of a fixed grazing incidence, the information depth varies to a limited extent, while by tailored
variation of the incidence angle with the tilt angle a constant information depth can be achieved [21,22].
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On applying grazing incidence mode, it has to be taken into account that the lattice spacing is probed in a
direction that is tilted with respect to the surface normal, even for no actual rotation. The effective tilt angle
is given by:
cos

Equation 5

where  is the tilt angle in the laboratory frame of reference. Hence, asymmetric geometry set-up does not
require correction procedures, which would have been the case for measurement in symmetric geometry
mode, where gradients may strongly affect the obtained lattice spacings.

1.2 X-Ray elastic constants
For any practical applications, the knowledge of the X-ray elastic constant is a necessary prerequisite for
the determination of the stress-state of the material. The diffraction elastic constant can be obtained from
single-crystal elastic constants through the use of grain interaction models (GIM).
Several grain interaction models have been proposed in literature [21] . The Voigt [23] and Reuss [24]
grain interaction models are considered the two extreme models. The Voigt GIM assumes that the strain
distribution is homogenous in the specimen, while the Reuss GIM assumes that the stress tensor is equal
for all crystallites. The two extreme cases of GIM in polycrystals were proven by Hill to set the upper and
lower bounds for the mechanical elastic constants. The Neerfeld-Hill model [25,26] suggests that the
arithmetic average of the Voigt and Reuss models is in better agreement with experimental data.
The Vook-Witt and the inverse Vook-Witt models [27] include extreme grain interaction assumptions
along the two considered principal directions. For special conditions at the free surface the Vook-Witt
model assumes equal strains in the surface plane and zero stress perpendicular to the surface; the inverse
Vook-Witt model assumes equal strain perpendicular to the surface and equal stresses in the surface plane.
Eventually, in the Eshelby-Kröner model [28,29] the crystallites surrounding an individual crystallite are
conceived as an elastically homogenous matrix with averaged elastic properties of the entire polycrystal.
The determination of the single-crystal elastic constant is therefore an essential prerequisite for the
calculation of X-ray elastic constants for polycrystals, irrespective of the GIM adopted.
So far, single crystal elastic constants have not been determined for expanded austenite; therefore, the
elastic constants reported for stainless steel Fe-12%Cr-12%Ni are often used [9,10,15]. However it has been
shown that the presence and the amount of interstitial atoms in solid solution has an enormous influence
on the X-ray elastic constant, and in particular that the ratio E200/E111 grows substantially with the growing
content of dissolved atoms [9]. Furthermore, recent work on the magnetic properties of nitrogen stabilized
expanded austenite [13], shows that depending on the nitrogen content and the temperature, expanded
austenite is paramagnetic or ferromagnetic and has a Curie temperature in-between the nitriding
temperature and room temperature. As magnetic and elastic properties are coupled it is anticipated that
also the elastic properties of nitrogen stabilized expanded austenite are different at nitriding and room
temperature.
In the present work, the X-ray elastic constants of paramagnetic Fe-12%Cr-12%Ni and ferromagnetic ’Fe4N (Table 1) were calculated, using the Reuss GIM. These values were used for the evaluation of
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residual stresses in expanded austenite which are expected to be representative for a low (paramagnetic)
and intermediate to high (ferromagnetic) interstitial content. Changing the crystal structure from Fe and
’-Fe4N a reversal of the elastic anisotropy occurs [23]; a similar reversal was observed for expanded
austenite with low and high interstitial content [9,30].
The motivation for adopting the Reuss GIM was the good correspondence of the obtained stress profiles
for the 111 and 200 family planes in previous work [9].

Table 1: X-ray elastic constants for Fe-12%Cr-12%Ni and for ’-Fe4N for the {111} and {200} family
planes calculated with the Reuss grain interaction models [9]. The X-ray elastic constant for ’-Fe4N were
calculated for crystallographically and elastically isotropic polycrystals [21] using s11= 4.36 MPa-1, s22=1.33
MPa-1 and s44=21.75 MPa-1 as single crystal elastic constants for ’-Fe4N [31].The values are given in 10-6
MPa-1.
Reuss GIM

½

Fe-12%Cr-12%Ni

’-Fe4N

XEC

XEC

111

200

111

200

-0.7

-4.3

-3.06

-1.33

4.3

15

10.9

5.68

2 Experimental
2.1 Materials preparation
The stainless steel EN 1.4369 with chemical composition Fe-0.09C-0.23N-0.74Si-0.18Mo-5.92Mn-18.58Cr7.11NI (wt%) was investigated in this experimental activity. The supplier provided the material in annealed
condition as 0.7mm thick plates. Tensile test specimens were cut out from the plate material in accordance
to the ASTM standard E 8M-0419. The tensile loading direction was chosen parallel to the rolling direction
of the plate. Tensile straining was applied at a strain rate of 6.67x10-3 s-1 to an equivalent strain of eq=0.5.
Specimens with dimensions 15x12.5x0.7mm3 were obtained from the annealed and deformed material.
The flat surface of the specimens was ground and polished to a final step of 3μm diamond paste and
afterwards electro-polished in order to remove the plastic deformation zone introduced by grinding. The
electro-polishing was carried out for 20s in a “Struers Electrolyte A2” solution with an applied potential
and current density of 30V and 2A/cm2, respectively.

2.2 Low-temperature thermochemical processes
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Samples in annealed and deformed state were subjected to three different treatments: nitriding and
nitrocarburizing.
The low-temperature nitriding and nitrocarburizing processes were performed in a LAC annealing furnace
model PKRC 55/09 retrofitted for gaseous nitriding/nitrocarburizing. The samples were suspended on a
type K (chromel/alumel) thermocouple to monitor the temperature during the entire nitriding cycle,
including heating and cooling. To enable low-temperature surface hardening, the sample surface was
activated in-situ by a proprietary procedure.
The nitriding process was carried out in a pure ammonia atmosphere at 703K (430°C) for 20h while the
nitrocarburizing was carried out in an ammonia/propane gas mixture at 693K (420°C) for 20h.
Attempts to carburize EN 1.4369 did not succeed for the annealed, despite various procedures of surface
activation. It is anticipated that the presence of nitrogen in the as-received condition of this alloy is
responsible for this inability to dissolve carbon. For this reason carburized samples are not included in this
investigation.

2.3 Microstructural characterization
The microstructures of all samples before and after low-temperature thermochemical processes were
investigated in cross section with reflected-light microscopy. The samples were ground, polished and
etched with Kalling’s reagent no.1 for 5-8 s. Micro-hardness indentation measurements to obtain the
hardness profile over the “case” were performed on a Future-Tech FM700 instrument using a load of 0.05
N.
Glow discharge optical emission spectroscopy (GD-OES) was applied for the determination of the surface
composition profiles after the low-temperature thermochemical treatments. Controlled sputtering of the
surface during GD-OES was performed with a plasma at 1000Pa and 40W using a Horiba Jobin Yvon GD
profiler 2.
Concentration profiles of substitutionally and interstitially dissolved components were obtained using a
selection of stainless steel reference materials and ’-Fe4N on pure iron as a nitrogen reference.

2.4 X-ray diffraction stress depth profiling
X-ray diffraction analysis was performed with a Bruker AXS D8 diffractometer equipped with Cr-tube
source with a characteristic wavelength of 2.2897 Å. A voltage of 40kV and a current of 40mA were used
for the measurements. The lattice spacing profiling for residual stress analysis over the thickness of the
hardened surface was determined in grazing incidence geometry using point focus configuration and a
vanadium window to remove Cr K.
The measurements were performed in a range 55°-85° 2. This range was selected to include the 111 and
200 reflections of austenite and expanded austenite. The step size was 0.05° 2θ and the counting time was
6s per 2θ step. The grazing incidence angle was kept fixed at =2° for all the tilting angles . Line profiles
were obtained for 5 values of angle (0°, 25°, 38°, 49°, 60°).
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Although it is considered good practice to use high 2angles for the evaluation of residual stresses the 220
and 311 reflections were too weak and broad to guarantee an accurate evaluation of the stress profiles. The
possible instrumental influence of applying reflections in the low 2 range was determined: stress-free
stainless steel powder was measured resulting in “stress-values” less than 100MPa. This contribution is
negligible as compared to the stress values to be determined in the present case.
Keeping a small fixed grazing incidence angle can limit the probed volume to a shallow surface region.
However, even for fixed grazing incidence angles, the information depth changes with angle. This small
variation in the penetration depth, which is from 0.18 to 0.35μm in the investigated 2 range, is responsible
for the generation of substantial ghost stresses especially in the near surface region area, where a very steep
gradient in the lattice parameter is present because of the steep nitrogen concentration profile.
After each measurement, a thin sublayer of approximately 1.5μm of expanded austenite was removed by
gentle polishing with 3μm diamond paste. The sublayer removal procedure was performed on each of the
analysed samples until the material substrate was reached (no 2 shift of the substrate reflection was
recorded). The weight loss after every polishing step was measured to accurately monitor the sublayer
removal.

2.5 Stress analysis data analysis
The 111 and 200 X-ray line profile of each sample collected at the different depths were fitted to determine
the centroid peak position of the Bragg peak. From the centroid it was possible to calculate the as-measured
lattice spacing core, the centroid peak position contained contributions from N andC, N and

and

fromC and , respectively. Away from these transition regions the centroid position can be exclusively
attributed to N, C or . The sin2plots for the 111 and 200 reflections values 〈

〉 for the 111 and 200

reflections. In the transition regions from N toC, N to and from C to the  were constructed by fitting
straight lines through the as-determined lattice spacing, 〈
slope ∆〈

〉⁄∆

and intercept 〈

〉 vs. the corresponding sin2value. The

〉 were determined.
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3 Reesults
3.1 Lo
ow-tempeerature niitriding
EN 1.4369 in annealled and deforrmed conditiion was subjeected to low--temperature gas nitriding
g at 703K
(430°) fo
or 20h in purre ammonia. Reflected ligght microsco
opy (Fig.1) re
eveals the moorphology off the case
produced
d during the process.
p
In both condition
ns a uniform layer of expa
anded austennite with a thiickness of
10(1) μm
m is found in the
t outermostt surface.

Figure 11: Reflected liight microgra
aphs of the an
nnealed (a) an
nd deformed =0.5

(b) EN
N 1.4369 LTN
N at 703K
((430°) for 20h
h.
XRD ph
hase analysis in
i Bragg-Bren
ntano geomeetry confirms the formation of expandeed austenite during
d
the
perature gaseous process (Fig.
(
2). In th
he 2 range in
nvestigated it is possible too identify the expanded
low-temp
austenitee and the austtenite peaks. The peaks off the expandeed austenite are
a shifted to lower 2 com
mpared to
the paren
nt austenite phase, becau
use of the laattice expanssion provoked by the nitr
trogen dissolu
ution. As
observed
d in the micrrographs, no significant ddifference in
n the degree of expansionn of austenitte can be
observed
d in the X-ray
y diffractogram
ms of the ann
nealed and deeformed sample, consistennt with previo
ous work,
which in
ndicated that EN
E 1.4369 co
onsists of stabble austenite [17].
The GD-OES profilees in Fig. 3 co
onfirm the prresence of a nitrogen-rich
h zone in prooximity of the surface.
mic concenttration of niitrogen at th
he surface iss close to about
a
40% aand decreasees steeply
The atom
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approaching the composition of the parent austenite at about 11 μm. A trend is observed that the nitrogen
depth profile reaches deeper for the strained condition than for the annealed condition (Fig. 3).
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Figure 2: X-ray diffractograms of EN 1.4369

Figure 3: GD-OES nitrogen and carbon concentration

after LTN (703K (430 ºC), 20h) of as-received

profiles for EN 1.4369 after LTN (703K (430 ºC), 20h)

and tensile-strained conditions.

of as-received and tensile-strained conditions.
〉 were measured

For the evaluation of the residual stresses in the materials, the lattice spacing values 〈
for the 111 and 200 reflections and from these the sin2plots were calculated.
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removal for the annealed and deformed samples.

deformed samples.
In Fig. 4a the slopes for the 111 and 200 peaks for both the annealed and strained conditions are given. The
values of the slopes are more negative at the surface, indicating high compressive stresses in these regions,
and they increase smoothly to less negative values (lower compressive stresses) on approaching the parent
austenite. Eventually they stabilize to slightly negative values after 10μm. It is noted that more negative
values of the slopes are found for the 200 reflection than for the 111 reflection, suggesting that 200 is more
sensitive for applied stress than 111.
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The calcculated interccept values (F
Fig. 4b) decrrease smooth
hly throughou
ut the layer tthickness and
d reach a
plateau ffor depths aftter 10μm. Theese observatioons are in ag
greement with
h the microgrraphs in Fig. 1 and the
composittion profiles in Fig.3. Ev
vidently, with
hin experimeental accuraccy no differeence can be discerned
between the annealed
d and deform
med cases. Appparently, the presence of plastic defoormation prio
or to lowtemperatture nitriding does not hav
ve a measurabble influence on the comp
pressive stressses induced by gaseous
nitriding. Furthermorre, the slightlly deeper nitrriding front as
a suggested by the GD-O
OES profiles in Fig. 3
were nott confirmed by
b the stress measurements
m
s, most likely
y as a consequ
uence of the eexperimentall accuracy
(see errorr bars in Figs. 4).

3.2 Lo
ow-tempeerature niitrocarburrizing
EN 1.4369 in annealled and deforrmed conditiion was subjeected to low--temperature gas nitriding
g at 693K
or 20h in a controlled
c
am
mmonia/proppene atmosph
here. For botth samples thhe nitrogen expanded
(420°) fo
austenitee is lying clossest to the surrface, while tthe carbon ex
xpanded regio
on is locatedd underneath. Even for
low-temp
perature nitro
ocarburizing no significaant differencee can be disccerned betweeen the anneealed and
deformed
d sample in th
he reflected liight microscoopy analysis (Fig.
(
5).

Figure 5: Reflected light
l
microgra
aphs of the an
nnealed (a) and
a deformed =0.5 (b) EN
N 1.4369 LTN
NC at 693K
(420°) for 20h.
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X–ray diffraction analysis (Fig. 6) confirms the formation of separate zones with nitrogen and carbon
expanded austenite in both samples. In this case, reflections from the substrate are no longer visible due to
a thicker case and the limited depth probed by the applied X-radiation.
EN 1.4369 LTNC
693 K, 20h
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Figure 6: X-ray diffractograms of EN 1.4369 after LTNC (693K (420 ºC), 20h) of as-received and tensilestrained conditions.
The GD-OES and hardness profiles for the annealed and deformed state are given in Figs. 7-8. The GDOES measurement confirms the transition from a separate nitrogen-rich to a separate carbon-rich zone
(Fig. 7). As for the nitrided samples a trend is observed that the nitrogen stabilized expanded austenite
reaches slightly deeper for the strained sample than for the annealed sample. This trend is more
pronounced for the carbon stabilized expanded zone; for the strained sample the carburized part reaches
more than 3 μm deeper than for the annealed sample.
The total interstitial content as determined by GD-OES is compared to the hardness profiles over the case
in Fig. 8. Clearly, the hardness scales with the total interstitial content until a level of 1200 HV is reached.
This is particularly clear for the strained sample where the discontinuous decrease in interstitial content on
entering the carbon-rich zone is associated by a discontinuous decrease in micro-hardness.
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Figure 7: GD-OES profiles of nitrogen and carbon for EN 1.4369 annealed or deformed and subsequently
nitrocarburized at 693K (420°C), 20h.
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Figure 8: Hardness profile and GD-OES profile of total interstitial content in the EN 1.4369 annealed and
tensile deformed (=0.5) samples nitrocarburized at 693K (420°C), 20h.
For both conditions, the hardness in the nitrogen-rich region is significantly higher than in the carbon-rich
region. The hardness profiles show that the carbon-stabilized expanded phase bridges the hardness
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difference between the nitrogen expanded part of the case to the core and therefore a smooth decrease in
hardness to the bulk hardness value is obtained over several microns. This differs considerably from what is
obtained during low-temperature nitriding, where the case-to-core transition occurs within few microns and
a sharp hardness transition is measured [5].
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〉, (b.) of the

plots for nitrocarburized

EN 1.4369 in annealed in strained condition and derived from 111 and 200 line profiles.
From the sin2plots the slopes and intercepts were obtained (see Fig. 9a and 9b, respectively). For both
conditions (annealed and deformed samples), more negative values of the slope are found in the nitrided
region; subsequently the slopes increase rapidly deeper in the case, indicating a considerable reduction of
the compressive stresses. Eventually, in carbon stabilized expanded austenite at depths of more than about
8 m, the slopes increase slightly but steadily until levelling off at a slightly negative value in proximity of
the bulk.
The trends of the slopes of the 111 and 200 reflections in the nitrogen expanded region of the annealed and
deformed sample are similar (Fig. 9a), but a consistent difference can be observed in the carbon-rich
expanded austenite zone. In this region the values of the slopes are always more negative for the strained
than for the annealed condition, indicating that larger compressive stresses are present in pre-strained
carbon expanded austenite.
The intercepts of the sin2 plots decrease continuously (Fig. 9b) with increasing depth. Clearly a steeper
decrease in intercept is found in the nitrogen-rich than the carbon-rich region, consistent with the change in
total interstitial content and hardness in Fig. 8.
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4 Discussion
4.1 Stress profiles and stress-free lattice parameters
The Reuss GIM was applied for the evaluation of the strain-free lattice parameters and the stress profiles
for the annealed and strained materials after the surface engineering processes (LTN, LTNC). The X-ray
elastic constant of austenite and ’-Fe4N were used for the calculation (cf. section 1.2). The measured lattice
〉

spacings were used for the evaluation of the strain-free lattice parameters using the relations 〈
〈

〉 ∙ √3 and 〈

〉

〈

〉 ∙ 2.

The strain-free direction is a function of the X-ray elastic constant (Eq. 4). Nevertheless the strain-free
lattice parameters profiles obtained for the 111 and 200 reflections are in good agreement with each other
irrespective of the chosen X-ray elastic constants. In Fig. 10 the average of the strain-free lattice parameters
derived from 111 and 200 reflections is given for the investigated samples, using the XECs for austenite
(Fig. 10a) and Fe4N (Fig. 10b).
As seen in the figures, the two sets of XECs give almost the same results. The difference between the strainfree lattice parameters obtained from 111 and 200 is less than 1% of the average in all cases.
As follows from Fig.10, the dependence of the strain-free lattice parameter on depth is analogous for
nitrided and nitrocarburized samples in the nitrogen-rich part, while a marked difference is obtained in the
carbon-rich part. Here the strain-free lattice parameter does not decrease as steeply as in the nitrogen-rich
part and a deeper case is obtained, consistent with the GD-OES profiles in Figs. 3 and 7 and the
micrographs in Fig. 1 and 5.
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average of those derived from 111 and 200 reflections for interpolation in the strain-free direction of the sin2
relations.
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The slopes obtained from the sin2plots were used for the calculation of the stress profiles for the various
process conditions (Fig. 11). In contrast with the strain-free lattice parameter, not surprisingly, a significant
influence is observed of the X-ray elastic constants on the measured stress profiles over the depth.
The profiles measured using the Reuss GIM and the XECs for stainless steel show a fair correspondence
for the 111 and 200 reflections (Fig. 11a). High compressive residual stresses result in the nitrogen-rich
region of the case as the result of a high amount of nitrogen content. In the carbon-rich regions lower
compressive stresses are obtained, consistent with a lower amount of dissolved interstitials. The decline of
compressive stress with the increasing depth is steep in the nitrogen-expanded region, while for the carbonexpanded region a more gradual decrease is observed along the case. These observations reflect what has
been observed in the GDOES and hardness profiles (cf. Fig. 3, 7 and 8).
Close to the case-core transition positive values of stress are obtained. Notwithstanding the fact that a
positive stress has to be expected in the unaffected core to compensate for the large compressive stresses in
the case, tensile stresses can equally well be conceived as merely an effect of the measurement and data
evaluation procedures. In this region, the calculated values are significantly influenced by using the
centroid position for the line profile evaluation, loss of linearity of the experimental d-sin2dependence
and, for the steep gradients, ghost stress effects. Therefore, it is not possible to conclude whether the
obtained values are actual tensile stresses or just an artefact of the applied measurement and data
evaluation procedures.

167

0

0

-1000

-2000
-4000

Stress / MPa

Stress / MPa

-2000
-3000
-4000

LTN 111
LTN 200
Strained+LTN 111
Strained+LTN 200

-5000
-6000

-6000
-8000
-10000

LTN 111
LTN 200
Strained+LTN 111
Strained+LTN 200

-12000
-14000
-16000

0

0

-1000

-2000
-4000

Stress / MPa

Stress / MPa

-2000
-3000
-4000

LTNC 111
LTNC 200
Strained+LTNC 111
Strained+LTNC 200

-5000
-6000
0

5

10

15

20

-6000
-8000
-10000

LTNC 111
LTNC 200
Strained+LTNC 111
Strained+LTNC 200

-12000
-14000
-16000
0

5

10

15

20

Depth / µm

Depth / µm

b.

a.

Figure 11: Stress-depth distributions obtained from the slope in d-sin2 dependencies (Fig. 4a), applying
X-ray elastic constants for stainless steel (a.) and ’-Fe4N (b.), adopting the Reuss grain interaction model.
Applying the XECs of ’-Fe4N, a major discrepancy between the stress values obtained from the probed
reflections was found for the Reuss GIM (Fig. 11b). Obviously, the stress values calculated for the 200
reflection are unrealistically high; values of compressive stress up to 15.5GPa in the case formed upon lowtemperature surface treatment cannot be subtended by this material.
This major discrepancy suggests that the X-ray elastic constants for iron-nitride, in combination with the
Reuss GIM, are not suitable for the evaluation of the residual stresses in expanded austenite, despite the
similarity in the crystal structures of N and ’-Fe4N. A slightly better correspondence between 111 and 200
with elastic constants as for ’-Fe4N is anticipated for the Voigt GIM. Then, the difference as observed in
Fig. 4a will be reproduced, because the XECs for 111 and 200 are identical for the case of the Voigt GIM.
It has been shown in previous research activities that the X-ray elastic constants for expanded austenite
depend strongly on the nitrogen content [9]. In particular the ½

/½

ratio increases strongly with

the nitrogen content. Consequently, despite a fair agreement of the stress profiles calculated with the Fe
XEC with the Reuss GIM, the present results can, at best, be used for a qualitative estimation of the stress
distribution, but cannot be exploited for the calculation of the real profile distribution in expanded
austenite.
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4.2 Influence of plastic deformation on stress in expanded austenite
It is evident from the present results that, ahead of the nitriding front, within carbon expanded austenite
residual stress changes gradually, and as such bridges the large difference in lattice parameter between
nitrogen-stabilized and austenite. Qualitatively, the compressive residual stress level in carbon expanded
austenite (Fig. 11) is higher in the strained sample than in the annealed sample. Apparently, for nitrogen
expanded austenite no such difference in residual stress level between strain and annealed sample condition
prior to nitriding/nitrocarburizing was observed. Different responses for nitrogen and carbon expanded
austenite can be explained as follows.
On LTN, nitrogen dissolution results in the introduction of huge lattice strains corresponding to very large
compressive stresses. Only part of the lattice expansion can be accommodated elastically. Along with an
increase in interstitial content the (expanded) austenite is strengthened. Above a certain interstitial content
the additional lattice strain corresponds to a residual stress increase that exceeds the additional yield
strength. Such plastic deformation has been observed for nitriding in the form of a nitrogen dissolutioninduced lattice rotation, depending on the initial grain orientation [30,32,33]. The crystal rotation effect
produced upon nitriding has many similarities [30] with the grain-orientation dependent lattice rotations of
individual bulk grains measured in monotonic tensile tests in a number of materials [34–36]. These
rotations are further traced to activation of specific grain orientation dependent slip system
combinations [30,37,38].
For carburizing such plastic accommodation has so far not been reported. Recent attempts to predict
nitrogen profiles and stress profiles during nitriding incorporate crystal plasticity and strengthening, leading
to realistic nitrogen-concentration profiles and stress-depth distributions [39].
In the materials tested in this experimental activity, the amounts of nitrogen dissolved during
nitriding/nitrocarburizing are far beyond the level above which plastic deformation is introduced in
expanded austenite and also larger than the amount estimated to correspond to an apparent plastic strain
exceeding 0.2 [30]. This means that the additional deformation introduced during nitrogen expanded
austenite formation can be higher than the level of plastic deformation introduced during pre-straining.
Assuming that the effect of plastic deformation prior to nitriding/nitrocarburizing on the GD-OES profiles
in Fig. 3 and Fig. 7 is the result of faster interstitial (pipe) diffusion as a consequence of the high dislocation
density, it can be understood that a possible effect of prior plastic deformation on the nitrogen-depth profile
is obscured by the additional excessive plastic deformation introduced by the high nitrogen content itself.
Only the region below the critical nitrogen content where plasticity is introduced, which is close to the casecore transition [40], or the transition to carbon expanded austenite experience no additional plastic
deformation from the LTN or LTNC treatment. Consequently, the effect of pre-straining is most clearly
observed here.
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5 Conclusion
The influence of residual plastic deformation on the residual stress state created as a consequence of lowtemperature nitriding and/or nitrocarburizing was evaluated with grazing incidence X-ray diffraction.
The results obtained with the applied evaluation procedure and data analysis confirm that the prior plastic
deformation has a negligible influence in the nitrogen enriched region of the nitrided and nitro-carburized
layer. This effect is related to the additional plastic deformation induced as a consequence of the
dissolution of colossal amounts of nitrogen which hinders the effect of residual plastic deformation prior to
low-temperature thermochemical process.
On the other hand, carbon dissolution does not induce plastic deformation in the austenitic substrate
because of the lower lattice expansion, thus the effect of pre-straining and the associated dislocation density
affects the residual stress state in the material.
The evaluation of the residual stress state was carried out using the Reuss grain interaction model and two
different sets of x-ray elastic constants, austenite and ’-Fe4N. Despite the similarities between the crystal
structure of ’-Fe4N and expanded austenite a major discrepancy was found between the residual stress
state resulting from the different reflections, indicating that the method is not reliable for the correct
evaluation of the magnitude of the residual stresses.
The use of austenite XEC and Reuss GIM provides a fair agreement of the residual stress profiles found for
the different reflections and therefore could be used for a quantitate estimation of the stresses in the
nitrided/nitrocarburized case. However this method cannot be used for a correct estimation of the absolute
magnitude of the residual stresses because of the high sensitivity of the XECs to nitrogen concentration.
In conclusion, for the correct estimation of the amount of residual stresses created as a consequence of
thermochemical surface treatment it is necessary to determine the XEC for different interstitial
concentrations.

Acknowledgements
For the present research work, the authors would like to express their gratitude to the Research Fund for
Coal and Steel for the financial support to the PressPerfect project. Furthermore the authors would like to
thank Sandvik Materials Technology for providing the material used during the investigation.

170

References
[1]
[2]
[3]
[4]
[5]
[6]
[7]
[8]
[9]
[10]
[11]
[12]
[13]

[14]
[15]
[16]
[17]
[18]
[19]

[20]
[21]
[22]
[23]
[24]
[25]
[26]
[27]
[28]
[29]
[30]
[31]

J.S. Burnell and P.K. Datta: Surface Engineering Casebook, 1st ed., Woodhead Publishing Ltd,
Cambridge, 1996.
V. Hauk: Structural and Residual Stress Analysis by Nondestructive Methods, Elsevier, 1997.
T. Bell: Key Eng. Mater., 2008, vol. 373-374, pp. 289–95.
H. Dong: Int. Mater. Rev., 2010, vol. 55, pp. 65–98.
T.L. Christiansen and M.A.J. Somers: Int. J. Mater. Res. Former. Zeitschrift Fuer Met., 2009, vol. 100,
pp. 1361–77.
T.L. Christiansen and M.A.J. Somers: Scr. Mater., 2004, vol. 50, pp. 35–37.
T.L. Christiansen, M.A.J. Somers, and A Sample Preparation: Metall. Mater. Trans. A, 2006,
vol. 37, pp. 675–82.
T.L. Christiansen, T S Hummelshøj, and M.A.J. Somers: Surf. Eng., 2010, vol. 26, pp. 242–47.
F.A.P. Fernandes, T.L. Christiansen, G. Winther, and M.A.J. Somers: Acta Mater., 2015, vol. 94,
pp. 271–80.
S. Jegou, T.L. Christiansen, M. Klaus, C. Genzel, and M.A.J. Somers: Thin Solid Films, 2013,
vol. 530, pp. 71–76.
T.L. Christiansen and M.A.J Somers: Mater. Sci. Eng. A, 2006, vol. 424, pp. 181–89.
B. Brink, K. Ståhl, T.L. Christiansen, and M.A.J. Somers: J. Appl. Crystallogr., 2014, vol. 47,
pp. 819–26.
B. Brink, K. Ståhl, T.L. Christiansen, C. Frandsen, M.F. Hansen, and M.A.J. Somers:
Composition-dependent variation of magnetic properties and interstitial ordering in homogeneous expanded
austenite, DTU-Technical university of Denmark, Lyngby, Denamrk, unpublished research, 2015.
T.L. Christiansen and M.A.J. Somers: Mater. Sci. Forum, 2004, vol. 443-444, pp. 91–94.
T.L. Christiansen and M.A.J. Somers: Metall. Mater. Trans. A, 2008, vol. 40, pp. 1791–98.
M.A.J Somers and E.J Mittemeijer: Metall. Trans. A, 1990, Vol. 21A, pp. 189-204.
F. Bottoli, G. Winther, T.L. Christiansen, and M.A.J. Somers: Metall. Mater. Trans. A, 2015,
vol. 46, pp. 2579–90.
F. Bottoli, G. Winther, T.L. Christiansen, and M.A.J. Somers: Metall. Mater. Trans. A, 2015,
vol. 46, pp. 5201–16.
F. Bottoli, G. Winther, T.L. Christiansen, K. V. Dahl, and M.A.J. Somers: Low-temperature
nitriding of deformed austenitic stainless steels with various nitrogen contents obtained by prior high
temperature solution nitriding., DTU-Technical university of Denmark, Lyngby, Denamrk,
unpublished research, 2015.
B.E. Warren: X-Ray Diffraction, Courier Dover Publications, New York, USA, 1969.
U. Welzel, J. Ligot, P. Lamparter, A.C. Vermeulen, and E.J. Mittemeijer: J. Appl. Crystallogr.,
2005, vol. 38, pp. 1–29.
A. Kumar, U. Welzel, and E.J. Mittemeijer: J. Appl. Crystallogr., 2006, vol. 39, pp. 633–46.
W. Voigt: Lehrbuch Der Kristallphysik, Teubner, Leipzig, 1910.
A. Reuss: Z. Angew. Math, Mech., 1929, vol. 9, p. 49.
H. Neerfeld: Mitt. K. Wilh.Inst. Eisenforschg., 1942, vol. 24, pp. 61–70.
R. Hill: Proc.Phys. Soc. London, 1952, vol. 65, pp. 349–54.
R.W. Wook and F. Witt: J. Appl. Phys., 1965, vol. 7, pp. 2169–71.
E. Kröner: Z. Phys., 1958, vol. 151, pp. 504–18.
J.D. Eshelby: Proc. R. Soc. A., 1957, vol. 241, pp. 376–96.
J.C. Stinville, J. Cormier, C. Templier, and P. Villechaise: Acta Mater., 2015, vol. 83, pp. 10–16.
T. Takahashi, J. Burghaus, D. Music, R. Dronskowski, and J.M. Schneider: Acta Mater., 2012,
vol. 60, pp. 2054–60.

171

[32]
[33]
[34]
[35]
[36]
[37]
[38]
[39]
[40]

172

J.C. Stinville, P. Villechaise, C. Templier, J.P. Rivière, and M. Drouet: Acta Mater., 2010, vol. 58,
pp. 2814–21.
C. Templier, J.C. Stinville, P. Villechaise, P.O. Renault, G. Abrasonis, J.P. Rivière, a.
Martinavičius, and M. Drouet: Surf. Coatings Technol., 2010, vol. 204, pp. 2551–58.
G. Winther, L. Margulies, S. Schmidt, and H.F. Poulsen: Acta Mater., 2004, vol. 52, pp. 2863–72.
H.F. Poulsen, L. Margulies, S. Schmidt, and G. Winther: Acta Mater., 2003, vol. 51, pp. 3821–30.
R. Pokharel, J. Lind, A.K. Kanjarla, R.A. Lebensohn, S.F. Li, P. Kenesei, R.M. Suter, and A.D.
Rollett: Annu. Rev. Condens. Matter Phys., 2014, vol. 5, pp. 317–46.
J. Oddershede, J.P. Wright, A. Beaudoin, and G. Winther: Acta Mater., 2015, vol. 85, pp. 301–13.
G. Winther: Acta Mater., 2008, vol. 56, pp. 1919–32.
F.N. Jespersen, J.H. Hattel, and Marcel A.J. Somers: Proceedings ASM Heat Treat. 2015, Detroit,
2015, p. in press.
F.N. Jespersen, J.H. Hattel, and Marcel A.J. Somers: Model. Simul. Mater. Sci. Eng., 2015, in press.

11

Conclusions and future work

The topic of this thesis is the study of the influence of the material’s initial phase composition and the
presence of plastic deformation on the properties and performance of the surface layers obtained through
low-temperature thermochemical processes. In this respect, various stainless steel alloys with different
initial phase composition and different degree of plastic deformation were subjected to low-temperature
surface treatment.
Through the results obtained during the experimental activity it was possible to conclude that:


The plastic deformation level and straining mode has a negligible influence on the properties and
morphology of the layer created as a consequence of low-temperature thermochemical processing
if the material maintains a fully austenite matrix upon straining. No precipitation of chromium
nitrides and no significant variation of the layer thickness were found after low–temperature
processes for plastically deformed austenite structures compared to the annealed materials.



The presence of isothermal and strain-induced martensite promotes the nucleation of chromium
nitrides in the expanded case as premature sensitization at relatively low temperatures and
relatively short treatment time occurs upon low-temperature surface treatment. Furthermore the
presence of martensite promotes faster growth of the case compared to a fully austenitic matrix for
equivalent processing conditions.



The formation of expanded austenite results in high compressive residual stresses at the materials
surface. In the case of low-temperature nitriding the compressive stresses are largest at the surface
and decrease steeply deeper in the case. The steep stress gradient generated in this zone can be
directly related to the large compositional gradients. The influence of plastic deformation prior to
nitriding was measured to be negligible and, if present, obscured by the high additional plastic
deformation induced by the nitrogen incorporation itself.



The carbon expanded austenite zone in the nitrocarburized case is characterized by lower
compressive residual stresses compared to the nitrogen enriched zone. The compressive residual
stresses in carbon expanded austenite change gradually and as such bridge the large difference in
lattice parameter between nitrogen-stabilized austenite and the parent austenite. In this case it was
possible to observe that plastic deformation prior to low-temperature thermochemical processing
affects the stress distribution and the depth of the carbon enriched zone.



Nitrogen alloying of various stainless steel grades obtained through high temperature solution
nitriding allowed the formation of “High-Nitrogen Steels” and led to a considerable improvement
of the mechanical properties, i.e. hardness and yield strength in annealed and deformed condition.
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Furthermore the presence of high nitrogen contents in solid solutionn in the bulk led to
stabilization of the austenite phase even for deformed structures, for which no strain induced
martensite could be detected. The absence of strain induced martensite has a beneficial effect for
the low-temperature nitriding processing as no CrN precipitation and no variation of the nitrided
case thickness could be observed. Hence, high temperature solution nitriding leads to reproducible
and predictable performance during subsequent low-temperature nitriding.


Dissolution of nitrogen in the bulk or at the materials surface through high temperature solution
nitriding and low-temperature nitriding respectively allows a significant improvement of the pitting
corrosion resistance for several stainless steel grades. In particular, an expanded austenite zone is
characterized by an outstanding resistance to localized corrosion as demonstrated by enhanced (or
absence of a) pitting potential and dramatically slower dissolution during crevice corrosion
performance tests.

The results obtained in this project met the objective of the “PressPerfect” project and enabled a deeper
understating of the material’s behaviour and performance after the finishing operations of industrial
components.
In particular, through correct material´s selection and through the use of a combination of thermal
treatments and processing routes it is possible to tailor the response to low-temperature thermochemical
process in order to have the desired bulk and surface properties in the final product.
From an application point of view it is encouraging that a wide range of prior forming operations are not
detrimental to the properties and morphology of the surface created by low-temperature thermochemical
processing as long as stable austenite is maintained in the material´s substrate.
Strain-induced martensite formation has been successfully suppressed by high temperature solution
nitriding as an initial processing step, and proved to be also highly beneficial for the mechanical and
corrosion properties of the bulk.
Based on the encouraging results obtained in this Ph.D. thesis, it is believed that more research is required
to optimize the high-temperature solution nitriding in order to determine the minimum nitrogen content
necessary to stabilize the austenite during forming operations of various stainless steel alloys, thus
preventing strain-induced martensite formation.
Furthermore it would be of great industrial interest to verify whether these processes can be applied on
thick stainless steels components in order to prevent strain-induced martensite formation only at the
material´s surface. This way high-temperature solution nitriding would be a viable method for treatments
of components which are subsequently deformed and surface treated through low-temperature
thermochemical processes.
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