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Most of the paradigms in materials science and technology firmly rely on equilibrium materials,
i.e., phases with the lowest Gibbs energy under thermodynamic conditions. In nature, however,
complexity rules, and the other aspect is metastability. This review paper aims to provide a
coherent description of such effects and to formulate hypotheses on the fundamental energetic
mechanisms of residual metastability in crystalline metal oxide polymorphs. We especially
focus on different forms of broken symmetry at the interface, e.g., induced by defects, lattice
strain/stress, and elemental diffusion. The discussion also provides perspective on the
technological implications and possibilities arising from identifying a general methodology for
establishing metastability in polymorphic functional metal oxides for energy applications,
catalysis, and electronics.

1. Introduction
Thermodynamically stable phases, or “Gibbs phases”, are generally defined as phases
that are globally stable with respect to their Gibbs free energy, i.e., the lowest energy. Gibbs
phases are persistent and reliable, and their properties are usually those expected based on their
chemistry. These phases often refer to unitary and ideally infinite structures with homogeneous
bulk composition. In a wider definition, a compound is stable if it is synthetically accessible
and it does not separate into competing phases.
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Conversely, metastable phases lay outside the thermodynamical conditions and can coexist with other phases, e.g. in form of polymorphism. Metastability often arises from rapid
changes at their environment that can trap energetic excitement randomly dependent on kinetics
transformations or other external factors. This special status makes them accidental and
ubiquitous and often leads to superior properties or to energetic mechanisms that translate into
advanced functionalities applicable in mechanics, electronics, catalysis, batteries, and
medicine, among others

[1–5] [6–9]

. The discovery of metastable materials and their synthesis

procedure is thus one route towards promising novel functional materials and discovery.
The interface plays a primary and rather complex role in the configuration of material
energetics. Kinetically, the interface is “the gate” for the material’s transformation, where
the external conditions initially affects the material and where the boundary conditions of
the transformation are established. At the surface of crystalline metal oxides, such processes
occur by spontaneous redox reactions of metals with oxygen gas, moisture, external volatile
and liquid chemicals, or by oxidative/reducing species present in the environment. These can
locally alter the energetic pathway and subtly direct the kinetic mechanisms towards alternative
energetic configurations from the thermodynamics. In other cases, the interface is built-in, e.g.,
in the nanometric range for solid-solid interfaces. Here, metastability takes place between
nanocrystals at the grain boundaries or between different phases in nanocomposites and
heterostructures. For such systems, the bulk is often a minor component, and interfaces
dominate the overall material properties. Such interface-based oxides exhibit a large variety
of tuneable functionalities, providing the foundation for a new generation of nanoengineered
materials and devices.

[10–13]

Although materials nanoengineering is currently extensively

adopted for functional oxides [14], energetic imprinting via metastability is still an unexplored
matter in the material science. Imprinting metastability at the interface is however possible. As
an illustrative example, we here refer to materials that can build metastability though
polymorphic transformations: Figure 1 presents a possible energetic pathway for imprinting
2

interface-based metastable phases, where the interface energy, e.g., the energy introduced by
structural factors during the transformation can locally modify the formation of the Gibbs βphase and other metastable polymorphs. This can occur by kinetically trapping the already
existing “remnant α-phase”; i.e., the phase transformation from the metastable α-phase to the
Gibbs β-phase is suppressed

[15]

. The interface can thus contribute in such transformations

supplying additional energetic contributions. One can question that the kinetics at the interface
can be indeed uncertain and polymorphic materials can generate a plethora of structures that
are energetically indistinguishable. However, the remnant metastability case indicates that
scenario in materials science is rapidly changing.

[16]

For metastability in polymorphic

crystalline materials, big data analysis based on experimental and theoretical data on metastable
phases has recently been capable of providing an analytical answer to questions related,
indicating, e.g., that not all metastable phases are actually obtainable. [15,17] It also appears clear
that there is a connection between the pristine phase and its evolution into a metastable form,
i.e., remnant metastability

[15]

and there even are a few examples where a stabilization of

metastable polymorphs has been achieved thanks to the interface [18–23].
The use modern computational tools together with the development of advanced
synthesis methods allows atomic-scale control of the material and the question is: are we
approaching the point where we can study metastability at interfaces in a high-throughput
fashion?
Some robust examples are already registered in the combinatorial synthesis methods
non-interface based materials

[24]

and in the development of artificial intelligence/machine

learning models of bulk compounds [25]. These two new methods already have the potential to
rationalize, predict and synthesize metastability at interfaces, e.g. building effective models and
methodologies for functional material in energy storage, electronic and catalysis

[10,26,27]

. For

interface-based metastable oxides, experimental work mainly includes renowned examples of
single metal oxides such as titanium oxide, zirconium oxide, vanadium oxide, manganese oxide,
3

iron oxide, and zinc oxide nanomaterials

[18–23]

. All these metal oxides have in common that

exhibit a large variety of phases, i.e., high-density polymorphism, often with different
properties. The use modern computational tools already cover polymorphic materials and novel
experimental methods seem ready to address scientific questions about metastability and
interfaces.
This review paper aims such a scenario by providing a coherent description of possible
energetic mechanisms leading to residual metastability in crystalline metal oxide with highdensity polymorphism. These are polymorphic materials with a large number of stable
polymorphs. Such phases can require either high- or low-energy difference to transform form
one to another (Figure 2). We use here both experimental evidence, reported in the wide
literature on the topic, as well as from a theoretical viewpoint, mostly at the atomistic level.
Due to the extension and specificity of certain topics, we have limited the discussion to include
the recurrent elements found in the literature only and to very few selected metal oxides. In the
last part of the paper, we attempt to provide a perspective on possible “paths towards
metastability through interfaces” for some metal oxides with relevance to various technological
applications.
For the organization of the manuscript, the discussion is structured as follows:
-

Section 2 reports the advances in the computational tools used to model metal
oxides and their interfaces, with a focus on investigating polymorphic structures and
energetics;

-

Section 3 addresses the most recent experimental discoveries of pathways that can
stabilize metastable structures through external factors, such as nanoparticle size,
cation diffusion, defects, and strain, and the role of the interface;

-

Section 4 is a perspective addressing possible design criteria to stabilize metastable
polymorphs through strain, defects, and cation diffusion.
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2. Metal oxide interface energetics: computational tools
Materials design by means of simulations, often in the framework of density functional
theory (DFT) [28], has become increasingly popular and accurate thanks both to improvements
in the methodologies and in the computational power

[29]

. At the atomistic level, we are now

able to simulate systems form up to several hundreds of atoms, from the simplest bulk materials
to complex electrochemical (solid/liquid) and solid/solid interfaces.

2.1 Modelling of bulk materials and polymorphs
Because of the relatively small computational cost and of their nature of building blocks,
bulk materials are the most common systems studied computationally. Stability is a key point
in the investigation of energetics relation between known structures and for the in-silico design
of novel materials. The most popular descriptor

[30]

for stability is the so-called convex hull,

which defines the stability frontier by comparing the energies of all the possible materials
and phases at a given chemical space. These phases can both come from experimental
databases, i.e., their synthesis path is known, such as ICSD
HTEM

[33]

[31]

, Springer Materials

[32]

, and

, or computational repositories, which could cover both known and unknown, i.e.,

computationally designed and not synthesized yet, materials (Materials Project [34], OQMD [35],
AflowLib

[36]

, Materials Cloud

[37]

, NREL

[38]

, and CMR

[39]

). These databases, beyond

collecting, among others, structural, electronic, catalytic data, can provide the plethora of
different phases for a given chemical composition. The polymorphs of a few significant binary
oxides mentioned in this work are reported in Figure 2. As an example, titanium dioxide (TiO2
or titania) can be found in nature in crystal structures, such as rutile, anatase, or brookite, or it
is synthesized under high pressure in the hollandite, columbite, or ramsdellite structures [40]. All
of these differ in energy by less than 70 meV/atom, but we can find other phases at much higher
energies. Because of their different structures, polymorphs often show significant differences
also in their properties (Figure 2 reports the DFT calculated band gaps for the considered
5

polymorphs). Polymorphs can thus be used for different applications. Since its discovery as a
material able to split water into hydrogen and oxygen [41,42], the anatase, brookite and rutile of
titania have very similar band gaps, their catalytic properties are different and anatase shows
the highest efficiency for photoelectrochemical activity [43]. Comprehensive studies have been
conducted to identify and assess metastability in polymorphs and their synthesizability [15]. As
a rule of thumb, there is a high likelihood of a polymorph being synthesizable when its energy
is up to 70 meV/atom above the ground state energy, although it has been possible to synthesize
polymorphs with an energy approximately 200 meV/atom above the ground state energy [13].
In Figure 2, we can identify two regimes of polymorphism: (i) structures with a small energy
difference for phase transformation (< 10 meV/atom) and (ii) structures where the energy
difference is significantly larger. In regime (i), small changes in the external conditions might
have a catastrophic effect on the stability of the polymorph and it might be easier to explore the
various polymorphs. This phenomenon should not happen in regime (ii), in which the
metastability is more robust and more intense factors are needed to escape from the local
minimum and explore different polymorphisms. For instance, the cotunnite, columbite, and
rutile phases of TiO2 have rather similar energies and belong to regime (i). On the other side,
V2O5 and Bi2O3 belong to regime (ii) as its α-, β-, γ-, and δ-phases have wider energy difference
of 20 meV/atom and more (see Figure 2). There are then materials, such as Fe2O3, where the
two regimes coexist, i.e., with a large energy difference between the haematite and εorthorhombic phases and minimal energy difference between the ε-orthorhombic and bixbyite
phases. From a technical point of view, calculating these (small) energy differences might be
tricky using standard DFT within the generalized gradient approximation of Perdew, Burke and
Ernzerhof (GGA-PBE [44]), and the wrong ground state might be identified, as pointed out for
TiO2

[45]

. This issue has been partially solved using more accurate methods and exchange-

correlation functionals, including DFT+U [46], HSE06 [47], SCAN [48], BEEF-vdW [49], etc. [50].
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Both thermodynamics and kinetics play a role in understanding the metastability of materials.
Thermodynamically, this analysis is strongly related with the problem of finding the ground
state structure for a given composition. Multiple techniques have been developed for this
purpose, including genetic/evolutionary algorithms
structure searching

[54]

, superlattices

[55]

[51,52]

, structural prototypes

, simulated annealing

[56]

, meta-dynamics

[53]

, random

[57,58]

, basin

and minima hopping [59,60], data mining and artificial intelligence [61]. On the other side, kinetics
aspects are much more computationally demanding to investigate and synthesis conditions are
often not included in the calculations, e.g., standard DFT calculates the material properties at 0
K. A computational prediction of a metastability pathway, which depends on synthesis
conditions, is thus extremely challenging, and the synthesis of metastable polymorphs is still a
matter of experience and “trial and error”. Recent works have demonstrated that this prediction
is, however, possible. Two examples are a methodology based on only crystallographic
arguments to understand the diffusionless polymorphic transformations of SnO2 [62] and the use
of artificial intelligence to assess the temperature dependence of metastability [63] and to include
factors such as kinetics, synthesis techniques, and availability of precursors, for the
synthesizability of novel materials beyond thermodynamic considerations [64]. In addition, most
of the computational work is performed for perfect crystals, e.g. single crystals, non-defective
materials. This is of course far from the real experimental cases, where defective,
polycrystalline, and even amorphous, materials are synthesized.

Although more

computationally demanding than the pure case, defective calculations are now standards in
DFT. For point defects, these calculations are relatively simple and they rely on the creation of
a supercell with and without defects and compare their energetics with the defect in its standard
state. For charged defects the analysis is a more complex as the energy of the defect depends
on the electronic properties (Fermi level) of the host. These factors are generally underestimated
in DFT and are related with the definition of the chemical potential of the defect, and by the
supercell approximation, which considers a periodic repetition of defects, rather than a single
7

one isolated

[65]

. Different models have been suggested to overcome these issues

[65–67]

. After

decades of tedious, manual work on defects for specific materials, recently, python toolkits have
been implemented to automate and accelerate the investigation of defects in a high-throughput
way [68,69]. Polycrystallinity is a property of the interface, which is treated in the next section.
DFT can be used to model grain boundaries, dislocations, and polycrystalline interfaces,
however, the number of atoms needed to be simulated is significantly increased from the pure
bulk case and interatomic potentials might become more appropriate, as shown for TiO2 [70–72].
Empirical models[73] as well as post-DFT methods [74], which combine DFT with lattice Green
function using flexible boundary conditions, have been used in different contexts to study grain
boundaries and dislocations. DFT alone cannot reproduce the complex structure of an
amorphous compound, but it can be combined with Molecular Dynamics (MD) or classical
interatomic potentials (CIP) to generate an ensemble of model structures, which can be used to
extrapolate the properties of amorphous crystals, as it has been done for TiO2, Al2O3, and
ZrO2, to mention a few cases [75–77]. Most of the abovementioned studies and methods are used
in an Edisonian way to explain physico-chemical properties of materials, rather than to design
a pathway for metastability.

2.2 Modelling metastability at the interfaces
Understanding the role of the interfaces is crucial for many reasons, from the application
of the materials in devices to investigate, more fundamentally, their structural and chemical
properties. Computationally, surfaces are more difficult to treat compare to bulk systems: in
addition to multiple polymorphs, they often show multiple (meta)stable terminations and from,
the technical point, the structures to simulate have many more atoms than the primitive cell
used in bulk calculations. For these and other reasons, often the interface problems are
simplified by considering only bulk energies and structures, thus ignoring the interface
contributions. An example of multiple metastable termination is SrTiO3: the n-type termination
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(TiO2) is conductive, while the p-type (SrO) is insulating. This gives rise to a variety of different
phenomena and applications that can be developed as a function of the considered
termination.[78] Atomistic models[79,80] have been implemented to assist with the identification
of most stable surfaces in different electrochemical conditions[81] or oxygen partial pressure.[82]
When electronic properties are strongly coupled to the system’s energetics, these models can,
however, give faulty results due to the well-known challenges in DFT for calculating the
electronics properties.[83]
Additionally, there are cases where the stabilization of metastable structures and interfaces is
linked with the electrochemical environment, as demonstrated for BaTiO3, for which the bare
surfaces have been calculated unstable.[84] In the most simple way, computational Pourbaix
diagrams can be constructed to estimate the electrochemical stability
[88]

[85–87]

and metastability

of the solid/liquid(water) interface at the atomistic and bulk level and to design novel

materials [89–91]. This methodology combines computational (bulk) information on solid phases
(total energies) and experimental data for dissolved species (dissolution energies). More
accurate results can be obtained by modelling the interface with explicit or implicit solvents [92].
This methods come at a significant increase of the computational cost and currently cannot be
performed in a high-throughput way. DFT can also provide input data used by ab initio
thermodynamics models to study nucleation rate or phase selectivity, in a similar way as is has
been done for the nucleation of aragonite instead of calcite in seawater and the growth of FeS 2
polymorphs in water.[93,94]
Multiple examples can be found in the literature regarding the computational studies of
the solid/solid interface. With respect to metastability and polymorphism, various techniques
have allowed identifying combinations of substrate/polymorphs that could achieve a
stabilization of metastable structures: stabilization of transition metal dioxide (MeO2)
polymorphs through epitaxial growth is possible when the (bulk) energy of the polymorph is
within 200 meV/atom from the ground state energy
9

[95]

. Beyond the energetics, criteria of

similar lattice parameters [96] and chemical/structural similarity have been used to discovery of
homostructural epitaxial polymorph stabilization
materials

[98]

[97]

and applied to match substrates and 2D

. Even further, by matching surface areas and comparing the similarities in the

lattice vectors and the xy-strain, it is now possible to select pairs of substrates and films with
the least incoherent interface

[99]

. This approach has been firstly used to investigate VO2

polymorphs on more than 60 different substrates

[100]

. Moreover, the same approach has later

been used to identify substrates that can epitaxially grow the Pnna non-polar structure of
Ag2BiO3, which shows a hourglass-Dirac-semimetal state [101], to prepare the metastable leadfree piezoelectric P4mm SrHfO3

[102]

and permanent magnets

[103]

, to improve the optical

properties of ferroelectric materials [104].
These descriptors are based on structural bulk properties, and thus, no interfaces are
calculated. Going beyond the bulk calculations come at the cost of a significant increase in
complexity of the structures and of the required computational resources. Epitaxial surfaces are,
thus, explicitly calculated only to answer to specific research questions, avoiding highthroughput approaches, as has been done for TiO2 polymorphs on (Sr/Ba)TiO3
monolayer coatings on TiO2 polymorphs

[106]

[105]

and for

. In addition to oxide interfaces, metal and non-

metal surfaces have also shown potential for stabilizing metastable structures, as shown for
vanadium oxide on Pd(111)

[107]

and for the interface between TiN and metal surfaces

[108]

or

titania [109]. Although not discussed here, this case opens up many more possibilities for paths
towards metastability that could also generate exciting properties at the interface due to the
different nature of the two materials involved.
Finally, we would like to emphasize that the descriptors discussed here are still based
on bulk properties of the materials. An increased accuracy could be obtained by including
information on the materials surfaces. This requires the development of large datasets for
surfaces and a deeper integration between computational data and experimental results.
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3. Energetic pathways towards interface metastability: experimental evidence
Metastable materials remain largely heuristic and the scientific investigation especially
cover examples of metastability that is directly involved in functional processes. These
investigations include the cases where the coexistence of stable and metastable phases brings
new synergies or chains of functional chemical/physical mechanisms. For metal oxides, the
interface plays central role, as interface-metastability is the key in solid/environment processes
in nanoparticles and thin films for heterogeneous catalysis, photocatalysis and photovoltaic,
optical, electrical and electrochemical applications. The development of complex nanometric
geometries, structures and heterojunctions has also brought new evidence of metastability at
metal oxide solid/solid interfaces in nanocomposites, multilayers, core-shell nanomaterials and
heterostructures

[107,110–138]

. The largest amount of experimental evidence of metastability is

in polymorphic binary oxides such as TiO2, ZnO, CuO, VOx, FeOx, SnO, and ZrO2, with an
established technological impact. For metastable ternary oxides, ABOx, metastability has an
important impact on functionalities.[139–141] However, analysis of the factors leading to
metastability barely appears in the literature [115,129,142]. This deficiency is due to the complexity
of tracking phase formations and/or segregation that, in multiphase systems, depend on dynamic
and non-trivial boundary conditions

[143–146]

. For quaternary and more complex metal oxides,

analysis of metastability becomes less practical and it is overlooked. On the other hand,
solid/solid interfaces comprise defined chemical and structural boundaries that can facilitate the
analysis of the interfacial energetic factors leading to controlled metastability conditions

[138]

.

In this section, we resume the experimental work on such materials, highlighting some of the
multi-fold effects controlling energetic transformations leading to metastability at the
interfaces.

3.1. Metastability at the free surface
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The most common case of metastability-interface interplay is at the solid/environment
interface, where the crystalline structures of oxides terminate with broken chemical bonds and
surface reconstruction. These structures include nanoparticles, nanocrystals, tailored
nanostructures and thin films, where a large extension of the free surface, i.e., with a large
aspect ratio between the surface and the volume core, can induce metastability in the materials.
The energetic correlation between size and the polymorphism in a crystal is generally expressed
as the sum, Gtot, of the bulk free energy content, Gbulk, and the surface energy, Gsurf [147–149]. The
size also decreases the path and hence shorten the kinetic scale of the phase transformation. As
the kinetic scale decreases, temperature and pressure become the two main factors affecting the
phase transformation, and for nanoscale sizes, Gtot ≈ Gsurf

[147,148]

. The energy content at the

surface collects several energetic contributions, such as the crystalline surface specific energies,
surface stress and chemical energy of adsorbed species. For nanoparticles, manipulation via
surface size, temperature and chemical treatments can thus allow directing polymorphic
transitions, also in the metastable states [136,150,151].
Metastability in polymorphic TiO2 films and nanocrystals is the most discussed case.
The importance of titania mostly hinges on its photochemical and photovoltaic properties
[152,153]

, which arise from the coupling of the anatase (A) ground-state phase and the rutile (R)

metastable form. The combination of these two phases, e.g., either in separate crystals or in the
same crystalline domain [154–157], works efficiently as a heterojunction between a 3 eV band gap
semiconductor (R) and a larger 3.2 eV band gap (A), where electrons and holes can be trapped
and excited by photonic and chemical mechanisms (Figure 3)

[158]

. In thermodynamic terms,

the R/A metastability in TiO2 is especially relevant as it occurs at low free energy changes
below 30 meV/atom. Similar differences are also found in many other polymorphic metal
oxides

with

technological

relevance,

(shcherbinaite/bronze/monoclinic),

including

MoO3

ZnO

(wurtzite/zinc-blend),

(monoclinic/orthorhombic),

V2O5
ZrO2

(tetragonal/monoclinic), Al2O3 (α/γ-phases), etc. (see Figure 2). Titania becomes thus
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representative of metal oxides with low difference between the energies of polymorphs and it
appears especially sensitive to diffusion-less surface-related factors such as lattice strain, crystal
defects and chemical sorption. As result, for high-density polymorphic metal oxides with lowenergy transformations, the size effect can be difficult to estimate and can lead to a large
variety of metastable arrangements. Figure 4 schematically illustrates two possible cases of
polymorphic transformations induced by size a reduction from the microscale to the nanoscale.
Phase metastability occurs either abruptly in materials synthesized below a critical size (red
crystals in Figure 4), as for TiO2 [159,160], or via a crystalline coexistence of the phases, e.g., as
a core-surface arrangement (green crystal in Figure 4), as reported for Bi2O3 [161]. A variety of
other configurations are indeed possible and have been registered [162–166]. Due to the complexity
and the relevance of the size effect for some oxides, predictions are often attempted over
experimental evidence and both analytical and heuristic approaches for modelling a variety of
experimental results to predict phase stability, e.g., accounting entropy, surface energy, internal
pressure and particle shape

[110,167]

. However, equilibrium phase calculations generally do not

include the important kinetic conditions found in high-density polymorphic nanomaterials,
meaning that the topic is still open to interpretation and new implementations. Effect of size on
low-energy polymorphs metal oxide is further discussed in 3.1.1.
For higher energy transformations, the energetic difference between phases can be
difficult to achieve via surface energy factors. Another suitable example is the transition
between monoclinic (M) and cubic (C) zirconia, with a difference in free energy above 70
meV/atom. In this case, the energetic contributions to metastability are higher and less probable
than for monoclinic to tetragonal case with a difference in free energy of ca. 30 meV/atom
(Figure 2). Experimental cases on high-energy polymorphs metal oxide are discussed in 3.1.2.
An important feature of a high-energy phase transition vs the low-energy one is that the
kinetics of the transformation are slow and may require substantial readjustment of the
crystalline structure from one phase to another, e.g., by elemental diffusion via thermal
13

treatments and chemical processes (see sections 3.1.3 and 3.1.4). Diffusive paths and size are,
however, interlinked factors, where structural defect and strain can also contribute (see sections
3.15 and 3.1.6).

3.1.1 Size effect in low-energy transformations
For nanometric titania, the literature on the size effect on phase stability is large. Tang
et al. [168] first reported the role of the surface in the coexistence and transitions of R/A phases
for 30-40 nm nanocrystalline thin films. More recent developments have led to a variety of
nanosized structures with high specific surface areas, such as mesoporous, core-shell, and
composite nanocrystals, where stable/metastable phases coexist and activate functional
heterojunctions, with or without the use of dopants or composite compositions

[169–176]

. Such

chemical methods often involve the use of diverse parameters in the synthesis, such as various
metal-organic precursors, ligands, variable low-temperature hydrolysis steps, diverse hightemperature oxygen bonding condensation and crystallization processes by calcination and
hypercritical hydrothermal pressure/temperature conditions

[177–184]

. In other cases, physical

synthesis is achieved through plasma-based processing with an unknown nucleation/growth
mechanism

[185–187]

. All these methods surely involve a variety of mechanisms at the surface

that, unlike the size effect, often cannot be tracked consistently for high-density polymorphs.
Therefore, while the mere size effect, as in the case of nanoconfinement of the ideal TiO2
crystal, is generally considered the most important criterion for freezing metastability, in reality,
chemical conditions during the synthesis can interfere with and have an important effect on the
nucleation and coexistence of the phases [188,189]. Some recent studies indeed defined an order
in their analysis, as the effect of the pH in water-based chemical methods has already been
identified as a key factor in nanometric TiO2 polymorphism [190].
In terms of surface-metastability interplay, it is necessary to define the extension of the
metastable domain at the near-interface for a given crystalline material as the extension of the
14

metastable phase from the surface to the bulk [191]. The critical size for the R/A transformation
in TiO2 has been consistently found to be ca. 10-20 nm [184,192]. Large powders of hundreds of
nanometers can contain ca. 60-80 % anatase phase, and several lines of experimental evidence
indicate an average extension of the metastable phase from the surface to the bulk of several
tens of nanometers [193–195]. Structural characterization of nanocrystals below 10 nm generally
shows metastability

[192]

, and interestingly, small anatase crystals become metastable when

exposed to high thermal energy, where mass diffusion is expected to adjust the crystalline
phases towards the stable rutile phase [196,197]. Other papers on nanometric titania report that the
nucleation of the Gibbs phase is restored only above a critical size of ca. 20 nm via the
coexistence between the anatase and rutile phases

[149]

. This evidence highlights the

irreversibility of some metastable formations in nanoconfined systems and the critical role of
the surface

[198,199]

. Other phases, such as brookite, and high-energy transformations can be

observed at the nanoscale

[110,200]

and some experiments have shown that dendrimer-based

templates can even give access to the crystal nucleation chemistry of polymorphs via
intermediate stages through high-energy metastable phases, e.g., via surface-adsorbed water
and variation in the pH during growth [149,159].
For other polymorphic materials with similar low energy transformation scales, where
the energy difference between the ground state and the polymorph is below 10 meV/atom, a
reconstructive phase transition at the nanoscale also occurs. For example, the tetragonal-tomonoclinic phase transition in zirconia nanoparticles occurs below a threshold crystal size of
ca. 20 nm

[148,201]

, above which the monoclinic phase is stable. Tetragonal zirconia below a

critical size of 10 nm is persistent and unlikely to transform into the monoclinic phase upon
varying the thermodynamic conditions. The tetragonal phase thus becomes unstable with
coarsening of only hundreds of nanometers by either promoting the coexistence of the two
phases or undergoing a complete transformation into the monoclinic phase

[182,202,203]

. In

zirconia, while the metastability at the surface is often associated with the lower surface energy
15

of the tetragonal phase than the monoclinic phase, this coexistence is explained in terms of
elastic energy and lattice strain that likely become dominant in larger crystals due to substantial
difference in crystal volume between the two phases [182,204–207]. Similar effects of size on highdensity polymorphic binary metal oxides with low-energy transformations energies have been
reported for Al2O3 [208,209], ZnO [210–212], VOx [20,107,137,213], Bi2O3 [161,214], MnOx [215], etc. [216].

3.1.2. Size effect in high-energy transformations
Although rarely reported, high-energy transformations leading to metastability in
nanomaterials are possible, especially where high density polymorphism can also take place.
However, comprehension of high-energy transformations in nanocrystals can be complex as
transformation energy can result fragmented in diverse low-energy contributions. For example,
while the coexistence of tetragonal and monoclinic phases is common in ZrO2, polymorphism
involving cubic (undoped) zirconia does not appear to occur at the nanoscale, and phase
changes in nano-ZrO2 occur by rapid changes in symmetry rather than long-range crystalline
realignments. In a similar range of energies, there are other binary polymorphs such as ZnOrock salt, cubic-V2O5, λ-Al2O3 and cubic -Bi2O3. For bismuth oxide, the -phase is rather
frequent at both the nano- and macroscale

[214]

. This is more likely due to the concurrence of

both the strong effect of the oxygen defects and fast mass diffusion that are accountable for
Bi2O3-based compounds

[217]

. High-energy transformations can thus be explained in terms of

elemental mobility and long-range crystalline realignments. Some significant examples are
reported in 3.1.3.
Within the energetic barriers to polymorphism, the surface energy can also vary with
the crystallography and morphology and increase the energy barrier to the transformation[182].
On HfO2 nanocrystals with well-defined morphologies in the 3-50 nm range, the free energy of
the geometrically defined crystals is size-dependent, as the tetragonal-to-monoclinic phase
transitions can vary with the shape of the crystal
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[218,219]

. This and other evidence in TiO2

nanotubes[220] indicate that the dependence of the crystal structure on the surface energy for
specific shapes and crystalline behaviours can be more significant in controlling phase stability
at the nanoscale than the interface energy supplied by elastic contributions, e.g., by the
film/substrate interface in thin films [218]. Moreover, a phase transition in the long-range order
in a single crystal of a designed shape requires an overall higher energetic contribution, as phase
transformation implies a change in the entire crystal or geometry. Size, crystalline behaviours
and template geometries are often combined in polymorphic nanostructured materials. For ZnO,
energetic ordering in defined geometries can lead to a wide energy landscape promoting
structures and surfaces with multiple forms of metastability [221].

3.1.3. Elemental diffusion at the surface
As discussed in the case of high-energy transformations, the size becomes relevant in
dynamical processes involving elemental diffusion. For metal oxides, oxygen is usually highly
diffusive, and net mass diffusion is limited by the cations that are the slow species in ionic
crystals [222]. Since diffusive paths are short at the nanoscale, mass diffusion for nanomaterials
has a stronger impact than for bulky materials. Moreover, the surface possesses lower diffusion
activation energy than the bulk does and it results faster at lower temperatures [223]. Figure 5
schematically shows the typical energetics of mass diffusion mechanisms for crystalline metal
oxides, where elemental diffusion is facilitated at the surface and at the solid-solid interfaces
and diffusive effects are more likely at lower temperatures than at higher temperatures

[224]

.

This representation also implies that in nanomaterials at low temperatures, crystalline
reorganization is more likely at the surface than in the crystalline core, i.e., at the lattice.
This effect is observed for cubic and tetragonal/monoclinic ZrO2, where the coexistence
of energetically different phases can be detected in materials synthesized under diffusion-less
conditions [225]. Conversely, some other oxides are prone to develop metastable phases, as their
self-diffusion (Dself) mechanisms are fast. As comparison, zirconium self-diffusion is much
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slower (< 10-16 cm2 sec-1 at 1000 °C) than that of TiO2 (ca. 10-12 cm2 sec-1 at 1000 °C), and their
activation energies for triggering cation mobility are rather different (ca. 3 eV/Ti atom in TiO2
vs. ca. 6 eV/Zr atom for ZrO2). Therefore, while the Dself coefficient of the Ti cations in TiO2
and other polymorphic metal oxides such as ZnO, FeO, NiO, and CuO, is rather high (Dself =
10-12 cm2/sec at 1000 °C), other compounds, such as Al2O3 and ZrO2, have much lower selfdiffusion (< 10-14 cm2/sec at 1000 °C) and phase transitions unlikely occur at low temperatures.
In nanometric HfO2, another fluorite-structured oxide with even slower cation self-diffusion
(i.e., < 10-17 cm2 sec-1 at 1000 °C), shaped as supported thin films and free-standing nanometric
thin-wall nanotubes, the size dependence of the tetragonal-to-monoclinic phase transitions is
also observed for a critical size of ca. 2 nm, although these transitions do not include cubic
symmetry [218,226].
If structural features and defects at the surface can affect phase transitions, thermally
activated fast cationic mobility can be disruptive, as a change of symmetry occurs with
extensive reconstruction of the lattice

[227]

. The scenario becomes even more complex in the

case of polymorphic phases coexisting in metal oxides with fast mass diffusion and high-density
polymorphism, i.e., with several different symmetries with similar and incremental energetic
contents including high-energy transformations. This is the case of bismuth oxide with very
rapid self-diffusion (Dself > 4 10-10 cm2 sec-1 at 780 °C)[217] and high-density polymorphism (α-,
β-, γ- and δ-phases) in a relatively limited temperature range (melting point at 817 °C) [228]. For
bismuth oxide, the transformations include several phase transformations at low energy below
50 meV/atom as well as a high-energy transformation from -Bi2O3 to -Bi2O3 above 70
meV/atom (see Figure 2). Bismuth oxide nanoparticles can thus either present mono-dispersed
phases in a competition between stability and metastability or even a conundrum of coexistent
metastable phases

[161][229]

. Investigations on the size-dependent thermodynamic properties of

6-50 nm Bi2O3 nanoparticles have shown that monodisperse, monocrystalline β-Bi2O3
nanoparticles are dominant at the nanoscale, while multiphase α- and δ-Bi2O3 systems are
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generally observed above a critical size of 50-100 nm. The coexistence of α- and δ-phases at
the core and surface, respectively, is generally associated with the higher stability of the δ-phase
at higher temperatures

[228]

. However, polymorphism in BiOx presents several unexpected

effects, as the material generally has abundant oxygen defects, i.e., oxygen vacancies, while
bismuth is rather diffusive and easily reduced to the (volatile) metallic form [230,231][232].
For Bi-derived compounds such as the multiferroic BiFeO3 system, inhomogeneity due
to uneven mass diffusion effects can also lead to multiple phase transitions, both in the bulk
and at the nanoscale. The complexity of the polymorphism arises from thermal treatments as
well as the susceptibility of the lattice structure to developing oxygen vacancies. In BiFeO3
nanoparticles, fast cation migration leads to lattice strain-induced oxygen vacancy formation
with high energetic contents [233].

3.1.4. Chemical reaction at the surface
Similar to Bi2O3, Al2O3 also exists in a wide range of polymorphs

[234]

. However, the

density of polymorphisms in Al2O3 nanoparticles is rather low, although still size-dependent
[235,236]

1

. Alumina is characterized by the rather slow cation mobility of Al (Dself ~10-16 cm2 sec-

at 1000 °C) that does not allow extensive crystalline realignment at low temperatures.

However, phase transformations in alumina occur and are associated most often with a direct
Al2O3 reaction with H2O that can form intermediate phases as reaction products that are
energetically closer to the high energy phases

[235]

. In such terms, foreign chemical species

become an effective way to enhance cation mobility and favour phase transformations.
Therefore, the stable α-Al2O3 form that comes directly from the oxyhydroxide is α-AlOOH
(diaspore), while γ-AlOOH (boehmite) is a metastable phase that induces the formation of
different phases via dehydration and, e.g., α-Al2O3 formation under controlled hydrothermal
conditions

[234]

. α-Al2O3 nanoparticles below 100 nm are likely to form at low pressure, and

metastable γ-Al2O3 nanocrystals are generated at a critical size of ca. 10 nm
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[236]

. The

coexistence of stable/metastable and multiple phases in nanocrystalline alumina has not been
reported so far, as different synthetic procedures seem to promote either one phase or another
but not coexistence. For the synthesis of metastable γ-Al2O3 nanocrystals, one of the more
common routes is to heat boehmite at temperatures above 450 °C

[235,237,238]

. Since mass

diffusion is slow, the metastable γ-Al2O3 formed sticks to the synthetic precursor, and
crystalline realignments do not occur. As a consequence, the size-dependent effects for alumina
are not as pronounced as those for other oxides, and the formation of metastable 3-5 nm particles
takes place via the low-temperature metal-organic chemistry of aluminium complexes with
oxidizing agents. Further thermal treatment does not lead to phase transformation during
calcination [235]. From the chemical point of view, the oxygen defect/metastability interplay at
a metal oxide interface is the most discussed case of reactivity at the surface leading to
metastability. This is the case of direct interaction of water molecules with oxygen vacancies
in metastable tetragonal ZrO2, yielding monoclinic ZrO2 in an example of corrosion in
metastable zirconia

[239]

. Similarly, the equilibrium boundary between anatase and rutile

nanocrystals is surface charge chemistry dependent, which relates to both their formation and
post-synthesis environments

[188]

. The combination of size, shape and thermal conditions can

shift the equilibrium with water, leading to OH2- and OH-terminated surfaces. The nanoscale
effect and surface chemistry interplay in TiO2 nanocrystals switch stability from one phase to
another.
For iron oxide (Fe2O3), surface chemistry is critical to phase stability [191]. Iron oxide
has high-density polymorphisms within a wide range of energies. However, the material can
easily be converted into multiple metastable states through the reaction of the compound when
it is in contact with external chemical species. Readapted from Navrotsky et al. [151], Figure 6
shows that iron oxide exists in a rich variety of hydrates nucleated by a direct reaction with its
surface

[150]

. Remarkably, the energetic landscape for the anhydrous form and the surface

significantly contributes to the phase transformations. The competition between surface
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enthalpy and reaction energetics can thus lead to multiple arrangements of thermodynamically
stabilized polymorphs at the nanoscale (dashed area in Figure 6). The size-driven
thermodynamic differences between iron oxide and hydroxide phases are, in fact, so close that
they are fairly difficult to predict, as external factors can influence the phase stability at the
nanoscale [151].

3.1.5. Surface strain and metastability
Among the extrinsic energetic factors influencing metastability in surfaces, lattice strain
plays an important role. In high-density polymorphisms, where stable and metastable phases
have comparable energies, slight differences in the lattices can easily induce crystalline
realignments and metastable phase formation. Lattice strain is generally imposed over surfaces
and interfaces by external factors, such as environmental pressure, and by applied mechanical
stress, e.g., by other solids and coexisting phases.[13,240,241] Therefore, while the strain from
environmental pressure can change under different operating conditions, other solids and
phases can exert stress constantly, e.g., via either direct contact or structural continuity with
lattice misfit of the lattices. High strain values can also lead to plastic distortion and nucleation
of defects in the lattice

[242,243]

. Therefore, for careful analysis of the strain effect on

metastability that does not encompass the overlap of other effects such as defects, we need to
rely on well-controlled crystalline phases.
For functional metal oxides, the most rigorous cases generally refer to semi-coherent
and coherent epitaxial films , such as those in thin films deposited on single crystal-like
substrates

[11,244,245]

. However, while for semi-coherent films uniform lattice strain cannot

determined as grain boundaries and dislocation are formed by the large lattice mismatch with
the substrate, coherent epitaxial film represent an ideal case for the analysis of the lattice strain
generated at the interface. Figure 7 schematically summarizes some possible cases,
highlighting three different configurations reported in the literature
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[198,246–248]

. On the left,

Figure 7 displaces a fully strained lattice, highly coherent with a low strain level inducing phase
change and metastability in the full lattice. At the centre, it shows higher strain level inducing
phase transformation at the film/substrate interface and relaxation at the surface, resulting in
the coexistence of different phases. At the right, it shows semi-coherent epitaxial thin films with
high structural strain leading to plastic deformation (grain boundary in Figure 7), defects and
thus relaxation of the lattice in the residual coherent regions. The last of the three cases is nonhomogeneous and it falls in either the domain of strained or relaxed materials, depending on
the actual microstructure and the amount disordered/amorphous lattice at the interface. The high
strain case, including coexistence of polymorphs, directly affect the free surface and it is
relevant for the formation of metastable phases. Strain effects can also include more complex
structures and configurations such as core-shell, mesoporous and nanocomposite structures,
where the use of crystalline molecular templates provides access to crystal nucleation chemistry
and nanoparticles with strained nucleation sites and interfaces [149].
For stable/metastable phase coexistence (Figure 7 centre), the mismatch between the
metastable phase at the surface and the stable core of the film introduces mechanical energetic
contributions. For example, in titania, the difference lattices between anatase and rutile crystals
induces a large structural mismatch at their interface [249]. However, such a difference at the two
phases lattices is minimized by the reciprocal crystallographic orientations at the interface [246].
For epitaxial thin films, the extension of the surface can make these contributions of elastic
energy relevant to the existence of metastable phases. This is registered for titania thin films
deposited over a wide range of differently oriented single-crystal substrates

[247]

. The

anatase/rutile transition becomes competitive on substrates that can either impose compressive
or tensile strain, i.e., -2 and 6 %, by the lattice mismatch between TiO2 and the substrate.
Experimental observations also show that the elastic strain energy of up to 5 % and higher
dominates and leads to anatase stabilization, even with a change in orientation. For high lattice
strain, the epitaxial films nucleate disordered regions (as shown in Figure 7 (right)) and
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degenerate into nanocrystals, where other polymorphs can be further favoured. For TiO2
prepared by pulsed laser deposition that grows as (001)-oriented anatase on (001) LaAlO3
(LAO) and (001) SrTiO3 (STO) substrates, where the film quality improves as the lattice
mismatch is reduced. The film thickness also affects the phases: as the thickness increases, the
lattice strain is relieved. Other cases show that the epitaxial growth of TiO2 on both SrTiO3
(011) and (111) substrates can lead to changes in orientations in anatase films or even formation
of metastable rutile. This effect results from the large mismatch between anatase and the
substrate: since rutile fits to the substrate better than does anatase, the metastability here is
favoured with respect to polycrystalline disorder in anatase growth [246,247]. Other examples of
epitaxial (001)- and (012)-oriented TiO2 on variously oriented Y-stabilized zirconia (YSZ),
STO and LAO substrates show a full tunability of phase nucleation via a combination of lattice
strain and deposition conditions. As shown in Figure 7 (centre), such strain can induce
polymorphisms with mixed anatase and brookite and pure phase formations [246].

3.1.6. Defects and metastability
One of the most important features of metal oxides is their capability to incorporate a
variety of diverse structural defects in their lattice. Crystalline defects at the surface are known
to be reactive and directly involved in catalytic, optical, electronic and photo-effects

[250]

.

Although defects are crucial in metal oxides, a direct correlation between defects and
metastability has not yet been clearly established. The presence of punctual defects is an
energetic factor that particularly influences the energy of the compound, as they induce
lattice distortion and electrostatic localized fields in the lattice. Due to the close interplay
between defects and strain, a clear separation between these two factors is not always possible.
Although controlled by either kinetic or thermodynamic factors, structural defects in
metal oxides become dominant when chemical factors, such as impurities and doping, are
introduced into the crystal. These chemicals act as dopants that are able to balance the
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electrostatic interactions in the ionic crystal and the structural defects [251]. Kinetic defects that
are generated under non-equilibrium conditions are often associated with fast thermal
treatments and can be discussed as a result of nucleation and non-equilibrium growth, e.g., the
process used to synthesize the material (see section 3.1.3). At equilibrium, high-energy defects
tend to concentrate and associate where the free energy of the crystal is higher, at grain
boundaries, at solid-solid interfaces, at the free surfaces and around segregations, impurities
and disordered regions. For example, oxygen defects, i.e., oxygen vacancies (Vo), before being
incorporated into the lattice are nucleated at the solid/gas interface as the result of oxygen gas
desorption. Similar considerations can be extended to other kinds of defects in metal oxides,
such as interstitial ions and impurities in contact with reactive species, e.g., Li, H, and Na ions.
The dynamics of such surface reactions can thus make the difference between kinetically
trapped and equilibrium defects, with rather diverse concentration gradients between the core
and the surface (see Figure 8 for a schematic representation) [252–256].
As in chemically reduced rutile TiO2, oxygen sub-stoichiometry (TiO2-x) can lead to
progressive phase transformations at the surface and Vo formation that is energetically more
favourable in anatase than rutile

[257,258]

. In contrast, a long reduction of the metastable TiO2

rutile can also destabilize the anatase surface for specific crystallographic orientations and
induce the formation of interstitial Ti more easily in rutile than anatase [194].
Other cases of defect nucleation at the metal oxide (MeO) surface are more complex, as
in the case of ZnO1-x, where there is still debate on the different intrinsic defects such as oxygen
vacancies, oxygen interstitials, zinc interstitials, and zinc vacancies (VZn) and how these defects
can influence metastability [259].
For zirconia, several lines of evidence clearly indicate that in ZrO2-x, anionic vacancies
and electronic defects are favoured in the metastable tetragonal phase, and the monoclinic phase
generally nucleates where oxygen defects are compensated by reoxidation

[225,260,261]

. Further

proof of such an effect has been recently reported for off-stoichiometric ZrO2–x nanofibres
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synthesized under a controlled reducing atmosphere. These nanofibres turn into highly
conductive black zirconia, along with crystallization of the tetragonal phase even after long
post-treatments at high temperatures (> 700 °C) in air [262].
In iron oxide, phase stabilization mechanisms occur via cation rearrangement in the
lattice as a consequence of redox conditions at the surface

[191]

where oxygen vacancies are

formed. Remarkably, at equilibrium, an oxygen vacancy concentration gradient between the
surface and the bulk occurs as an effect of the electronic structure of the reactive broken bonds,
primarily via the cations at the surface. Moreover, the various polymorphs in iron oxide present
two cation configurations, i.e., octahedral and tetrahedral interstitial sites, that can incorporate
slightly different amounts of cationic defects

[191,263]

. Even in this case, evidence shows that

cation diffusion plays a crucial role in metastable phase formation via structural readjustment
at the surface.
Other oxides with low-density polymorphism, such as CoO, MnO, and NiO with phase
transitions from rock-salt to spinel and corundum, exhibit similar cation redistributions at the
surface in reducing and oxidizing environments, so such reconstructions can also occur for
those materials [264].
In addition to environmental and kinetic factors, the most direct way to produce stable
defects in metal oxides is by substitutional doping. Introducing extrinsic defects is a common
way of tuning properties, where the defect concentration depends on the dopant
concentration [256]. Substitutional cations with different sizes and valences have the dual effect
of inducing local elastic distortion of the lattice and producing electronic defects in the lattice,
respectively. Because of this dual effect, cubic ZrO2 is stable at low temperatures, suppressing
the formation of the monoclinic and tetragonal phases in highly doped zirconia with several
aliovalent elements including Y, Sc, Ca, etc.

[256]

. Similarly, in Bi2O3, the use of an acceptor

dopant can stabilize the δ-phase at room temperature relative to the Gibbs α-phase [265]. For the
interplay between the extrinsic defects and free surface, there is no direct evidence that dopants
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can alter the energy of the surface towards metastability. Conversely, as the dopants act as phase
stabilizers, polymorphism is generally suppressed. Aliovalent dopants are generally different in
size from the hosting cation, and their diffusion can lead to vacancy association and other subtle
segregation effects, as in the case of the solute drag diffusion effect [266]. This is seen in highly
doped fluorite and in alkaline earth-doped perovskite structures. Some examples are
(La,Sr)MnO3, (La,Sr)FeO3 and (La,Sr)CoO3, where the large electro-steric mismatch between
the hosting La and Sr dopant generally leads to a destabilization of the perovskite phase along
with cation demixing at the surface (see also Figure 8, right hand side)

[267]

. In this kind of

transformation, defects and chemical environments play an important role, and as further
discussed in section 3.2, nanoconfinement becomes relevant [123,135,268–270].
For doped and ternary metal oxides, the free surface is generally the location of chemical
reactivity, where dopants and their related electronic defects find energetic convenience in
segregating at the surface and near-interface regions. This behaviour has a direct effect of tuning
the energetic content at the surface and directing polymorphic transformations towards different
energetic pathways. Clear evidence in TiO2 shows that while metastable anatase predominated
at the surface in undoped TiO2 nanopowders, Fe3+ doping can induce the formation of rutile at
the surface [271–273]. This effect is generally attributed to the lattice distortion and elastic energy
content, as Fe3+ has an active size of 0.55 Å, which is lower than that of Ti4+ (0.60 Å), thereby
shrinking the lattice and favouring the rutile phase. However, as acceptor dopant, Fe3+ can also
form extrinsic oxygen vacancies that, in reduced titania, tend to stabilize rutile. The amounts of
dopant and segregation effects play a central role in such transformations.
For polymorphism, dopants and extrinsic defects bring extreme consequences in the
case of high-entropy metal oxides

[274,275]

. These compounds are attracting growing scientific

interest driven by their enhanced and mostly unknown functional properties. Pure fluoritestructured entropy-stabilized oxides have been synthetized with compositions containing Ce,
Zr, Hf, Y, Yb, Gd and Ca oxides [275]. Considering their fluorite structure and the presence of
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oxygen vacancies (for balancing the charge of trivalent ions), these materials should be highly
unstable. However, since high-entropy oxides are composed of at least 5 different cations, the
different atomic radii of the cations induce additional distortion of the lattice, which is expected
to modify the cation arrangement in the vicinity of oxygen vacancies, with high complexity at
the interfaces. The cationic disorder in high-entropy oxides has the additional effect of
increasing the entropic term in the Gibbs free energy, with the consequence of lowering their
Gibbs’ free energy and stabilizing the material.

3.2 Metastability at solid-solid interfaces
In contrast to the free surface that readily relaxes and reacts, solid-solid interfaces in
defective metal oxides have a high degree of tunability, as they are less dependent on the
ambient conditions. This is especially true for epitaxial structures, where the lattices share the
different components and the interface is the boundary between coherent structures. In such a
configuration, structural features such as strain, defects and disorder gather at the near-interface
region in a relatively tuneable fashion. In this section, we explore the relation between these
features and metastability and introduce how this can be used to design material properties.

3.2.1 Lattice strain, defects and metastability
Several studies have shown that strain and defect engineering at the solid-solid interface
can tailor physical properties in functional materials [135]. For metal oxide materials that share
a coherent interface or are stacked in an epitaxial heterostructure, this concept has been applied
in a variety of compositions, generating new phenomena and devices

[10]

. Due to advances in

the thin-film deposition of epitaxial films, strain engineering has mainly been reported in the
planar structures of thin films and multilayers. Other studies also report strain in more complex
geometries such as nanowires, ribbons and core-shell structures

[276]

. In all these cases, the

lattice strain introduces elastic energy that is stored in the near-interface region of a few
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nanometers. Outside the near-interface region, structures generally relax and recover the
pristine lattice dimensions. Although the strain is expected to induce relaxation a few atomic
layers away from the interface, several examples reported in the literature suggest that epitaxial
films can maintain a relatively long-range strain in the lattice and that metastable states form at
the surface [247]. In the planar thin-film case, the degree of strain is gradually reduced with the
thickness and width of the films. The mismatch between the substrate and film regulates the
strain between the lattices at the interface that remains coherent for low values of strain,
generally below 4-5 % [11]. For larger mismatches, a large disorder is introduced in the lattice
at the near-interface regions (see Figure 7), e.g., by dislocation and grain boundaries. For
epitaxially grown thin films, disorder typically consists of vertically aligned grain boundaries,
dislocations and defect associations generated by plastic deformation of the lattice. When
disorder is introduced into the structures, the lattice becomes semi-coherent, and ordered
regions are generally relaxed

[11]

. On the other hand, at strained coherent interfaces, punctual

defects can be introduced at the near-interface regions, making an important contribution to
interface properties. However, to date, only a few studies have reported a direct relation
between strain and metastability in metal oxides

[127,225,277,278]

. In epitaxial vanadium dioxide

grown on Al2O3, strain induces polymorphism complex nanophase separation of VO2 for a nearinterface distance of typical below 40 nm

[279]

. As discussed in section 3.1.5, studies on TiO2

thin films, as well as on iron oxide and complex oxides, have highlighted the tunability of lattice
strain in TiO2 over a wide range of differently oriented perovskite substrates.
For polymorphic materials with high-energy transformations, the high elastic energy
content is often associated with disorder, for example, in a polycrystalline metal oxide with a
large number of grain boundaries, e.g., in zirconia ceramics, BaTiO3, and BiFeO3, where elastic
energy between grains can induce the coexistence of stable and metastable phases with rather
different formation energies

[280]

. For ZrO2, the common low-energy polymorphic

transformation from the tetragonal to the stable monoclinic phase at room temperature is
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sometimes accompanied by the presence of amorphous and cubic phases with large energy
variations [205,281]. In this scenario, the continuum elastic model has importance in the definition
of the different energies at the interface and can practically contribute to the energy competition
to promote one phase rather than another.
In a recent paper on dopant-free ZrO2 non-coherent thin films with highly defective
microstructures, we showed that a combination of oxygen defects and strain can lead to
unexpected polymorphisms

[225]

. Oxygen vacancy-stabilized zirconia (OVSZ) is obtained in

thin films chemically tuned during deposition at low oxygen partial pressure that can lead to
the formation of metastable cubic zirconia with a remarkable landscape of metastability both at
different temperature and for various oxygen partial pressures. Interestingly, the cubic
stabilization is dependent on the thickness of the films, where thin films below 50 nm are fully
cubic with high electrical properties and thicker films can nucleate a complex arrangement of
monoclinic and tetragonal phases. This critical thickness in OVSZ is related to strain imposed
by the substrate on the film, which, despite being polycrystalline, presents a homogeneous and
dense microstructure at the near-substrate interface (Figure 9).
Bismuth oxide probably has the most interesting effects related to phase-vacancy
interactions, as the disorder/disorder transitions that are associated with different oxygen
vacancy configurations control its high density of polymorphs with both high- and low-energy
transformations (see Figure 2). Several lines of experimental evidence show that the interface
can freeze metastable phases

[127,277,278]

. Interfaces that effectively freeze metastability both

through strain and the formation of highly defective phases are also reported. The highly
defective -phase, with disordered defects, seems to be favoured under both high- and lowstrain conditions. The defective -phase has the highest relevance because it possesses the
highest oxygen ionic conductivity reported thus far. However, the oxygen defect concentration
also plays a key role in the polymorphic transformation, and while the cubic defective -phase
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is expected in acceptor-doped materials, other phases occur in coherent crystals [265]. Even for
epitaxial thin films, the stabilizing effect of the dopant seems to be irrelevant, where the material
becomes coherent under chemical or electrochemical conditions that nominally should lead to
a measurable lattice strain

[282]

. Such effects appear rather unpredictable and are often

accompanied by large diffusive phenomena, including elemental microstructural rearrangement
and interdiffusion with other solids

[283,284]

. Moreover, bismuth diffusion is strictly dependent

on the oxygen partial pressure (pO2) in the environment and is prone to chemical reduction at
low pO2 that, via oxygen gas formation, can lead to bismuth in its metallic form. Metallic
bismuth has a low melting point and is highly volatile and reactive towards moisture

[285]

.

Despite such limitations, bismuth oxides represent an interesting example of a material that is
nanoengineered through solid-solid interfaces and a material where the metastability of the
desired -phase can be preserved under non-equilibrium thermodynamic conditions. This case
is further discussed in following section 3.2.3, where materials structured in the nanoscale with
other solids, between interfaces, show resistance against chemical degradation and phase
transformations.

3.2.3 Effects of nanoconfinement in composites and heterostructures
The concept of confining a defective metal oxide between interfaces in a coherent
fashion has long garnered widespread interest from the material science community [286]. The
subject is rather broad and includes the possibility to combine the properties of different
materials, to enhance the effect of the interface by multiplication of the interface in 2D
multilayers [287] or to expose unstable phases to reactive environments [288,289]. Concerning the
interplay between metastability and interfaces, the basic mechanisms of phase stability can be
analysed in coherent structures simply by extending the near interface region throughout the
whole materials. In such a configuration, the broken symmetry is at the interface and propagates
from one side to another in an extended range such that the lattice cannot relax. The repeating
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interfaces thus become a structural tool to keep strain and defects in the long range,
incorporating sufficient energy into the material to obtain metastable states. Figure 10
schematically represents this and other possible configurations and it summarizes some
experimental evidence for heterostructures. This includes the effect of lattice strain in
nanoconfined layers (top-right side), electrostatic interaction between materials at the interface
(centre-right side), and chemical barrier effects at the solid-solid interface (bottom-right side).
For the strain effect (top-right side in Figure 10), the use of multilayers with reduced
thickness can avoid relaxation at the near interface, thus inducing the stabilization of fully
strained phases at the repetition, as discussed in section 3.1.5.
For the electrostatic stabilization (centre-right side in Figure 10), one of the most
frequent effects at solid-solid interfaces for metal oxides is the formation of space charge
regions with charge depletion regions next to the interface, i.e., by the gathering of
electrostatically balanced defects at the interface [11]. On the other hand, the presence of defects
and different cations at the interface can both electrostatically and sterically affect the structured
phases, thus inducing at the interface a doping-like effect that, similar to the effect observed
from a dissolved punctual dopant (i.e., solute and/or substitutional dopants), can stabilize
metastable phases along the 2D interfaces. This is also what occurs in depleted regions or
blocking barriers and junctions, where the abrupt changes in chemical species concentration
produce local electrostatic fields and lattice polarization

[11]

. Through nanoconfinement, the

whole structure can be affected by forming and repeating in the multilayer a metastable phase
with a segment charge distribution that, as in the case of nanoionics [289,290], can lead to enhanced
electrical properties. In terms of just metastability, the only example discussed in the literature
so far is Bi2O3 nanoconfined in thin film multilayers with other fluorite materials

[277,278]

This

phenomenon happens especially in the case of undoped Bi2O3 within YSZ heterostructures [278].
These results show a wide range of existence for the -phase at high temperatures (750 °C) and
room temperature, with no changes in symmetry towards other polymorphs. Heterostructures
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within thin bismuth oxide layers especially show signs of electrostatic stabilization. Structural
data from in situ X-ray diffraction characterization indicate the persistence of the cubic
symmetry of the -phase versus the more stable Gibbs phase of α-Bi2O3 despite the large lattice
mismatch of (5.4 Å for the -phase vs. ca. 7.5 Å for the -phase)

[278]

. This result can be

explained either by strain effects on the confined 10-20 nm Bi2O3 layers or, for the thicker layer,
by interfacial polarization of the YSZ component over the pure bismuth oxides that can thus
result in stabilization in the -phase by the periodic repetition of the aliovalent elements.
Remarkably, the electrical properties of such systems also resemble those of the -phase with
an extraordinary synergy between the ionic properties of YSZ and the bismuth oxide component
[278]

. Such a result highlights that high-energy polymorphs can be induced over the ground state

via a solid-solid interface. Moreover, interface repetition in a multilayer may result in a practical
way to overcome lattice relaxation at the far-interface regions, allowing space charge regions
with desired spatial distribution and composition in the long range to be built.
For the chemical barrier effect (bottom-right side in Figure 10), the characterization
of the lattice parameters during the thermal evolution of the multilayer shows a rather persistent
arrangement of the Bi2O3 structure around the -phase lattice as a consequence of overall
matching of the bismuth oxide structure with the YSZ lattice. Interestingly, this symmetry is
also preserved at low oxygen partial pressure and at high temperatures, where high diffusivity
of bismuth is expected

[278]

. These features are also reported in the case of erbium-stabilized

bismuth oxide (ESB) nanoconfined in multilayered thin films with cerium oxides [277]. For ESB,
the chemical stability of the -phase extends to reducing conditions in the presence of H2/H2O
at high temperatures, i.e., above 650 °C

[277]

. This result is extraordinary for Bi2O3, not only

because fast reduction to the metallic form is expected in hydrogen but also because unusual
electrical properties along with high conductivity and mixed electronic and ionic properties are
reported for the nanostructure [277]. The role of the interface in the diffusive mechanisms in ESB
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and Gd-doped cerium oxide (CGO) heterostructures (ESB/CGO) is also confirmed by the fact
that the physical properties are modulated by both the reciprocal thickness and number of
interfaces. Further complexity is added to this case by the fact that cerium oxide undergoes
chemical expansion at low oxygen partial pressure and high temperatures [277]. Therefore, in the
multilayer of CGO, chemical strain of up to 1.5 % is directly imposed on the ESB component;
as the -phase shows a rather wide potential to endure strain and incorporate defects, a single
phase maintained when nanoconfined. On the other hand, thick ESB films in the CGO
multilayer undergo chemical reduction above ca. 50 nm, showing that mass diffusion is
suppressed only in the nanoconfined case. Therefore, as the thickness increases, diffusive
effects occur, and both microstructure and phase realignments can occur.
The presence of solid-solid interfaces is known to affect cation diffusion via the socalled chemical barrier effects, where the encapsulated materials can effectively reduce the
mass migration in diffusive oxides through a physical effect on the most diffusive species and
chemical confinement induced by insolubility [291,292]. This topic is indeed widely reported in
the literature for metal oxides, especially in cases where direct chemical intermixing between
functional layers and components has to be avoided [293]. With regard to metastability, however,
experimental evidence is rather inconsistent. The beneficial effect of nanoconfinement on
(La,Sr)CoO3 (LSC) has been recently reported in LSC-(Ce,Gd)O2 epitaxial heterostructures
[294]

. For LSC, there is a thermodynamic driving force to segregate CoO from the La2O3

components, especially when it chemically interacts with CO2 and water [267]. The degradation
of ABO3 perovskites to AO-BO can be suppressed in this case by nanoconfined
heterostructures. Interestingly, this effect occurs by preserving the symmetry, even under large
strain conditions where other phases are expected.

4. Pathways towards metastability: a perspective on the design criteria
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As highlighted in the previous sections, there are multiple ways to achieve metastability
in metal oxide interfaces. In this section, we discuss our vision for possible design criteria that,
starting from the discussed experimental cases of the metal oxide interfaces, can harmonize the
use of material simulations with advanced synthetic processes for an accelerates discovery of
pathways towards metastability.

4.1 Design by defects
For bulk metal oxides, the combination of defects and dopants is often the privileged
route for stabilizing metastable phases (e.g., Y, Ca, Sc, and Mg substitution or oxygen vacancies
to stabilize cubic zirconia). An example of stabilization through vacancies is shown in Figure
11 for Bi2O3. The -phase of Bi2O3, the Gibbs phase, is the ground state in absence of
defects/dopants and when no vacancies are present. DFT calculations show that increasing the
number of vacancies has the effect of stabilizing the -phase, as reported also experimentally
[127,277,278]

. Computer simulations have the potential to indicate how to dope a (bulk) material

to increase its thermodynamic stability and physical vapour deposition methods are then able
to finely control the assembly at the nanoscale, to introduce the desired concentration of
dopants/defects into the structures

[225]

. Although the computational cost is still rather high,

we are approaching a point where high-throughput defect calculations [68] and stabilization of
metastable phases through defects will become feasible. Modelling the low concentration limit
of defects, as often found in nanomaterials, is rather trivial. Conversely, the high concentration
situation can be quite challenging because some materials exhibit clustering of
defects/vacancies and others tend to maximize the distance between them and artificial
intelligence techniques might be used to address this issue [295].

4.2 Design by strain
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Several experimental cases show that strain becomes a key player in inducing
polymorphisms and metastability. Interfaces are the stress/strain conditions that are normally
exchanged and tuned from one material to another. To complete such design criteria, it is
necessary to predict how polymorphs change their energy as they are strained, also beyond their
bulk form as it have been recently done for SrTiO3 [296] and LaTiO2N

[297]

. Computationally,

this objective is achievable, but it is necessary to expand our current databases to include the
energetics of materials under different strain conditions and to combine them with some of the
tools mentioned in section 2. As an operative example, Figure 12 shows the energy with respect
to the ground state of the three most common polymorphs of titania. The energy of anatase at
large compressive or tensile strain (in the x-direction) is higher than that of unstrained brookite.
For low-energy transformations in highly dense polymorphs, the pathway is rather
clear, as strained Gibbs phases may be equivalent to or even more energetic than relaxed
metastable ones. This is shown in Figure 12, where strained anatase is energetically equivalent
and even more energetic than relaxed and strained brookite over a wide range of strains. On the
other hand, high-energy transformations seem not to be achievable by the mere effect of strain,
as the energetic values induced by the strained lattice remain low. In the extreme case, highly
strained configurations reach the breaking point of plastic deformation, bringing disorder and
extensive defect arrangements in most metal oxides (Figure 7).
Furthermore, the minimal experimental evidence reported so far suggests that the
concurrence of other effects together with the already discussed strain and defects, such as
broken symmetry and nanoconfinement, would have to occur to allow high-energy transitions.

4.3. Design by tailored elemental diffusion
Elemental diffusion is the way materials assemble structures and microstructures from
the atomic scale to the macroscale. Classical nucleation and growth theory remains the solid
basis to theoretically model nanomaterials, including mass diffusion-related phenomena and
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solid-solid phase transformations. These occurrences can be included in the predictions with
various degrees of accuracy. Moreover, the implementation of classical models via ab initio
methods can establish structures under different conditions and visualize nanomaterials in a
quantitative manner, generating nanoscale properties for different applications [298].
As discussed in section 3, elemental diffusion in metal oxides is mainly controlled by
cation mobility and defects in the lattice. Moreover, although some exceptions are possible [299],
surfaces and interfaces are the preferential paths to enhance cation mobility (see Figure 5).
Interfaces can thus be a tool to increase mass diffusion and push polymorphism towards full
metastability or towards the boundary of coexistence for both low- and high-energy
transformations.
Figure 13 shows cation self-diffusion at the lattice and the interface in relation to the
calculated free energy for Bi2O3, TiO2 and Al2O3, which possess high-density polymorphisms
and cover a wide range of diffusivity, from low cation diffusion (in Al2O3) to high mobility (in
Bi2O3). For a fixed thermal energy level (at 1000 K in Figure 13), we can distinguish two
regions:
(i)

the dominant lattice regime (dark blue), where the cation diffusion is large and
surface diffusion is minor, and

(ii)

the interface regime (light blue area), where the cation diffusion is sufficiently
small that it occurs at the interface only, not in the lattice.

Bi2O3 belongs to the region (i), where the highly diffusive and phase changes can freely occur
via the lattice configuration, and Al2O3, which is rather inert and no transformation is expected,
belongs to (ii). As an intermediate case, TiO2 can have phase transformations ruled by lattice
diffusion and others, where the transformation is expected to occur only at the interface.
Notably, both cation and interface self-diffusion depend on many factors, including
structure (polymorphism), pressure, and other external conditions. To avoid this, another way
to represent the diffusive effect can be to refer to the sole energetics factors including the
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energetic barrier to cation diffusion rather than the diffusion coefficient at fixed temperatures.
In addition, the definition of the two areas is purely based on experimental experience rather
than on an analytical expression.
The key role of computational tools here lies in the determination of the diffusion
coefficients for polymorphic structures, at the lattices

[300,301]

and interfaces levels. Such an

approach requires a protocol to investigate surfaces, defects and vacancies in an autonomous
way as well as a precise prediction of the “true” polymorphs and the elaboration of reliable
energy and diffusive landscapes that consistently could represent the actual solid-state
chemistry of materials and interfaces. Moreover, since several energetic factors interact
simultaneously, e.g., cation diffusion is affected by defects, dopants, etc., it is necessary to
define suitable boundary conditions to incorporate the dominant effects that are expected at the
interface and, at the same time, to keep a reasonable computational cost. Experimentally, fine
synthetic methods that can provide control over small changes during the synthesis also require
effective characterization tools, e.g., in situ techniques, to obtain a full understanding of the
metastability kinetics.
These considerations are mostly valid for single metal oxide materials. The situation is
much more complex for other systems, such as LiMO2 and other materials commonly used as
intercalation electrodes in batteries, in which the diffusivity of Li strongly depends on the
crystal structure

[302]

. For these cases, different values for the diffusion of cations, which are

now dependent on both structure and composition, should be plotted on the y-axis of Figure 13.
For heteromaterial interfaces, fast diffusion through the interface, from a material to another,
can lead to instability of the pristine compounds with formation of additional phases and
interfaces. The resulting compounds from the elemental intermixing at the interface have
generally a separate thermodynamic field of stability that can be treated individually.[283,284,293]
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Further energetic effect from lattice strain can also be introduced in the analysis as, notoriously,
strain can directly influence mass diffusion coefficients and diffusive pathways at the
interface.[303]

5. Conclusive Remarks
Metastability in metal oxides finds a preferential field of existence at interfaces and at
the nanoscale, bringing unexpected functionalities and novel technological solutions.
The intricate interplay between different energetic factors, such as nanoscale effects,
presence of defects, lattice strain and elemental diffusion, leads to phase transformations and
polymorphisms. A controlled design of metastable phases is thus challenging to achieve.
For the definition of general criteria and methods to establish metastability at the
interface, a clear map of possible energy landscapes is strictly necessary. Useful tools have been
proposed based on a synergy of materials modelling, from quantum mechanical to classical
models, and experimental results. To achieve a complete design and control of metastability, it
is necessary to establish, at the experimental level, fabrication and characterization protocols
for highly quality nanostructures, allowing fine control of the material assembly, defect
chemistry and microstructural and compositional homogeneity at the nanoscale level. At the
computational level, the use of artificial intelligence and advanced models, able to discern small
energy differences and metastability pathways, as well as extended databases, which include
surfaces and non-equilibrium conditions, are expected to complete the picture and accelerate
the stabilization of metastable configurations.

6. Computational Methods
The calculations included in Figure 12 were performed using the ASE and GPAW codes
[304–306]

and PBEsol

[307]

as the exchange-correlation functional to fully relax the investigated

structures. Because of the small energy differences involved, the calculations for Figure 13 have
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been performed using VASP

[308]

and SCAN as the exchange-correlation functional

[48]

. The

input structures were obtained from the Materials Project database[309], and they were fully
relaxed until the forces were under 10 meV/Å while keeping the lattice parameter along the xdirection constant. A k-point density of 3 kpoints/Å was used. The data used for Figure 2 and
Figure 11 were obtained directly from the Materials Project database. Crystal structures were
plotted using the VESTA3 package [310].
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Figure 1. Schematic representation of possible paths towards metastability in interface-based
materials; Additional interface energy contributions, e.g., introduced by defects, dopants and
lattice strain, can deviate the formation of Gibbs’ phase from α to β by trapping an already
existing metastable α-phase, rather other possible phases (figure adapted from Sun et al. [15]).
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Figure 2. Polymorphic structures of common binary oxides. The energy difference compared
to the ground state structure is visible on the y-axis and the band gaps are indicated by the color
bar. Names of existing polymorphs are listed. A soft and hard limit for the synthesizability of
polymorphic structures is drawn with green (70 meV/atom) and red (200 meV/atom) lines [15].
Data obtained from the Materials Project database [34], calculated at the DFT-GGA+U level [309].
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Figure 3. Example of coexistence of stable and metastable phases in TiO2, leading to p-n
junction suitable for photoelectric applications.

Figure 4. Examples of critical size and of coexistence in nanomaterials: two cases illustrated
show either a phase change at the critical size (red to green crystals) of a coexistence of the
phases with nucleation of the different phases at the surface and the core of the crystals.
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Figure 5. Schematic representation of thermal diffusivity mechanisms in metal oxides for
lattice, solid-solid interface and free surface of particles.
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Figure 6. Energetic competition in forming -Fe2O3 between phases in iron oxides for both
anhydrous (solid lines) and hydrated surfaces (dashed line) expressed as a function of the
specific surface area at the nanosize (figure adapted from reported by Navrotsky et al. [151]).

Figure 7. Schematic representation of strain effects on interface and free interface the case of
coherent and semi-coherent lattices.
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Figure 8. Schematic representation of the typical features registered at metal oxide surface are
oxygen vacancies by oxygen gas desorption, strained lattice, dopant, electronic defects and
impurities segregation.

Figure 9. schematic representation of the combined effect of strain, defects and disorder in
oxygen vacancy stabilized zirconia OVS ZrO2 deposited on silicon and other substrates as
reported in Ref. [225].
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Figure 10. Schematically resume the effects observed in multilayer heterostructures for
defective metal oxides in nanoconfined coherent epitaxial thin films.
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Figure 11. Energy difference between the - and -phase (E) of Bi2O3 as a function of the
number oxygen vacancies calculated in a 2x2x1 supercell. The -phase becomes the
energetically most favourable phase at high vacancy concentrations.

Figure 12. Energy above the ground state (GS) for titania anatase, brookite, and rutile under
strain in the x-direction. The band gap is indicated by the color bar.
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Figure 13. The cation diffusion (y-axis, data from Refs. [217,311]) plays an important role in the
coexistence of polymorphs, whose energy above the ground state is plotted in the x-axis (data
from the Materials Project

[34]

). The green area indicates the region where cation diffusion in

the lattice would be able to drive a change in the ground state prototype. Since the cation
diffusion on the surface is larger than in the lattice, it is possible to extend the area where cation
diffusion is the driving force for transition in the ground state (light blue area).
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Evidence of metastability in nanomaterials and heterostructures of polymorphic metal
oxides that are confined by interfaces is disclosed. Developing a new generation of
nanoengineered phases, frozen in metastable states, can advance us towards new scenarios in
the field of condensed matter physics while impacting technology through enhanced or even
novel functionalities in advanced materials.
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